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A B S T R A C T

This review presents a comprehensive overview of the scientific revolution enabled by recent emergence of structurally stabilized NC materials. It 
captures major breakthroughs in achieving nanoscale stability through thermodynamic and kinetic pathways, and critically examines the funda
mental mechanisms underpinning the stabilization, including GB segregation, solute drag, Zener pinning, and nanocluster formation. It describes 
how stabilization of NC materials can enable unprecedented access to their intrinsic mechanical and physical behaviors, revealing phenomena 
previously inaccessible due to the microstructural evolution during testing. Examples include superlative strength-ductility synergy, infinite fatigue 
endurance limits, creep resistance rivaling single crystals, radiation damage tolerance, and evidence of defect-mediated self-healing. The review also 
explores how stabilized NC materials challenge long-held assumptions about the mechanisms of deformation, recrystallization, and phase trans
formations. It further examines how stabilized NC alloys have revolutionized our theoretical understanding of these mechanisms and created new 
avenues for their fabrication as well as industrial applications. While significant challenges remain with scalable fabrication processes and stan
dardization, we outline new design principles, manufacturing pathways, and strategic directions for future exploration and application frontiers that 
are poised to overcome long-standing limitations making structurally stabilized NC materials as a transformative class of structural materials for 
extreme environments and advanced technologies.
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1. Introduction

The mechanical behavior of nanocrystalline (NC) metals and alloys has been investigated intensely for over four decades [1–85]. 
However, much remains to be understood with respect to their deformation and failure mechanisms. All previous review articles have 
discussed the behavior of NC materials that did not necessarily have stable microstructures during the tests.

Extensive grain growth in NC materials, driven by moderate temperatures and applied stresses, can obscure the true mechanical 
response by coarsening the microstructure [17,33,86]. This issue becomes especially significant under extreme conditions, where the 
already unstable microstructure can completely reorganize due to strong driving forces, such as high temperature or high stress. Grain 
boundary (GB) instability plays a crucial role, as the energy stored in GBs can lead to grain growth, GB migration, or even phase 
transformations, further complicating the mechanical behavior of the material. The instability of GBs may also result in phenomena 
such as GB sliding or the formation of defects, which destabilize the microstructure and promote alternate forms of deformation. 
Decoupling the effects of microstructure instability from the nanoscale mechanical behavior remains a highly challenging task. This 
inability to separate the two processes has led to a pessimistic view of the performance of NC materials, particularly for structural load- 
bearing applications. While NC materials are known for their enhanced strength due to the fine-grained structure, the instability of GBs 
and the rapid coarsening of grains under stress or elevated temperatures can significantly degrade their mechanical properties, 
including strength, ductility, and fracture toughness.

The ability to stabilize nanostructures has only emerged in recent years. This critical achievement has opened new frontiers in 
fundamental research and new opportunities for overcoming the barriers to realizing the extraordinary mechanical and physical 
properties of NC materials. The ability to stabilize nanostructures has been incredibly impactful for understanding and designing new 
materials operating under extreme and far-from-equilibrium conditions.

The breakthrough in stabilizing nanostructures came after the publication of the seminal review paper by Meyers et al. [33]. At that 
time, significant stabilization of nanostructures did not seem achievable. Since then, great advances have been made in developing 
experimental and computational capabilities to understand the new class of stabilized NC materials. Many existing challenges in the 
processing and consolidation of such materials have been overcome, opening the door for synthesizing significantly stabilized NC 
metals and alloys in bulk forms. Investigations of the physical and mechanical properties of such materials have changed our un
derstanding of the deformation and fracture mechanisms at the nanoscale. New mechanisms have been uncovered, some of which were 
predicted theoretically or by simulations but never observed in experiments. These developments have reinvigorated the field [87,88] 
and opened new horizons for designing NC materials with previously unimagined properties. The time is ripe for a critical review of the 
recent progress in this field and outlining promising directions for future research.

This paper aims to review the emergence, the current status, and an outlook for the future of the new class of thermo-mechanically 
stable NC materials. We will present recent results related to the synthesis and processing of NC materials, grain size evolution and 
stability, and GB processes, as well as their effects on physical and mechanical behaviors. A broad range of properties of stable NC 
materials will be discussed, including plastic deformation, fracture, creep resistance, fatigue, and shock compression, and their 
response to intense irradiation. It will be shown that NC materials exhibit multi-physics behaviors, often combining seemingly 
mutually exclusive properties. The impact of the microstructure stabilization on overcoming the perceived limitations of the tradi
tional NC materials will be reviewed in detail. Examples of the drastically improved properties will include nano-grain stability near the 
melting point, exceptional steady-state creep resistance, ability to evade the strength-ductility trade-off, infinite fatigue endurance limit, single- 
crystal-like strength properties, and the capability to absorb defects generated by various thermal, nuclear, and mechanical energy fluxes. 
We will examine the capacity of stabilized NC materials to undergo recrystallization and microstructure rejuvenation under intense 
stimuli and novel mechanisms of their mechanical and physical behavior under extreme conditions. In many cases, overlaps between 
seemingly unrelated research areas are discovered, such as the response to intense irradiation, creep, fatigue, and shock compression.

The recent work on computer modeling and simulations will be reviewed, especially the efforts to understand the fundamentals of 
nano-grain stabilization and re-examine the dominant deformation mechanisms. While the previous review [33] was focused on 
mechanical properties, the present review broadens the scope by including a spectrum of physical properties and many aspects sur
rounding the problem of stabilization of NC materials. Much attention is devoted to discussing the nature and physical mechanisms of 
the microstructural stability at the nanoscale. While earlier research often focused on retaining the nanoscale grain size, recent work 
has demonstrated that structures associated with the grain-boundary region also play an essential role in stabilizing the material and 
leading to extraordinary mechanical and physical behaviors [67]. Hence, the present review extends the discussion into inter-granular 
microstructures, and to a lesser extent, intra-granular features.

This paper primarily focuses on metallic NC materials, although the concepts reviewed here are equally relevant to the nanoscale 
stabilization and mechanical behavior of ceramics. The term “nano” refers to the grain size, not the sample dimensions. The review 
does not consider low-dimensional systems such as epitaxial thin films, 2D materials, nanowires, and single-crystalline nanoparticles. 
Although we occasionally use terms such as “nanomaterials” and “nanostructures,” our focus is on the crystalline matter.

To better understand and appreciate the recent developments and provide an outlook for the future, we examine the historical 
context leading to the present state of the field. Hence, this paper reviews the timeline of the development of the basic concepts, 
models, and simulation approaches related to microstructure stabilization in general, as well as the experimental efforts to create 
stable nanomaterials and the investigation of their mechanical responses. References [1–85] highlight some of the earlier review 
articles and original publications that were critical for the progress in synthesizing stable NC materials and understanding their 
properties. Although we do not claim that this list of citations included is exhaustive, it represents a set of milestones, putting the 
previous work in a historical perspective. Many of these publications will be discussed in more detail below.
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2. Stabilization of nanocrystalline materials: From past to present

2.1. Importance of microstructure stabilization

When the average grain size in materials falls well below ~ 100 nm, the volume fraction of defect cores becomes comparable to that 
of the crystal lattice. The NC material thus obtained can exhibit properties significantly different from those of coarse-grained ma
terials, opening a new field of fundamental discoveries and the design of new materials with unprecedented properties. This vision was 
first put forward by Gleiter in 1981 and became a reality when the first NC metals were produced by inert gas condensation (IGC) 
[1,89].

The IGC method operates in a vacuum chamber backfilled with low-pressure inert gas [89,90]. The chosen material is evaporated 
using one of several methods, such as thermal evaporation, laser evaporation, sputtering, electric arc discharge, or plasma heating. 
After evaporation, the gas is rapidly condensed on a cold finger. The condensate is scraped off the finger, and the recovered powder is 
compacted under ultra-high vacuum to maintain surface cleanliness. Due to the non-equilibrium nature of this synthesis, it produces a 
narrow size distribution of equiaxed crystallites measuring a few nanometers in size. The mean and width of the grain size distribution 
can be influenced by factors such as the inert gas pressure and temperature, evaporation rate, and gas composition. Despite the ability 
to produce very small grain sizes, the method has its drawbacks, including slow processing rates, incompatibility with certain source 
precursors, and uneven evaporation rates for alloys. These drawbacks, coupled with the limited availability of the required equipment, 
have hindered the widespread adoption of this method. In the late 1980’s and early 1990’s, more readily available alternative 
techniques gained popularity, including physical vapor deposition (PVD) and chemical synthesis via colloidal, sol–gel, and precipi
tation techniques, alongside chemical vapor deposition (CVD) and chemical vapor condensation methods [4]. Ultimately, these 
techniques faced similar challenges as IGC, including slow deposition rates, the need for expensive equipment, problems with 
maintaining chemical purity, varying evaporation rates, and difficulties in synthesizing complex compounds.

Mechanical ball-milling methods, including high-energy mechanical alloying, were also employed [10,16]. Mechanical attrition 
achieves a nanoscale grain size not by cluster assembly but through structural decomposition of the solutions produced by severe 
plastic deformation (SPD). Unlike deposition techniques, mechanical alloying is a robust and versatile synthesis method utilizing 
affordable and commercially accessible equipment. Its roots can be traced back to the mid-1960’s and 1970’s when efforts were made 
to overcome the limitations of melt processing [7,16], to effectively fabricate alloys with extended solubility limits, and incorporate 
highly reactive elements such as Zr, Ti, and Al. Mechanical alloying was also instrumental in commercially developing Ni-based oxide 
dispersion-strengthened (ODS) alloys. In the 1980 s, mechanical alloying found utility in producing the first amorphous (glassy) 
metallic materials and blended elemental powder mixtures, ordered compounds, and quasi-crystalline phases [9]. Mechanical milling 
was thus applied to refine grain sizes in elemental materials and synthesize NC solid solutions, nano-structured composites, and 
amorphous and ordered/disordered phases. The increased availability of the diverse types of NC materials enabled by these techniques 
led to the proliferation of experimental studies and a rapid upturn in the number of publications on nanomaterials [7].

Another synthesis technique, electro-deposition, emerged in the early to mid-2000 s [91] and offered significant advantages over 
the powder processing approaches, including the production of fully consolidated materials in an adequate volume and within a 
reasonable timeframe [92]. The availability of electro-deposited materials facilitated hardness and other micro-mechanical property 
measurements. This process, along with later techniques such as high-pressure torsion (HPT), equal-channel angular pressing (ECAP), 
and accumulative roll bonding (ARB), became prominent in producing bulk NC materials with significantly reduced grain sizes 
[25,34,44,93,94]. Collectively, the availability of bulk NC samples enabled more comprehensive microstructural analysis, revealing 
intricate structures and sub-features formed during synthesis and providing insights into their correlations with mechanical properties.

This emergence of NC metals sparked fundamental scientific inquiry to determine whether their properties entail novel physics or 
merely follow the anticipated extrapolation of the grain-size dependence to significantly smaller dimensions [11]. Despite the 
increased availability of NC samples, answering this question was challenging because most synthesis techniques did not yield bulk 
materials of adequate quality. For example, NC powders synthesized by mechanical alloying require an additional step to fully densify 
the material and produce well-bonded volumes of high-quality NC materials suitable for precise testing and measurements [95]. The 
inherent instability of nano-grained structures prevented successful consolidation efforts and, thus, detailed studies of the micro
structures and their mechanical properties. The experimental techniques were limited to characterization by basic TEM and X-ray 
diffraction (XRD), and hardness measurements. The unsuccessful attempts to densify the NC powders/particulates by high- 
temperature powder metallurgy methods only confirmed the severity of the thermal instability problem in nanostructures.

The collective data suggests that the onset of grain growth in NC metals scales with their melting point. Lower melting point metals 
such as Sn, Pb, Al, Zn, and Mg exhibit extensive grain growth already at room temperature [3,89,96]. Higher melting point metals, 
such as Cu, Ag, and Pd, are characterized by slower grain growth. However, the latter can still occur even at room temperature, 
depending on the chemical purity [96]. In some transition metals, such as Ni, Fe, and Co, the grain growth starts between 350 and 450 
◦C [92,97–99]. In refractory elements, such as W, Mo, and Ta, the grain growth starts closer to 1000 ◦C [7]. Generally, most nominally 
pure NC metals exhibit extensive grain growth, pushing the average grain size past 100 nm at temperatures less than or close to 0.5 
times the melting temperature [45,60]. This severe structural instability hindered the progress in fundamental understanding of the 
nanoscale effects and the prospects of technological applications [66,100]. The need to overcome the grain instability curse became a 
critically important scientific and practical problem [61].
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2.2. Why are nanocrystalline materials unstable?

The grain size instability in NC materials is a fundamental phenomenon. Grain boundaries (GBs) carry excess free energy relative to 
the single-crystalline state. Grain growth in a polycrystalline material is driven by capillary forces acting to reduce the total GB free 
energy. The specific GB area (per unit volume) in an NC material is very large, as is the associated excess free energy. As a result, the 
capillary forces driving the grain growth are exceedingly high, often up to several hundred MPa. In a chemically pure metal, these 
forces easily overcome the friction experienced by moving GBs, making grain coarsening virtually unstoppable.

In the linear-response approximation, the local GB velocity v behaves as [101] 

v = Mγκ, (1) 

where M is the GB mobility coefficient, γ is the GB free energy (per unit area), and κ is the mean GB curvature. GB curvature is roughly 
inversely proportional to the mean GB size D, i.e., κ ∝ 1/D. As a result, the small grain size causes fast GB migration and, thus, rapid 
grain growth. Equation (1) predicts that, as long as γ > 0, GBs always move, even though their motion at low temperatures can be 
relatively slow. Any polycrystalline metal is, thus, thermodynamically unstable. All applications of thermodynamics to polycrystalline 
materials implicitly rely on the assumption of constrained equilibrium.

Several approaches have been proposed for suppressing, or at least reducing, grain growth. The most effective strategy is to alloy 
metals with suitably chosen solutes. Equation (1) suggests two ways to slow down the GB motion: by lowering the GB free energy (γ) or 
decreasing GB mobility (M). These two strategies are called the thermodynamic and kinetic stabilization mechanisms, respectively. 
Different research groups have pursued one of the two directions. Due to the fundamental importance of this subject, the thermody
namic and kinetic approaches are discussed below in more detail.

2.3. Thermodynamic stabilization

The thermodynamic stabilization approach aims to suppress the grain growth by alloying with a solute or several solutes, that 
segregate to the GBs and reduce the GB free energy (γ) and, thus, the capillary driving force. The inverse relation between solute 
segregation and the interface free energy γ was predicted by Gibbs in the 19th century [102]. According to Gibbs’ interface adsorption 
equation, the increase in the amount of solute segregated at the interface is proportional to the resulting decrease in the interface free 
energy. Thermodynamically, it is this reduction in the interface free energy that drives solute segregation. Gibbs’ work focused on 
interfaces between fluid phases; the existence of solid solutions was unknown at that time. Later, Gibbs’ interface thermodynamics was 
extended to solid–solid interfaces, including the effects of applied mechanical stresses on γ [103–107]. It was realized that a solid–solid 
interface possesses two properties characterizing its tension: the interface free energy γ and interface stress τ, which are different 
quantities both conceptually and numerically [103–107]. (This distinction was already recognized by Gibbs [102].) Different inter
facial processes in materials are controlled by either γ or τ, although some depend on both. According to Equation (1), the GB velocity is 
controlled by γ (not τ). It is worth noting that γ should not be confused with the GB cohesive energy, which is defined as the work of 
interface separation under given external conditions (fixed chemical composition or fixed chemical potentials of the components) 
[108–110].

Tremendous progress in interface thermodynamics has been achieved in the post-Gibbsian era. However, the main conclusion 
remains unchanged, i.e., solute segregation lowers the interface free energy and increases the interface stability. Accordingly, much 
research has been devoted to analyzing the physical mechanisms of GB segregation and searching for solutes exhibiting the strongest 
GB segregation. Several factors controlling the GB segregation have been investigated, including the solute–solvent atomic size 
mismatch, the chemical bond difference between the components, and the electronic and vibrational contributions. Extensive 
experimental measurements of GB segregation in many materials have been conducted [111–113] and practically useful correlations 
were discovered that could guide the search for stabilizing solutes.

For example, the segregation factor (the ratio of GB and lattice concentrations of the solute) is found to be inversely proportional to 
the solubility limit of the solute on the system’s phase diagram [111,113]. The term “segregation engineering” was coined to describe 
the design approach in which the desired material’s properties are achieved through GB segregation control [58]. A series of influential 
papers has been published examining the trends in GB segregation energy and harmonic vibrational entropy across many binary 
systems modeled with classical interatomic potentials [114–119]. It has been shown that the segregation energy exhibits significant 
site-to-site variations within the GB region and between crystallographically different GBs. These findings challenge the traditional 
characterization of GB segregation in polycrystals by a single “effective” segregation energy. Instead, a spectrum of segregation en
ergies must be considered for a more reliable prediction of the segregation propensity and a more accurate calculation of the solute 
concentrations in GBs. Calculations of GB segregation spectra in polycrystalline alloys are computationally expensive but can be 
accelerated by machine learning methods [120].

On the theory side, Weissmuller published a thermodynamic treatment of GB segregation in NC materials with varying grain sizes 
[5,6]. A remarkable result of his work was the prediction of the existence of a finite grain size minimizing the total free energy of the NC 
material. At this grain size, the driving force for grain coarsening vanishes, and the material becomes stable against grain growth. The 
analysis in [5,6] was based on several approximations, including the assumptions of a dilute solution in the grains, solute saturation in 
GBs, and complete relaxation of the mixing energy in GBs. Later, Kirchheim [121–123], Krill et al. [124], and Shvindlerman and 
Gottstein [125] investigated the thermodynamics of grain stabilization in greater detail and arrived at similar conclusions. Their 
analysis also relied on many assumptions and approximations. Nevertheless, the theoretical possibility of fully stabilizing a NC 
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material by alloying was confirmed both in their work and many subsequent calculations based on more accurate models 
[40,45,47,53,63,84,126,127,127–133]; see examples in Fig. 1. In particular, the dilute solution approximation was replaced with the 
regular solution model and the segregation energy included both the chemical bonding effect and atomic size mismatch 
[131,134,135].

To facilitate alloy design based on thermodynamic stabilization, grain stability maps were constructed using the regular solution 
model for binary systems [47,53,126–129]. Such maps are typically presented with the GB segregation enthalpy plotted along the 
ordinate versus the mixing enthalpy in the bulk solid solution along the abscissa (Fig. 2). Different domains on the map represent alloys 
predicted to be stable or unstable with respect to grain coarsening or bulk phase separation (precipitation). The construction of the 
map usually assumes that the mixing enthalpy is positive, corresponding to alloys with a miscibility gap on the bulk phase diagram. 
Other critical factors, such as the chemical composition and temperature, are not reflected on the map.

Several modeling and simulation methods were developed to study GB segregation and its impact on NC stability. They included 
formal thermodynamic analysis [121–125,130], phase-field simulations [137–141], discrete atomistic simulations using the Monte 
Carlo method [47,128,142,143], molecular statics and dynamics [144–152], and first-principles density-functional theory (DFT) 
calculations [153–156]. In recent years, DFT calculations have been boosted by machine-learning methods. Some of the modeling 
approaches are in Refs. [61,83,84,134,157].

Perhaps the most direct demonstration of grain size stabilization comes from Monte Carlo simulations [47,128,143]. This method 
represents the atomic interactions by nearest-neighbor bonds on a rigid lattice [158,159]. No local structural relaxations or atomic 
vibrations are considered. However, all configurational effects are captured exactly without assuming a dilute, perfect, regular, or any 
other solution model. The average solute concentration in the alloy and the temperature can be varied as control parameters. No 
thermodynamic model is used: the Monte Carlo process automatically drives the polycrystal toward thermodynamic equilibrium under 
imposed boundary conditions/constraints. An example is shown in Fig. 3 [128]. In the elemental system, the grain size expectedly 
increases during the Monte Carlo simulation process (Fig. 3(a)-(c)). In the presence of solute atoms and under certain choices of the 
pair interaction energies, the system arrives at equilibrium with a finite grain size (Fig. 3(d)-(f)). It should be emphasized, however, that 
this prediction still relies on the approximation of pairwise atomic interactions and several other simplifying assumptions. The NC 
stabilization with a finite grain size was only observed for certain combinations of the interaction parameters. Whether such com
binations can be realized in practice remains an open question.

There are at least three challenges in the computational search for stabilizing solutes. First, GB segregation thermodynamically 
competes with bulk phase transformations. Instead of forming a strong GB segregation that could potentially stabilize the single-phase 
NC state, the solute may prefer to precipitate as a second phase. Some of the grain stability diagrams mentioned above 
[47,53,126–129] attempt to include the second phase formation simplistically. A practically useful stability diagram should be based 
on an accurate thermodynamic description of the bulk phases appearing on the system’s phase diagram, as well as possible metastable 
phases. The accurate bulk phase thermodynamics must be computed within the same statistical and atomic-interaction model as the 
GB segregation, which is a daunting task.

The second challenge is that the segregation models assume that the solute forms a uniform GB layer. To ensure strong segregation, 
preference is given to solutes that form a wide miscibility gap on the phase diagram. However, such solutes tend to form a strong short- 

Fig. 1. Computational prediction of thermodynamically stabilized NC alloys. The plots show the free energy as a function of grain size obtained by 
(a) numerical calculation within the regular solution model [47], and (b) Monte Carlo simulations of 1 at.% solute alloy [136]. The minimum on the 
curves corresponds to the equilibrium grain size. In (a), the dotted lines show non-equilibrium curves converging to the equilibrium state (red curve) 
as solute concentration in GBs increases. In (b), the free energy curves calculated at several temperatures demonstrate that the NC alloy becomes 
stable below 800 K. (For interpretation of the references to color in this Fig. legend, the reader is referred to the web version of this article.)
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range order, leading to a highly non-uniform distribution in GBs. Instead of a uniform layer, the solute atoms often form islands or 
clusters decorating the GBs. For example, this behavior was observed in the recent atomistic simulations of Pb in Al GBs [148–150]. 
The clustering is especially pronounced in GBs with strongly inhomogeneous and/or anisotropic structures, as illustrated by the 
example of Mg segregation at low-angle Al GBs [152] (Fig. 4). Alternatively, when solute segregation is close to saturation, the 
segregated layer can have significant holes/gaps (Fig. 4(c,d)) [160]. Compositional fluctuations and solute patterning in GBs have been 
observed by atom probe tomography [161–163]. The existing segregation models do not capture such heterogeneous forms of GB 
segregation. In addition to reducing the GB free energy, the clusters and other heterogeneous features can pin the GBs and stabilize the 
grain size through the kinetic mechanism discussed next. Moreover, GB segregation is sensitive to GB crystallography and GB structure. 
As such, it can vary widely in a polycrystal, from one GB to the next [160] (Fig. 4(a)).

The third issue is related to the global character of all previous calculations/simulations of the NC stability. In the numerical 
calculations [5,6,47], the total free energy of the system is expressed as a function of the GB site fraction f (assumed to be proportional 
to the average grain size D) within the regular solution model for the lattice and GB sites. The total free energy is then minimized with 
respect to f under the constraints of GB/lattice equilibrium and a fixed total amount of the solute (closed system). If a minimum occurs 
at a finite f , then it is said to represent a stable NC state. This reasoning tacitly assumes that a slight variation in size of one grain causes 
immediate redistribution of the solute atoms across the entire system to create a new GB/lattice equilibrium with slightly different GB 
and grain concentrations. The Monte Carlo simulations [47,128] are similarly global: the solute and solvent atoms are randomly 
exchanged across the entire system, ensuring fast global re-equilibration after each fluctuation in the number of GB sites. This “spooky 
action at a distance” (Einstein’s “spukhafte Fernwirkung”) is incompatible with the finite rate of solute diffusion.

Every polycrystal has a grain size distribution. By Equation (1), every GB is driven by a different capillary force in a different 
direction, depending on the local curvature and constraints from adjacent boundaries. The GB displacements are accompanied by local 
changes in the GB area and thus absorption or rejection of some amount of the solute segregated at the GBs. This, in turn, causes a 
diffusion-controlled redistribution of the solute atoms. The GB displacements and the solute diffusion are local processes that do not 
have to follow the global closed-system constraint. It remains unclear whether the predicted total free energy minimum with respect to 
the average grain size represents a structure stable against perturbations in the grain size distribution. Answering this question would 
be a good topic for further research.

Due to the abovementioned complexities, the grain stability maps based on the thermodynamic criteria can only be considered a 
useful general guide and should not be taken literally.

2.4. Kinetic stabilization

We next discuss the kinetic mechanism of nanostructure stabilization. In this case, the grain growth is suppressed by reducing the 

Fig. 2. Examples of NC stability maps. (a) Stability map for several tungsten-based alloys at 1100 ◦C calculated within the regular solution 
approximation. The red and green regions represent alloys in which the NC state is less stable and more stable than the single-crystalline solid 
solution [53]. (b) Phase diagram of a stable NC alloy obtained by Monte Carlo simulations [132]. The solid black and dashed blue lines represent the 
stable NC and single-crystalline solvus curves, respectively. The NC state with solute segregation is stable below the NC solvus line and unstable 
above it. The single-crystalline solvus appears on the traditional phase diagram assuming single-crystalline phases. The star symbol marks a 4 at.% 
solute alloy in which the grains of the stable NC alloy contain about 2.4 at.% of the solute. (For interpretation of the references to color in this Fig. 
legend, the reader is referred to the web version of this article.)
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GB mobility, which can be achieved due to the solute drag effects [137,141,164–176] or by Zener pinning of GBs by small second- 
phase particles [137,177–185]. Both approaches have deep roots in classical metallurgy and have been extensively studied for de
cades as fundamental phenomena and alloy design strategies for applications requiring stable microstructures. Nevertheless, some 
aspects remain the subject of current research.

Solute drag arises due to GB segregation, which is also required for the previously discussed thermodynamic mechanism of 
nanostructure stabilization. A moving GB must drag the segregation atmosphere with it, which is a diffusion-controlled (and thus slow) 
process. A larger driving force is required to move a segregated GB than the same GB in a pure metal or in a uniform solution. Analytical 
models of the solute drag process developed by Cahn [164] and Lücke et al. [186] predict a highly nonlinear relation between the GB 
velocity v and the drag force F. At a critical velocity v*, the drag force reaches a maximum separating two kinetic regimes. At low 
velocities (v < v*), the GB drags the segregation atmosphere. In the high-velocity regime (v > v*), the GB breaks away from the initial 
atmosphere and forms a lighter atmosphere that poses less resistance to its motion. The maximum in F sets the upper limit F* of the 
drag force opposing the capillary force. Once the capillary force overcomes the maximum drag force F*, GB motion continues with less 
resistance, resulting in rapid grain growth. In most cases, the maximum drag force diminishes with increasing temperature. The 
maximum of the function F(v) predicted by classical models [164,186] has been confirmed by several theoretical and simulation 
methods, as shown in Fig. 5.

Existing analytical and numerical models of solute drag [141,164–166,168–171,173–176,186] have limitations similar to those of 
the thermodynamic stabilization models. Most solute drag models consider a single planar GB with a uniform segregation atmosphere. 
As mentioned above, GB segregation can be highly non-uniform. In a polycrystalline sample, the segregation can vary widely from one 
GB to the next according to crystallographic parameters and curvature. Some GBs can break away from the atmosphere while others 
remain pinned. The impact of the significant dispersion of the capillary and solute drag forces on grain size distribution and grain 
growth has not been studied sufficiently.

Some of the limitations of the analytical solute drag models [164,186] have been overcome in computer simulations using phase- 
field [137,141,165,187,189,190] and phase-field crystal [188] methods, kinetic Monte Carlo simulations [175,176,191–193], and MD 
simulations [167,170,172,191,194,195]. Most simulations consider a single planar GB, but many are for polycrystalline samples or at 
least curved GB segments. Some simulations capture the inhomogeneous solute distributions in GBs. Recent two-dimensional phase- 
field simulations suggest that solute drag reduces the time exponent of grain growth relative to the parabolic growth [189] and can 

Fig. 3. Evolution of a NC grain size material in Monte Carlo simulations at 500 ◦C (adapted from [128]). Upper row: evolution of a solute-free 
system. The initial grain size (a) coarsens (b), and the material eventually transforms into a single crystal (c). Lower row: final states of simula
tions with the solute concentrations of (d) 1 at.%, (e) 5 at.%, and (f) 10 at.%. The equilibrium grain size decreases with increasing solute content in 
the alloy.
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even trigger abnormal grain growth [170] as shown in Fig. 6.
MD is the most powerful approach as it provides access to all details of solute distribution and GB motion. MD simulations do not 

rely on any approximations other than those built into the interatomic potential. Unfortunately, the MD timescale is too short for 
reliable modeling of solid-state diffusion by the vacancy mechanism. Thus, solute diffusion inside the grains cannot be adequately 
captured. GB diffusion is much faster than lattice diffusion and can be readily observed and accurately quantified by MD 
[152,167,172,196–198]. Recent MD simulations [167,172] have shown that GBs drastically accelerate solute diffusion in lattice re
gions swept by the GB motion. This provides sufficient diffusion mobility to observe solute drag on the MD timescale. Furthermore, fast 
GB diffusion creates a highly non-uniform redistribution of the solute atoms inside and behind the moving boundary. In some cases, 
these compositional fluctuations are akin to solute clusters, which amplify the solute drag by a mechanism similar to the Zener pinning. 
These findings reveal the critical role of in-plane GB diffusion in the solute drag process. Note that in-plane GB diffusion is not included 
in the classical models [164,186], which treat the GB as compositionally uniform, thus not requiring in-plane diffusion.

Zener pinning is another kinetics-based mechanism of reducing GB mobility [137,177–185]. In this case, small particles scattered 
over the material act as pinning obstacles imposing a significant resistance to GB migration, which can effectively immobilize the GBs. 
The particles can be introduced externally or by precipitation from a solid solution by a phase transformation. In the latter case, the 
process typically involves mechanical attrition of the base metal with much harder insoluble components, followed by a thermal 
treatment during which nanometer-scale clusters precipitate in the lattice and at GBs [7,42,68].

Assuming that the pinning particles are spherical with a radius r, the driving force required for unpinning the GB is [178] 

pmax = πrγn, (2) 

where n is the number of particles per unit GB area. This equation assumes a 45◦ contact angle θ between the GB and the particle, which 
maximizes the force (Fig. 7). Once the driving force exceeds the critical value (p > pmax), the GB breaks away from the set of pinning 
particles, only to be stopped by a new set. The larger the number of particles n, the greater the resistance to GB motion. Smaller 
particles are more effective stabilizers at the same volume fraction of the second phase. In recent atomistic simulations of the Zener 
pinning of Cu GBs by Ta nanoclusters [178], the GB free energy back-calculated from Eq.(2) was found to be independent of the cluster 

Fig. 4. (a) STEM-EDS image of a Pt-10at%Au film after a 30 min anneal at 775 K [160]. Note the nonuniform destitution of Au (bright color) in the 
GBs. (b) Distribution of Mg atoms in a low-angle twist GB in Al obtained by off-lattice Monte Carlo simulations at 700 K [161]. The red and green 
colors represent Mg atoms and distorted Al atoms, respectively. The Mg distribution is highly nonuniform due to the preferential Mg segregation to 
GB dislocations. (c,d) Examples of Au segregation in typical high-angle GBs in Pt obtained by off-lattice Monte Carlo simulations at 775 K [160]. The 
Au and Pt atoms are shown in orange and blue, respectively. Note the holes in the segregated layer (c) and the formation of segregation islands/ 
clusters (d). In (b)-(d), the atoms in nearly perfect FCC environments are invisible for a clearer presentation of GB segregation. (For interpretation of 
the references to color in this Fig. legend, the reader is referred to the web version of this article.)
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size and in good agreement with independent calculations, validating the Zener model.
As with other stabilization methods, the Zener mechanism has its limitations. The uniformity of the spatial distribution of the 

particles is difficult to control. The inevitable particle coarsening reduces their pinning efficiency. The participles tend to dissolve at 
high temperatures, setting the upper bound of high-temperature stabilization by this mechanism.

Research on kinetically pinned microstructures has focused on manipulating the nano-scale particles composed of oxides/carbides/ 
nitrides, intermetallic compounds, metal solutes clusters or larger phases, or a combination of several types, including GB segregated 
solutes [60,61,67,200–223]. The solute clusters, typically with diameters no greater than 5 nm, exhibit a coherent or semi-coherent 
relationship with the parent lattice. The number density of the clusters typically surpasses 1023 particles per cubic meter. The com
bination of the small size and high number density enables the particles (or clusters) to preserve nano-grain sizes, typically less than 
100 nm, up to high temperatures. This, in turn, permits the successful consolidation of powders into bulk NC materials 
[67,88,130,178,184,185,224–244].

In the domain of Fe-based ODS alloys, the emphasis of research has been on utilizing high-energy mechanical alloying, aiming to 
achieve a high number density of oxide particles based on yttrium or Y-Ti [200,245–251]. In most cases, Ti was employed as an oxide- 
refining agent [246–248], although a few studies explored other transition metals, or even Al, for this purpose [250,252]. The 
controlled incorporation of such additions, whether in oxide or metallic form and the degree of their dissolution in the Fe matrix during 
mechanical alloying remain active areas of ongoing research [253]. Heat treatment after mechanical alloying leads to the formation of 
complex nanoscale oxides exceeding 5 nm in size or coherent oxide clusters with diameters ranging from 2 to 5 nm. While extensive 
research has been conducted on Y-based oxides, investigations of oxides based on group IV elements such as Zr and Hf are relatively 
new [200,245]. Exploring alternative oxides based on group IV elements presents an intriguing opportunity for tailoring the properties 
of ODS alloys. Overall, the work on ODS alloys has allowed some of the first bulk NC metals to be produced and evaluated for me
chanical and physical properties.

Trimodal aluminum (Al) alloys with a nano-scale microstructure typically consist of three distinct phases or microconstituents: a 

Fig. 5. Solute drag force as a function of GB velocity predicted by several simulation methods. (a) Phase-field simulation with three different ratios 
of GB diffusivity Dgb to grain diffusivity of solute Dg [187]. (b) Phase-field crystal simulation for different values of GB diffusivity [188]. The results 
are compared with Cahn’s analytical model [164]. (c) Kinetic Monte Carlo simulation for several values of GB diffusivity of the solute relative to 
lattice diffusivity [175]. (d) MD simulations for Cu-Ag alloys at 1000 K with four different chemical compositions [167]. In all cases shown, the drag 
curve exhibits a maximum at a critical velocity.
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coarse-grained phase, a NC or UFG phase, and a hard-phase particulate reinforcement [254–260]. The coarse-grained phase typically 
consists of around 1 μm size grains, and contributes to the alloy’s overall ductility. The NC or UFG phase, with grain sizes ranging from 
sub-100 to 500 nm, significantly enhance the material’s strength through grain refinement and dispersion strengthening mechanisms. 
The third phase, such as the hard particulate reinforcement (e.g., B4C), though other ceramic phases have also been tried (e.g., SiC, or 
TiB2), further strengthens the material by hindering dislocation motion and preventing grain growth, thereby improving the overall 
hardness and wear resistance [254–258,261]. The interfaces between the microconstituents play a critical role in the performance of 

Fig. 6. Phase-field simulation of abnormal grain growth triggered by solute drag [170]. The red color indicates solute-enriched regions replicating 
the initial structure with GB segregation. Black lines correspond to the current GB positions. The blue-colored grain, which is about the same initial 
size as grains A, B, and C, grows abnormally to a large size surrounded by much smaller neighbors. The physical size of the image is approximately 
10x10 micrometers. (For interpretation of the references to color in this Fig. legend, the reader is referred to the web version of this article.)

Fig. 7. Interaction of a moving GB with a spherical obstacle in the Zener model of GB pinning [178]. (a) The GB moving up (red arrows) encounters 
an obstacle. GB tension (green arrows) pulls the GB towards the obstacle, creating an attractive force. (b) The GB tries to break away from the 
obstacle, but the capillary force pulls it back, creating the pinning effect. (c) high-resolution TEM (HRTEM) image of a Ta nanoparticle pinning a GB 
in a Cu-Ta-Zr alloy [199]. The red and green lines show two possible choices of the particle-GB contact angle used for comparison with the Zener 
model. (For interpretation of the references to color in this Fig. legend, the reader is referred to the web version of this article.)
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trimodal alloys by acting as “bridges” that efficiently transfer stress between the coarse-grained phase, the UFG phase, and the hard- 
phase reinforcement. This efficient load transfer across the interfaces helps to enhance the overall mechanical properties of the alloy, 
particularly its strength and toughness.

A similar stabilization approach has also been utilized in the development of NC Cu-based alloys, where Zener pinning mecha
nisms—through the use of ceramic, intermetallic compounds or other metal phases—help to strengthen and stabilize interfaces [60]. 
These alloys can exhibit a wide immiscibility gap [60,130,239,303]. Like the ODS alloys, they are primarily synthesized via high- 
energy mechanical alloying or other SPD methods, such as HPT, or PVD. Cu binary base systems with a positive immiscibility gap 
can be partitioned into two groups based on their equimolar enthalpy of mixing ΔHm between the elements: systems with a lower 
enthalpy of mixing, ΔHm < 10kJ/mol (such as Cu–Ag, and Cu–Co), and those with a higher ΔHm, such as Cu–Mo, Cu–W, Cu–Ta, and 
Cu–Nb [218,220,239,899]. Alloys of the first group exhibit larger solubility limits. In contrast, alloys of the second group only allow a 
limited degree of alloying and exhibit a strong tendency to separate into two phases [218,220,239,899]. During the synthesis process 
or upon annealing, coherent/semi-coherent nanoclusters with approximately spherical morphologies precipitate from the over
saturated solid solution. These clusters are scattered stochastically throughout the microstructure, largely suppressing its coarsening 
and improving the alloy performance.

In recent years, the kinetically stabilized Cu-Ta system has been extensively researched to understand the formation, structure, 
morphology, chemical composition, coherency relationship, and spatial optimization of Ta-based nanoclusters (Fig. 8) together with 
other dopant elements. Research on Cu-Ta and other phase-separated Cu-based alloys has demonstrated that kinetic stabilization by 
nanoclusters can be more potent than thermodynamic stabilization. Recent research has also shown the possibility of retaining 

Fig. 8. Representative microstructure of immiscible NC Cu-Ta alloys produced by mechanical alloying. (a,b) High-resolution high-angle annular 
dark-field (HAADF) scanning transmission electron microscopy (STEM) image of Cu-3at.%Ta alloy consolidated by ECAE [184]. (a) Typical grain 
decorated with Ta clusters. (b) Zoom-in image showing Ta clusters residing at and near GBs. Dashed lines outline the approximate GB positions. (c,d) 
HRTEM images of (c) coherent (size = 3.47 nm) and (d) semi-coherent (size = 4.11 nm) Ta nanoclusters in NC Cu-10 at.% Ta alloy [224]. The 
cluster/matrix interface is outlined. Inset: Indexed selected area electron diffraction (SAED) patterns confirming nanocrystallinity.
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Fig. 9. Schematic illustration of microstructure development in ball-milled NC Fe-Mg alloy [262]. Upon annealing, Mg segregates to Fe GBs, 
reducing their free energy and causing solute drag. At the same time, Mg oxidation creates an array of MgO particles pinning the GBs by the Zener 
mechanism. The nanostructure obtained is stabilized by a combination of the thermodynamic and kinetic mechanisms. The darker shade of purple 
corresponds to a higher Mg concentration. (For interpretation of the references to color in this Fig. legend, the reader is referred to the web version 
of this article.)
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nanograins at homologous temperatures exceeding 0.7 for durations surpassing 10,000 h of exposure [233]. The extreme stability of 
the microstructure has allowed the milled Cu-Ta powder mixture to be fully consolidated utilizing equal channel angular extrusion 
(ECAE) on a reasonably large scale. Powder processing can be scaled up in size like for ODS alloys, enabling the production of larger- 
scale billets through the more traditional processes of HIPing, forging, and extrusion, while retaining the nanostructure. Due to the 
strong stabilization provided by the Ta clusters, Cu-Ta alloys exhibit extreme responses under quasi-static loading, dynamic (shock) 
loading, and intense irradiation. More details related to the synthesis, processing, and properties of Cu-Ta and other immiscible alloys 
are discussed in subsequent sections of this review.

2.5. Thermodynamics or kinetics?

Grain growth retardation by alloying has been demonstrated in numerous alloy systems, including Fe-Based: Fe-Ni [211,212], Fe- 
Ag [213], Fe-Cu [210], Fe-Cr [214], Fe–Zr [215,245], Fe–Ti [216], Fe-Mg [262], and Fe-Al [203,204]; Ni-Based: Ni-Co [92,223], Ni-Fe 
[263–265], Ni–P [266], Ni–W [40], Ni-Cu [267], and Ni-Mn [268,269]; Al-Based: Al-Pb [270,271], Al-Mg [272,273], Al-W [274], and 
Al-Cu [275]; Pd-Based: Pd-Fe [276,277], Pd-Y [278], and Pd–Zr [124]; Cu-Based [201,202,205–207,209,210,218–220,222,279,280]: 
Cu-Nb, Cu-Zr, Cu-Fe, Cu-Ag, Cu-Bi, Cu-Sb, Cu-Pb, Cu-Ta, Cu-W, Cu-Mo, Cu-Y and Cu-Cr. Various arbitrary systems including: Ru–Al–Fe 
[281], Ti–Cu [282], Y–Fe [283], TiO2–Ca [284], Mo-Au [285], Co-P [286,287], Co-W [288], Ag-Cu [289], Au-Ni [290], Cr-Ni [291], 
Zn-Ni [292,293], Nb-Cu [294], Pt-Au [295], and W-Cu [296]. Many of these studies were enabled by recent advances in character
ization methods. Using the focused ion beams (FIBs) became more prevalent [297], significantly improving the capability to precisely 
extract and image microstructures in specific locations by techniques such as TEM/STEM and atom probe tomography (APT) 
[297,298] and providing accurate quantification of the excess solute at GBs and small-phase chemistry.

Despite the abundant evidence of grain growth inhibition by alloying, the exact mechanism responsible for the effect remains the 
subject of debate and ongoing research [61,71,172,262,299–302]. To our knowledge, there is no convincing evidence that the fully 
thermodynamically stabilized NC state (minimizing the total free energy) predicted by theory [5,6,121–123,125] and simulations 
[40,45,47,53,63,84,123,124,124–130,141] has been realized in practice in any system.

Clean separation of the thermodynamic and kinetic mechanisms is a challenging task. The only case in which the distinction is clear 
is the Zener pinning of nano-grains in highly immiscible alloys such as Cu-Ta. In this case, almost all solutes exist in the form of 
nanoclusters (Fig. 8). The Ta concentration in the lattice and at GBs is small. The lack of any significant GB segregation rules out the GB 
free energy reduction and solute drag as stabilization mechanisms. In fact, the impingement of moving GBs on the clusters is likely to 
damage the GB structure and increase the GB energy. The stabilization mechanism is purely kinetic.

Separation of thermodynamic stabilization from the solute drag effect is much more difficult. Solute atoms segregating to GBs and 
reducing their free energy also reduces the GB mobility due to the solute drag. Arguably, the latter effect is stronger than the former. 
Indeed, the GB-free energy depends on the solute concentration and temperature as a relatively slow (roughly logarithmic or linear) 
function, while the GB mobility increases exponentially. Thus, kinetic stabilization of nanomaterials can be more effective than 
thermodynamic stabilization. Recent MD simulations back this argument [172], but convincing experimental validation is still lacking. 
Carefully crafted experiments are required to further clarify the roles of the thermodynamic and kinetic factors.

In the meantime, it is assumed that the thermodynamic and kinetic mechanisms can coexist and interact. This view is embodied in 
the so-called thermokinetic model [71,299,300], which considers a concurrent operation of the solute drag and the GB-free energy 
reduction. Furthermore, there is experimental evidence that some NC materials can be stabilized by a combination of solute segre
gation and Zener pinning. Amram and Schuh [262] studied the thermal stability of ball-milled Fe-Mg alloys in a wide range of 
compositions and temperatures. Mg was found to segregate at GBs and oxidize, forming nm-scale MgO precipitates (Fig. 9). The 
nonmonotonic composition dependence of the annealed grain size was explained by a superposition of the thermodynamic mechanism 
and kinetic stabilization due to solute drag and Zener pinning by the MgO precipitates. Similarly, Cunningham et al. [285] have 
demonstrated a gradual shift from segregation-induced stabilization towards Zener pinning by Au nanoclusters in the Mo-Au system.

One of the factors complicating the investigations of stabilization mechanisms is the effect of impurities. Precise characterization of 
solute concentration has improved our understanding of the significant role played by contaminations in the stability of NC materials 
[303–305]. In particular, interstitial carbon, nitrogen, oxygen, and sulfur are commonly observed in fabrication processes such as 
mechanical alloying and electro-deposition [303]. Even in vapor deposition methods, which are more carefully controlled, trace 
contamination persists. Although low contamination levels may not seem particularly important, even ppm-level contamination can 
influence GB mobility and contribute to embrittlement by reducing GB cohesion [306–309]. Small clusters that emerge due to 
contamination are usually coherent with the matrix and have diameters of only a few nanometers [67,200]. Typically, such clusters 
exhibit considerable partitioning of interstitial elements, reducing the average atomic number and posing challenges to detecting 
nanoclusters using traditional X-ray diffraction and TEM. The short-circuit GB and dislocation pipe diffusion of impurities [310] at 
elevated temperatures can cause a transition from the GB-segregated state to a GB-precipitated state or vice versa [184]. Recent 
research has shown that contamination plays a role in amorphous intergranular films, which can stabilize microstructures against 
grain growth [305,311].

To conclude this section, the past decade has seen significant progress in the fundamental understanding of stabilizing nano
structures in many alloys at moderately high temperatures. Some cutting-edge systems push boundaries further by demonstrating the 
ability to preserve their nanostructure at temperatures surpassing 80 % of the melting point for extended durations. Although this is a 
significant advance, many engineering materials are exposed to even higher homologous temperatures for hundreds, if not tens of 
thousands of hours throughout their lifespan in practical applications. Designing NC alloys exhibiting such extreme thermal stability is 
one of the greatest challenges in modern materials science and engineering. Achieving this goal hinges upon further progress in 
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understanding the nanoscale stabilization mechanisms and the physical properties of stabilized nanomaterials. The next section dis
cusses our vision of future research in this direction.

3. Stabilization of nanocrystalline materials: Outlook for future research

In this section, we discuss several unresolved problems, including unexplored or poorly explored research directions, and discovery 
opportunities in the field of nanostructure stabilization.

3.1. How do we quantify stability?

Several issues complicate investigations of stability in NC materials. One of them is the lack of a well-defined metric, or Fig. of 
merit, of structural stability. For example, the temperature–time domain in which the stability of nanomaterials is assessed varies from 
one material to another, from one intended application of the material to another, and even among different research groups. If a 
chosen characterization method detects significant grain coarsening after 10 h of exposure at 1000 ◦C in one material and after 100 h at 
700 ◦C in another material, which material is considered more stable? It should also be mentioned that, in most tests, the material is 
only exposed to high temperatures for a few hours or, at most, a few hundred hours [40,53,312–315]. These times are one to two orders 
of magnitude shorter than required for many real applications. It is questionable whether the conclusions about alloy stability derived 
from such short-term thermal excursions are relevant to commercial alloys that are required to withstand high temperatures for 
thousands of hours. It is desirable and, in fact, necessary to adopt technologically relevant standards of stability tests for nanomaterials. 
This is especially important for materials designed for service in extreme environments.

Another issue concerns the choice of structural parameters characterizing materials’ stability. Most stabilization efforts focus on 
retaining the nanometer-scale grain size. However, grain size alone does not adequately represent the structural characteristics that 
must be retained for the material’s performance. Other structural elements that should be considered include the crystallographic 
texture, nano-twin density, grain size distribution, and the presence or retention of different phases in nanocomposites. Completely 
suppressing grain growth is not always necessary for achieving the desired properties. Some mechanical and physical properties are 
controlled by the microstructure of the trans-granular regions, which should also be stabilized.

3.2. Is grain growth driven by grain boundary curvature?

Average grain size alone does not accurately represent the thermodynamic driving force for grain coarsening. The common 
justification for using the average grain size is that it correlates with the average GB curvature, which is assumed to be proportional to 
the driving force of GB migration according to Eq. (1). While the velocity-curvature relation predicted by this equation has been 
verified by bicrystal experiments [316] and computer simulations [172,184,317–319], recent experimental observations in real 
polycrystalline materials have revealed significant deviations from this relationship [320]. For example, recent studies of grain growth 
in polycrystalline Ni [321] and SrTiO3 [322] found no correlation between the GB curvature and the GB velocity (Fig. 10a). In fact, 37 
% of GBs were observed to migrate in the direction opposite to their curvature [322]. A recent MD study [323]confirmed the absence of 
a correlation between the GB velocity and curvature during grain growth in model nanocrystals. The discovery that GB migration in 
polycrystals does not follow Eq.(1) suggests that the total energy reduction driving grain growth can be accomplished by mechanisms 
different from the curvature-driven GB migration. For example, it was found that the reduction in total GB energy during grain 

Fig. 10. Grain growth in polycrystalline Ni [321]. (a) GB velocity as a function of GB curvature. Note the absence of correlation beyond the 
statistical scatter of the data points (standard deviation is of the same order as the mean velocity). (b) GB velocity as a function of misorientation 
angle for [111] twist GBs. Several coincidence site lattice (CSL) GBs are labeled by the reciprocal CSL density Σ.
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coarsening in Ni occurs by eliminating higher-angle GBs in favor of lower-angle GBs [324].
The curvature-driven model also contradicts the commonly observed phenomenon of grain growth stagnation in many poly

crystalline materials [325–327]. The grain growth virtually stops, preventing the material from transforming into a single crystal as 
thermodynamics prescribes. Furthermore, some controversy remains regarding the role of GB crystallography. The latter has been 
found to strongly influence GB migration in experiments on Ni [321] (Fig. 10b). On the other hand, in polycrystalline α-Fe, GB mobility 
does not correlate with GB crystallography [328]. While the mobility of individual GBs is known to be misorientation-dependent 
[101,316,321,329,330], the impact of GB crystallography on GB mobility in polycrystals deserves more detailed future investigations.

We emphasize that the experimental results mentioned above do not invalidate Eq.(1), which is grounded in irreversible ther
modynamics and can be safely used in fundamental studies of individual GBs not subject to constraints. The equation may serve as a 
general, qualitative guide in the pursuit of nano-grain stabilization, suggesting that the latter could be achieved by reducing the GB 
mobility or lowering the GB free energy. However, grain coarsening in real polycrystals does not follow this simple relation. In the 
future, more accurate models of GB migration must be developed to enable more reliable stability predictions required for designing 
new NC materials.

There can be several reasons why polycrystals do not follow the curvature-driven kinetics. One is the significant dispersion of GB 
mobilities, which can span several orders of magnitude. In addition to the impurity effect on GB dynamics, several other intrinsic 
factors can cause the mobility variations. As mentioned above, the mobility of individual GBs depends on GB crystallography. GBs can 
undergo a roughening transition [176,331,332], which changes the GB migration mechanism and can result in a dramatic change in 
GB mobility. Smooth GBs existing below the roughening transition are characterized by much lower mobility than rough GBs above the 
transition. Computer simulations [326] have shown that even a small fraction of smooth GBs can effectively pin the polycrystalline 
structure and cause grain growth stagnation.

GB faceting is another transition [333] influencing GB mobility. Adjacent flat facets can have different mobilities, and their co
ordinated motion can be kinetically controlled by the mobility of the inter-facet junction line. In addition, there is always a significant 
dispersion of GB-free energies caused by crystallography, impurity effects, and GB phase transitions such as roughening and faceting. 
Perhaps the most impactful factor is the network constraint. The GBs in polycrystalline alloys form a connected network in which each 
GB is subject to constraints imposed by adjacent GBs. The motion of a given GB is accompanied by an extension or shrinkage of the 
adjacent boundaries. As a result, the migration velocity (including direction) of each GB depends on the energies, mobilities, and 
geometric arrangements of the adjacent boundaries. The GB velocity may also depend on the mobility of the triple junctions (TJs) 
separating the GB from its neighbors. The internal stresses arising in polycrystals due to the shear-coupling effect could be a 
contributing factor [327,334].

3.3. Role of triple junctions on nanocrystalline stability

The role of TJs can be significant in NC materials, in which the fraction of atoms located in the TJ cores relative to the GB atoms 
cannot be neglected [308,335–350]. The impact of TJs on nano-stability can be significant and is often underappreciated. TJs can 
affect the kinetics of grain growth [335,351–353]. During grain growth, the migration of each TJ is driven by the imbalance among the 
tensions of the three GBs terminated at the TJ. As the GBs move, the TJ must also move to maintain the GB tension balance. 
Consequently, GB migration is constrained by the motion of the TJs bounding the GB area. The result is a coupled motion of the GBs 
and TJs with competing rates. Experiments [316,343,351,353] and simulations [335,335,352] have shown that TJs often have a lower 
mobility than GBs, especially at relatively low temperatures. The slow TJ kinetics give rise to the TJ drag effect on the moving GBs. In 
NC materials, TJ drag can result in TJ-controlled grain growth [354,355]. In this kinetic regime, the average grain size increases as a 
linear function of time (D∝t), in contrast to the GB-controlled growth in which grain size increase is parabolic (D∝

̅̅
t

√
) [316,351]. TJ 

drag can also cause deviations from the curvature-driven GB migration and violation of the topological rules such as the 2D von 
Neumann–Mullins (n − 6) rule and its 3D generalization [356].

In addition to grain growth, TJs are involved in many other processes occurring in NC materials. They are typical sites for het
erogeneous nucleation of new phases during phase transformations and locations of damage initiation during plastic deformation and 
fracture. They can act as sinks for non-equilibrium point defects during recovery from intense irradiation in nuclear materials. As such, 
the role of TJs must be considered in the search for radiation-tolerant NC materials. Furthermore, similar to GBs, TJs are fast diffusion 
pathways [308,336,337,342,345,347] and can contribute to the rate of high-temperature creep deformation. A percolating TJ network 
can mediate the redistribution of solute components during the synthesis and processing of nanomaterials, especially during the 
sintering of powders.

TJs are not part of the thermodynamic stabilization models discussed in the previous section. It is critical to include them in future 
research. TJs contribute to the excess free energy of NC materials and are responsible for at least part of the thermodynamic driving 
force for grain coarsening. Although lines at which three phases meet were discussed already by Gibbs [102], calculations and even a 
rigorous thermodynamic definition of their excess free energy (line tension) remain challenging [308,349,357]. Such challenges are 
especially significant for solid phases.

Although thermodynamic treatments of TJs have been proposed [340,358], their role has not been analyzed thoroughly from the 
perspective of NC stability. Meanwhile, TJs provide additional segregation sites relative to GBs. Their excess free energy can be 
reduced by solute segregation in a manner similar to the thermodynamic stabilization of GBs.

There is a need for experimental investigations and generalized models targeting the combined TJ-GB system in NC alloys. Models 
of solute drag should also be generalized to include the coupled motion of TJs and GBs together with their segregation atmospheres. In 
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the future, the goal of stabilizing GBs should be replaced by the goal of stabilizing GBs and TJs as a unified system. Progress should be 
made in understanding the mechanisms of TJ migration. For elemental materials at relatively low temperatures below the GB 
roughening transition, the disconnection model [72] successfully describes the coupled GB-TJ dynamics [352]. More general models 
are required to describe situations in which some or all GBs are rough and do not support disconnections. In fact, the roughening 
transition at TJs is another appealing topic for future research.

Even if a stationary GB is smooth (and contains disconnections), it can develop significant roughness during migration, altering the 
migration mechanism. The phenomenon is called dynamic roughening [176] and its existence makes the modeling of moving GBs 
extremely challenging. The effect of solute segregation on the GB-TJ dynamics and mechanisms is another open question that should 
be addressed in the future. Finally, the role of quadruple junctions [359,360] (meeting points of four TJs) in NC stability remains a 
virtually unexplored topic relevant to nano-grain stabilization by solute segregation.

3.4. Phase transformations at grain boundaries and triple junctions

NC stability can also be impacted by GB phase transformations [333,358,361–364] (sometimes referred to as “complexion tran
sitions” [365]). The GB phase transformations can cause abrupt changes in the GB free energy, GB mobility, and other thermodynamic, 
kinetic (e.g., diffusivity [366]), and physical properties of GBs. They further broaden the distributions of GB properties in an NC 
material and add more complexity to the already complex stability analyses. Nonetheless, GB phase transformations can play a sig
nificant role in stabilizing GBs and must be part of future efforts to design structurally stable nanomaterials.

GB phase transformations in metallic systems have been observed experimentally, including direct observations of the atomic 
structures of different GB phases by HRTEM [199,367,368]. GB phases and phase transformations have been extensively studied by 
MD, Monte Carlo, and other atomistic methods [364,366–374], often demonstrating good agreement with the experiments [199,367]. 
In alloys, GB phase transformations can be caused by solute segregation. The segregation atmosphere can have its own miscibility gap 
and, below a critical point, can decompose into two or more GB phases. Segregation-induced GB transformations have also been 
studied by atomistic simulations [370] and confirmed experimentally [199,295,375]. Such transformations can be presented on GB 
phase diagrams [133,376] generalizing the conventional bulk phase diagrams. In addition to the congruent GB transformations [333] 
preserving the GB plane and crystallographic misorientation, non-congruent transformations have been observed experimentally and 
studied by simulations, including the GB faceting transformation [332,377–380].

Efforts have been made to understand the potential impact of GB phase transformations on NC stability and apply this knowledge to 
control grain growth. Of particular interest are the recent computational studies of NC materials stabilized by amorphous GB layers 
(called “complexions”) in multicomponent alloys [381,382]. Furthermore, a recent study of Fe-Mn alloys combining phase-field 
modeling and APT observations indicates that a GB segregation atmosphere can undergo a spinodal decomposition and form chem
ically heterogeneous GB structures [383]. The chemical fluctuations in the spinodal structure can cause a pinning effect similar to the 
Zener pinning. The impact of these and other GB transformations on the nano-grain stability needs to be further investigated in the 
future.

An especially relevant type of GB transformation is GB premelting. Most GBs become increasingly disordered at high temperatures, 
especially when the temperature approaches the bulk melting point Tm [101,157]. Near Tm, many GBs develop liquid-like charac
teristics and often transform into a liquid film, a phenomenon referred to as premelting. Premelting can drastically change the 
thermodynamic, kinetic, and mechanical properties of GBs. Mechanical properties usually deteriorate. For example, GBs weaken or 
even lose their resistance to applied shear stresses [384,385]. Premelting has been studied experimentally [375,384,386–390] and by 
several computational approaches, including MD [196,385,391–395] and Monte Carlo [396–398] simulations. In alloys, the impact of 
premelting is stronger than in pure metals. This is especially true for alloys with a low-temperature eutectic or another low- 
temperature phase. In such systems, GBs premelt at significantly lower temperatures than the respective elements, often forming a 
GB phase reminiscent of one of the low-temperature bulk phases. In eutectic systems, when the bulk composition and temperature are 
slightly below the solidus line, GBs can become liquid layers with a chemical composition close to the liquidus line on the bulk phase 
diagram [398–400] (Fig. 11).

Given the large GB area in NC materials, their properties can be susceptible to the effects of GB premelting. Avoiding GB premelting 
is one of the challenges in stabilizing NC materials. Solutes exhibiting strong GB segregation commonly have a lower melting tem
perature than the host metal and often form eutectics at even lower temperatures. Such solutes weaken the interatomic bonds and 
suppress the local melting temperature in the GB regions.

The latter trend underscores the advantages of kinetic stabilization by atomic clusters in immiscible alloys composed of lower- 
melting species, where a refractory element is involved. In these alloys, the solute is a refractory metal with a significantly higher 
melting temperature than the host metal. The solute is present at GBs primarily in the form of nanoclusters. The concentration of 
randomly distributed solute atoms in the GBs is relatively small. The solute atoms strengthen the chemical bonds at the GB without 
increasing the structural disorder or causing GB phase transformations. They raise the “local melting temperature” at the GBs and 
improve their thermal stability. This can explain why the GBs in NC Cu-Ta alloys do not premelt up to temperatures as high as 0.9Tm.

In light of the preceding discussion of the TJ drag (section 3.3), it is also essential to investigate the possibility of segregation- 
induced phase transitions at TJ lines, including TJ premelting. Some prerequisites are available. 1D thermodynamics applicable to 
TJs has been developed [340,358], “wetting” transitions at TJs in alloys have been observed experimentally [401], and 1D phases 
(referred to as “linear complexions”) forming on dislocation cores have been studied computationally [402,403]. Further work is 
required to incorporate the TJ phase transformations into the NC stabilization analysis.
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3.5. Stabilization mechanisms revisited

We next revisit the issue of stabilization mechanisms, including the notoriously complex relationship between the thermodynamic 
and kinetic factors of stabilization. As mentioned above, the Zener pinning of GBs by atomic clusters in highly immiscible alloys is a 
clear case of kinetic stabilization. In all other cases, two or more stabilization mechanisms can operate concurrently. The dominant 
mechanism, if there is one, may change with temperature, chemical composition, and many other factors. A few examples of 
competing stabilization mechanisms were discussed in the previous chapter. Nevertheless, understanding the individual mechanisms is 
highly desirable on fundamental grounds and for developing alloy design strategies.

At present, segregation-induced stabilization is the most common approach. GB segregation of solute components causes a 
reduction in the GB free energy and simultaneously increases the resistance to GB motion due to the solute drag. Because of the strong 
coupling between the two effects, isolating one of them for a separate study is highly challenging. We are not aware of convincing 
experimental evidence demonstrating a clear separation. Whenever grain growth suppression was achieved by alloying, the effect 
could be either due to a decreased GB free energy or a reduced GB mobility (or both). We envisage that a successful separation will first 
be achieved by specifically designed computer modeling. It should be possible to choose a binary system with a simple phase diagram 
whose thermodynamic functions and lattice/GB diffusivities are known or can be reliably measured and in which GB dynamics can be 
studied comprehensively. The simulation results could then inspire or guide the design of experimental attempts.

In recent years, computational research has focused on thermodynamic stabilization with less attention to kinetic models. We 
expect that future efforts will be more balanced. Recent atomistic simulations have shown that GB segregation typically lowers the GB 
free energy by less than 50 % [107,172,370,374,400]. In contrast, the GB mobility is reduced by orders of magnitude, suggesting that 
most of the stabilization effect is due to kinetic factors. More systematic studies of thermodynamic stabilization are required, including 
efforts to push the GB-free energy down as much as possible. The usual tandem of MD and Monte Carlo is an appealing choice. 
However, such simulations heavily rely on computational power and the availability and reliability of interatomic potentials for the 
alloy systems. Perhaps a better starting point would be a more general approach, such as kinetic Monte Carlo (KMC), in which the 
model parameters can be tweaked to enforce the predominance of either GB free energy reduction or the solute drag.

3.6. Zero grain boundary energy?

We have already mentioned the fascinating idea that an appropriate choice of solute can completely stabilize NC material. This idea 
is fundamentally important and warrants a more detailed discussion. Complete stabilization means that a nanocrystal with a finite 
grain size will have a lower total free energy than a single crystal of the same chemical composition. There will be no driving force for 
grain growth. This state is yet to be demonstrated experimentally. It will be difficult to distinguish the predicted global free energy 
minimum from a kinetically trapped nanostructure exhibiting little or no grain growth on the experimental time scale. Nevertheless, 
the idea presents great theoretical interest. The feasibility of complete stabilization of a nanostructure, at least in principle, is an 
attractive topic for future investigation.

At present, we can only state that some theoretical models predict the existence of a global minimum of free energy at a finite grain 
size. However, as mentioned above, such models rely on many approximations, and their relevance to real NC materials requires 
further examination. The models treat the GBs as uniform layers of a fixed thickness with the same thermodynamic properties across 
the entire nanostructure. It is tacitly assumed that spontaneous local deviations of the nanostructure from the minimum free energy 
state preserve or instantly restore the GB/lattice equilibrium under the closed-system constraint, leading to an increase in the total free 
energy. Satisfying this condition requires infinitely fast solute diffusion. In reality, the solute diffusion rate is finite and cannot instantly 
respond to the chemical potential gradients arising due to spontaneous GB displacements. For example, a GB can spontaneously break 
away from the segregation atmosphere, which will increase its free energy γ and create a driving force for continued motion. The 
moving GB can then break the tension balance with the neighboring boundaries and cause them to separate from their atmospheres, 
triggering (possibly abnormal) grain growth. In other words, it is not immediately obvious that the presumed fully stabilized state 
would be stable against fluctuations away from equilibrium.

Even without considering the fluctuations, it is unclear how all GBs in a NC material could be stabilized simultaneously. For a single 
GB, the fully stabilized state is achieved when the GB free energy becomes zero, γ = 0. Achieving this condition requires a particular 
combination of the chemical composition and temperature specific to the given GB crystallography. In a polycrystalline assembly, the 
GB network is characterized by a broad spectrum of GB energies and structures with different interactions with the solute atoms. 
Furthermore, some GBs can be above the roughening transition while others are below; some GBs could have undergone a particular 
phase transformation (e.g., premelting) while others have not. It seems unlikely that all GBs in a polycrystalline sample can reach the 
γ = 0 condition simultaneously. Recent KMC simulations [143] suggest that the γ = 0 state is not a state of static equilibrium. Instead, 
this is a state of dynamic equilibrium between grain growth and grain refinement with small fluctuations around a constant total GB 
area. It was also confirmed that fast solute diffusion is required to maintain this dynamic equilibrium. Slow diffusion drives the system 

Fig. 11. Premelting of symmetrical tilt Σ5 (210) GB in Cu [400] predicted by atomistic simulations. The atomic positions are projected along the 
[001] tilt axis normal to the page. Left column: pure Cu GB at temperatures indicated under the images. The melting temperature of Cu with the 
interatomic potential used in the simulations is 1327 K. Right column: same GB in the Cu-Ag solution at 1100 K for different compositional de
viations Δc (at.%Ag) from the solidus line. Note the increasing segregation and formation of a liquid-like layer at the GB as the chemical composition 
approaches the solidus line from below.
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into a metastable or kinetically trapped unstable state. However, these simulations were performed within a highly idealized 2D KMC 
model with only two lattice orientations.

It is essential to better understand the nature of the intriguing GB state with γ = 0 required for the complete stabilization. Although 
the γ ≤ 0 condition is not prohibited by thermodynamics, the question of what happens to the interface when this condition is met has 
a long and winding history going back to Gibbs [102]. In an open system, the amount of the GB phase with γ ≤ 0 is expected to increase 
without bounds (assuming that γ is curvature-independent [404]). For fluid–fluid interfaces, Gibbs [102] predicted that the interface 
area would spontaneously grow. This argument is often extended to GBs, claiming that the γ ≤ 0 condition will trigger spontaneous 
grain refinement instead of grain growth [125]. To our knowledge, this prediction has yet to be confirmed experimentally. An 
alternative scenario is that the thickness of the fully stabilized GB phase will spontaneously grow with little change in the GB area. This 
would be equivalent to wetting the GB with a solute-rich phase that may or may not exist in a bulk form. These and other possible 
scenarios must be thoroughly investigated in the future, as they are highly relevant to the nano-stabilization problem.

3.7. Entropic stabilization of grain boundaries

Some bulk phases exhibit improved thermodynamic stability due to entropic effects. Examples include high-entropy metallic alloys 
[405] and entropy-stabilized oxides [406], in which the high entropy arises due to configurational effects in the presence of multiple 
principal components. By extension, configurational entropy could contribute to the thermodynamic stabilization of GBs in NC alloys. 
Even if the solute concentration in the grains is small, it can be much higher in GBs, increasing their configurational entropy. In 
multicomponent alloys, GBs can be enriched with several chemical components in nearly equal amounts, increasing the GB excess 
entropy. Recent experiments [407] and thermodynamic modeling [407,408] indicate that the “high-entropy GBs” [408] can stabilize 
nanocrystals more effectively than GB segregation in binary alloys. Note that the grains need not be high-entropy alloys to reach a 
high-entropy GB state. They can even be dilute solutions. Tailoring chemically complex NC alloys to maximize the GB entropy is a 
promising research direction worth exploring. The challenge is to keep the GBs structurally disordered. Any ordering/patterning 
reduces the configurational effects. It is also essential to avoid precipitation of new phases in the GBs or inside the grains during high- 

Fig. 12. (a) Selected atomic sites (shown in green and labeled A through F) in the symmetrical tilt Σ5 (210) GB in Si from MD simulations at 300 K 
[419]. The sites are ranked according to the distance from the GB center, and their energy is plotted as a function of this distance. Panels (b), (c), and 
(d) show the vibrational DOS of selected GB sites in the x, y, and z directions, respectively. The y-axis is normal to the GB plane. The projection on 
the DOS-frequency plane shows the overall DOS of the GB in comparison with that for diamond cubic (DC) Si. The DOS plots demonstrate significant 
distortions of the vibrational spectrum in the GB region with new peaks in the acoustic range. (For interpretation of the references to color in this 
Fig. legend, the reader is referred to the web version of this article.)
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temperature anneals.
Atomic vibrations can also contribute to GB free energy and improve NC stability. The vibrational entropy is a significant stabilizing 

factor affecting the thermodynamics of materials [409–412]. Many bulk phases are stabilized by vibrational entropy. In fact, some 
phases are only stable due to the vibrational free energy. The best-known examples are group IVB metals Ti, Zr, and Hf, which have the 
HCP structure at low temperatures and transform to the BCC structure at high temperatures. The BCC structure of these metals is 
mechanically unstable at low temperatures but is stabilized by anharmonic atomic vibrations at high temperatures [413,414].

A temperature-dependent interplay exists between the configurational and vibrational contributions to the entropy. While the 
vibrational entropy rapidly increases with temperature, the configurational entropy is weakly temperature-dependent, with a rela
tively slow increase at high temperatures as the short-range order weakens. As a result, low temperatures are dominated by config
urational effects, while the vibrational contribution becomes more significant and often dominant at high temperatures [415]. Even in 
high-entropy materials, in which the configurational entropy is of key significance, atomic vibrations should be taken into account and, 
in some cases, can be as important as the configurational effects [412,415–417].

The vibrational properties of GBs are different from those of the perfect lattice, especially when the GBs are packed with several 
segregated components. Due to the significant structural distortions, mass dispersion, and broad distribution of force constants, the 
vibrational density of states (DOS) in GBs is broader than for lattice vibrations [418,419]. At the same time, the GB DOS can contain 
sharp peaks (resonances) [418–420] and other unusual features arising from the coexistence of tightly compressed atoms alongside 
loosely bound atoms in low-density local environments (Fig. 12). The vibrations can be strongly anharmonic and can stabilize the GB 
structure in a manner similar to the stabilization in high-entropy alloys [421]. These features manifest themselves in the measured and 
computed vibrational properties of nanomaterials [422–426], which are different from those of coarse-grained polycrystals and single 
crystals.

The possibility of GB stabilization by atomic vibrations calls for further investigation. This effect is particularly relevant to systems 
where kinetic pinning, such as Zener pinning, is exceptionally strong. In such alloys, most of the solute is concentrated in nanoclusters, 
and the concentration of randomly distributed solute atoms in GBs is small. Thus, the excess configurational entropy in GBs is relatively 
small, shifting the balance towards the vibrational entropy at high temperatures. The stabilizing effect of atomic vibrations can be 
observed more readily.

Vibrational entropy calculations are computationally expensive, especially for GBs, because they require large system sizes. 
However, there are no fundamental obstacles, and some work was done in the past [120,418,419,422–426]. Experimental methods to 
probe the vibrational properties of GBs have also been developed [418].

3.8. Unconventional recrystallization mechanisms

Coarse-grained alloys subjected to cold plastic deformation often undergo recrystallization upon subsequent annealing at tem
peratures ranging from 0.3 to 0.5 of the melting point [427,428]. In NC alloys, this form of recrystallization rarely occurs because grain 
growth starts at lower temperatures [96]. Instead, the excess energy of the highly non-equilibrium GBs is reduced by structural 
relaxation, a process often accompanied by significant strengthening of the material. Separation of the GB relaxation from the 
concurrently occurring grain growth is challenging but not impossible and has been observed in several NC alloys with improved grain 
stability [429–432]. The GB relaxation process can play a significant role in microstructurally stable nanomaterials (such as Cu-Ta 
alloys), which can accumulate a high degree of straining without grain growth. Extreme deformations bring GBs into highly 
nonequilibrium states, from which they rapidly relax at elevated temperatures. The microstructurally stable nanomaterials thus offer 
an opportunity to better understand the nature of the GB relaxation process and its effect on the mechanical strength in a broader 
temperature range than would be possible in conventional alloys.

Another relevant process is grain refinement due to phase transformation, as demonstrated in the binary Fe-Au system [433] 
(Fig. 13). In this case, grain refinement is driven by a combination of phase a transformation and GB segregation. Experimental results 
revealed that γ-Fe, formed after the α → γ transformation, stabilizes at a smaller grain size (~115 nm) at 1000 ◦C, compared to α-Fe 
(~130 nm) at 800 ◦C. Even at 1100 ◦C, γ-Fe was found to maintain a grain size (~130 nm), consistent with the stability map’s pre
diction. In situ XRD experiments revealed that Au precipitated from α-Fe, allowing α-Fe grains to grow. Upon heating past the 
transformation temperature, Au dissolved and diffused into atomically small γ-Fe grains, which nucleated at α-Fe GBs and triple lines. 
These γ-Fe grains, upon reaching the thermodynamically described state, stabilized at smaller sizes than the parent α-grains, refining 
the microstructure by allowing Au to segregate to the GBs and provide stability. Upon cooling past the transition, α-Fe grains nucleated 
and grew as Au re-precipitated from the solution, leaving the GBs of the γ-Fe grains and forming secondary phases within the matrix of 
the new α-Fe grains, disrupting the thermodynamic equilibrium and resulting in a coarser microstructure. This process was shown to be 
repeatable, cycling between maintaining a stable NC microstructure and a larger grain size. Thus, the phase transformation functions 
similarly to recrystallization, leading to new, smaller grains compared to those in the α-Fe phase. The stabilization mechanism, along 
with the shift in Au’s stability on the phase diagram, was shown to cause a deviation from conventional grain growth behavior, where 
grain size remains reduced at elevated temperatures.

Another possible recrystallization mechanism was suggested by computer simulations of an NC Cu-6.5at.%Ta alloy [206]. At 
temperatures above 1100 K (0.8–09 Tm of Cu), some of the smaller grains spontaneously melted and subsequently re-solidified into a 
new crystallographic orientation. The latter often continued the orientation of a neighboring grain or was close to that orientation and 
separated from that grain by a low-angle GB. Such intermittent local melting events coarsened the average grain size. At temperatures 
close to the melting point (e.g., 1200 K), the liquid pocket could survive for tens of nanoseconds before it finally solidified. The process 
is clearly driven by the interface free energy reduction. Although at T < Tm the liquid grain has a higher bulk free energy than the solid 
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solution, the total free energy of the solid–liquid interfaces separating the liquid grain from its neighbors can be smaller than the total 
excess free energy of the GBs surrounding the solid grain. Thus, if the grain can overcome the transformation barrier, its melting 
reduces free energy. The process is similar to the size-dependent melting of free nanoparticles and embedded clusters [434–440]. Once 
the GBs are replaced by solid–liquid interfaces, the neighboring grains can grow into the liquid pool and solidify it, eliminating the 
initial grain.

We hypothesize that the intermittent grain melting can be another recrystallization mechanism in NC materials during high- 
temperature anneals. The strain energy stored inside the cold-deformed grains and the excess free energy of the highly non- 
equilibrium GBs can increase the driving force for the grain melting and thus reduce the temperature at which the melting- 
solidification events can occur. Since the newly solidified grain regions are dislocation-free, the recrystallization mechanism 
described here could be effective at relatively high temperatures. We emphasize that this mechanism is unique to the microstructurally 
stable NC materials. It would not operate in unstable nanomaterials because of the rapid grain growth at high temperatures. So far, 
intermittent grain melting has only been observed in a single simulation study [206]. Future research can validate this mysterious 
phenomenon by further simulations and specifically designed experiments involving, for example, high-temperature in situ TEM.

3.9. Casting NCs from the liquid state?

We conclude this section by discussing another “think-outside-the-box” idea. In highly immiscible alloy systems, such as Cu-Ta and 
Cu-Nb, the liquid phase is highly heterogeneous on the nanoscale. For example, atomistic simulations have revealed that the liquid 
solution Cu-Ta with a relatively small Ta concentration consists of nanoscale Ta clusters embedded into the liquid Cu matrix [404]. 
Remarkably, the size of the clusters in this nano-colloidal liquid is nearly independent of the chemical composition and temperature. 
Even more remarkably, extensive simulations have shown that the nano-colloidal liquid is the thermodynamic ground state of the liquid 
phase. This structure resists both coarsening and coalescence of the Ta clusters. A uniform distribution of Ta atoms in liquid Cu quickly 
evolves into the nano-colloid. A large Ta particle embedded in liquid Cu breaks into nanoclusters. A planar Cu/Ta interface between 
the two liquids disintegrates, forming a nano-colloid. In short, the nano-colloid is the final state of any simulation starting from any 
initial distribution of the Ta atoms [404].

This highly unusual thermodynamic stability of Ta nanoclusters is explained by the negative free energy of the Cu/Ta interfaces, 
which are stabilized by a strong curvature dependence [404]. Note that the situation differs from the previously discussed negative GB 
free energy. In the latter case, the GB curvature can be treated as a second-order effect. Interfaces stabilized by spontaneous curvature 
are known in biological systems, such as vesicles, but are highly unusual in metallic materials. We should emphasize the difference 
between the thermodynamically stable metallic nano-colloid discussed here and the various types of nano- and micro-emulsions 
[441–448]. In the latter case, the system can remain dispersed for a long time but is not thermodynamically stable. It eventually 
evolves towards a more stable state by coalescence and sedimentation.

Simulations [404] have also shown that the nano-colloidal state of the Cu-Ta liquid can be quenched into a solid state, forming an 
NC structure with Ta nanoparticles embedded into the FCC Cu matrix.

It is tempting to suggest that the Ta-stabilized NC Cu alloys can be obtained by rapid solidification as an alternative to the powder 
metallurgy (PM) route used to synthesize them today. It is understood that the cooling rates implemented in the simulations are orders 
of magnitude faster than in the experiments. On the other hand, the behavior of the Ta nanoclusters in the experimental Cu-Ta samples 
is amazingly similar to that in the Cu-Ta liquid phase observed in the simulations. The Ta clusters in the NC Cu-Ta alloys have about the 
same size, which is only weakly dependent on the alloy composition and temperature [45,67,184,206,224,225,227,229,242]. The 
extraordinary resistance of the Ta clusters to coarsening, coalescence, or any significant size change suggests that they are likely 
governed by the same stabilization mechanism as the nanoclusters in the liquid nano-colloid. This similarity motivates future pursuits 
of microscopically stable immiscible NC alloys obtained by a suitable rapid solidification technique.

4. Properties of unstable NC materials: (from 1981 to ~ 2014)

4.1. Discovery by Gleiter and start of timeline for mechanics properties of NC materials

Since 1981, Gleiter’s pioneering work established NC materials as a unique class with the potential to transcend the performance 
limits of conventional materials [449]. This foresight was built on earlier concepts, including Feynman’s famous 1959 speech that 
envisioned novel phenomena at the nanometer scale [450]. Gleiter’s categorization of nanostructured materials—spanning zero-, one-, 
two-, and three-dimensional architectures—provided a foundational framework for subsequent research [2].

At the atomic level, the dense network of interfaces in NC structures promised transformative macroscopic behaviors. The in
terfaces facilitated the manipulation of atomic arrangements, defect densities, and electronic properties, unlocking new possibilities 
for enhancing the strength while controlling deformation mechanisms. However, realizing these promises hinged on producing high- 
quality, fully dense NC materials with uniform grain sizes [451]. Since traditional PM techniques faced significant limi
tations—particularly because achieving full density required high-temperature processing that led to substantial grain growth, 

Fig. 13. In situ grain growth and phase transformation in NC Fe95Au5 alloy [433]. (a) Grain size evolutions in α-Fe (at 700 and 800 ◦C) and γ-Fe (at 
1000 and 1100 ◦C). The inset shows the grain size after several cycles between 850 and 1000 ◦C. (b) Schematic illustration of α-Fe microstructure 
with Au nanoscale precipitates and its transformation into γ-Fe.
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undermining the nanostructured starting materials [452,453]—early research was primarily redirected toward investigating physical 
properties such as magnetism, electrical conductivity, and diffusion in NC metals, areas less dependent on full densification.

By the late 1980s and early 1990s, advances in the synthesis and testing of NC materials began revealing their mechanical potential. 
Reports on NC Cu, Ni, and Pd demonstrated significant increases in hardness and validated the Hall-Petch relationship, linking grain 
size to strength[454–457]. For grain sizes below 25 nm, however, a deviation from this relationship was observed, with negative Hall- 
Petch slopes indicating a transition to mechanisms such as GB sliding and diffusion-dominated plasticity [13,458–460].

Shortly thereafter, miniaturized mechanical testing techniques were employed to evaluate mechanical properties [461]. These 
techniques were adopted from those used to evaluate the high-temperature creep behavior of thermal barrier coating (TBC) materials 
developed mainly by Sharpe [462–464]. Weertman published some of the earliest works on tensile properties and creep, utilizing 
samples with only a few millimeters in gauge length and width [457]. These samples were produced through IGC of pure elements such 
as Cu, Pd, and Ag, and then compacted at room temperature under 1.4 GPa of pressure for 90 s, achieving densities of approximately 
85–95 % of the theoretical values. Creep behavior was analyzed based on previous research indicating increased diffusion in NC 
metals.

4.1.1. Rise of miniaturized testing borrowed from the nuclear industry
In the late 1990s and early 2000s, testing methods, such as miniaturized disk bending [465,466], small punch [467] or shear punch 

testing [468], automated ball indentation [469,470], impression creep [471,472], miniature tensile/compression and later nano
indentation [473], along with micro- and nano-pillar [474,475]/tensile testing were developed [464], that revolutionized the 
assessment of mechanical properties beyond simple hardness measurements. These methods were originally developed in the nuclear 
industry to evaluate radiation-damaged materials, where limited sample volumes necessitated innovative approaches.

Miniaturized methods offered several advantages, including the ability to process a large number of samples rapidly and cost- 
effectively. High-throughput capabilities allowed researchers to systematically evaluate mechanical properties across a wide range 
of compositions and processing conditions, improving statistical robustness. Additionally, the compact geometries of these tests 
enabled precise control of strain and stress states, facilitating detailed studies of deformation mechanisms.

Bulk NC metals synthesized via electrodeposition complemented these techniques. These materials, typically in the form of thin 
coupons with full density, provided ideal specimens for studying conventional mechanical properties such as tensile strength, hard
ness, and creep resistance. Electrodeposition also allowed precise control over grain size and chemical composition, enabling the 
systematic exploration of microstructural effects.

Despite their benefits, non-standard testing methods presented challenges, particularly in strain measurement accuracy. Tech
niques such as digital image correlation (DIC) and laser interferometry addressed these issues by providing high-resolution strain 
mapping, ensuring reliable measurements even for small and highly deformable specimens [476–478]. Proper validation of these 
methods remains critical to their reliability and reproducibility.

The synergy between high-throughput miniaturized testing and the growing availability of bulk NC samples accelerated the pace of 
discovery in the field. These approaches facilitated the identification of rare phenomena, such as the transition from dislocation- 
mediated plasticity to GB sliding at nanoscale grain sizes. They also enabled the rapid screening of novel material systems, 
advancing both fundamental understanding and practical applications.

As the development of NC materials continues, the integration of innovative testing methodologies with advanced synthesis 

Fig. 14. (a) Schematic trends of the yield stress vs. d− 1/2: from the single crystal limiting case Σo, the yield stress increases as d− 1/2 in the Hall-Petch 
regime. At nanoscales, the Hall-Petch breakdown leads to three possible behaviors, depending on whether dislocations are nucleated at quadruple 
junctions (i), at triple junctions (ii), or at GBs (iii) [483]. (b) Grain size dependence of the strength of magnesium. The solid black squares represent 
the flow stresses after 0.1 and 0.15 of compressive strains for the magnesium specimens [493]. Ref. [30] in this Fig. is by Yamashita et al. [494], 
[31] is by Somekawa and Mukai [490], and [24] by Hwang et al. [495].
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techniques will remain essential. The ability to probe mechanical behavior at increasingly small scales, combined with the robust 
statistical analysis offered by high-throughput methods, ensures that the field will continue to yield transformative insights and 
breakthroughs.

4.2. Understanding of un-stable NC response

4.2.1. The Hall-Petch relation
The Hall-Petch relation, a fundamental observation in materials science, was independently proposed by Hall in 1951 [479] and 

Petch in 1953 [480]. Over the past six decades, several reviews have celebrated its significance [59,65,82,481,482]. It should be noted 
that the Hall-Petch linear relation is purely empirical, defined as 

σ = σ0 + kH− Pd−
1
2 (3) 

where σ is the yield/flow strength of the metal, σ0 is the lattice friction, kH-P the Hall-Petch coefficient depending on factors such as 
lattice structure, texture, stacking fault energy (γSF), etc., and d the grain size in the materials. Cordero et al. compiled Hall-Petch plots 
for a wide range of metals, including BCC (Fe, V, Nb, Ta, Cr, Mo, W), FCC (Cu, Ag, Au, Ni, Al), and HCP metals (Ti, Zr, Hf, Co, Be, Mg, 
Zn, Cd) [65].

Several mechanisms have been proposed to explain the Hall-Petch relation. The various mechanisms have been analyzed in recent 
review articles [59,65,483]. The first mechanism was suggested by Petch based on dislocation pile-ups against GBs [484]. However, as 
Li [485,486] and later Ashby [487] pointed out, the drawback of this model is the lack of convincing experimental evidence supporting 
the notion of dislocation pile-ups against GBs, especially in pure metals where the Hall-Petch relation was well-established. In their 
2016 review, Cordero et al. [65] outlined over five mechanisms, including dislocation pile-ups, GBs acting as sources and sinks for 
dislocations [485], geometrically necessary dislocations (GNDs) [487], and composite models treating GBs and grain interiors as 
distinct [488,489]. Other models, such as dislocation avalanche and collective dislocation dynamics [483], have also been proposed. 
Fig. 14 (a) is based on the dislocation avalanche model by Louchet et al. [483]. The model results branch in the NC regimes depending 
on the location of the dislocation nucleation.

A common feature across these models is their reliance on the Taylor strain hardening model, where the flow stress is directly 
related to the square root of the dislocation density during plastic deformation. Fig. 14a schematically illustrates the trend of yield 
stress versus d-1/2, showing that if dislocations are nucleated only from GBs, no inverse Hall-Petch effect should be observed. Instead, a 
decreased Hall-Petch slope is expected. However, this prediction is at odds with convincing experimental results [82] shown in Fig. 14
(b). Also, it is hard, if not impossible, to pin down the exact dislocation nucleation mechanisms in NC materials under mechanical 
stress.

For low melting point metals, such as Al and Mg, the Hall-Petch breakdown can be attributed to GB-mediated plasticity as the 
experimentally measured activation volume for plastic deformation is on the order of a few ~ b3 (b is the magnitude of the Burgers 
vector) [490–492]. The work of Choi et al. [493] illustrated in Fig. 14b based on Mg in the grain size spectrum from nano- to 
micrometer showed a normal Hall-Petch effect for grain size about 1 μm. Below 1 μm, an inverse Hall-Petch effect was observed [493].

Recently, Figueiredo and Longdon [496] proposed a model based on GB sliding to provide a unified framework explaining the 
mechanical behavior from large grain size to NC materials, including the Hall-Petch effect, and strain rate sensitivity. Their model is 
based on two observations or assumptions. First, strain hardening capacity is usually diminished for materials with ultrafine-grained 
and NC microstructure. This is especially true at relatively high homologous temperatures, or at room temperature for metals with low 

Fig. 15. Double-logarithmic plot of flow stress versus grain size for Al, Cu, α-Fe and Ni along with experimental results. For the source of the 
experimental results, refer to [496]. The solid lines are based on the model, and the symbols represent experimental data points.
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melting points such as Al, Mg, etc., where a dynamic equilibrium can be established between dislocation multiplication and annihi
lation due to recovery/recrystallization. Second, the authors believe that it is an accepted notion in the materials science community 
that GB sliding plays a role in the plastic deformation of UFG/NC metals including Al, Cu and Mg. For this to occur, GB diffusion 
becomes very important. Based on those observations or assumptions, the authors derived the following equation to describe the stress 
as a function of factors such as strain rate, grain size, temperature, etc. 

Fig. 16. Effect of temperature on the Hall-Petch effect for Cu, Fe, and Mg. The general trend is that as the temperature increases, kH-P decreases. 
These plots were compiled by Figueredo et al. [482] (see their overview paper for the sources of the data presented in the plots).
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2db2 ln
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d3ε̇

10δDGB
+ 1

)√
√
√
√ (4) 

In the above equation, G is the shear modulus, k is the Boltzmann constant, T is the temperature in Kelvin, δ is the width of the GB, DGB 
is the GB diffusivity, ε̇ is the strain rate, and d is the grain size in the material. Fig. 15 is a double-logarithmic plot of the equation for a 
number of metals, and comparison with experimental results. The slopes of the solid lines from the model calculations are 0.5, 
signaling the Hall-Petch relation. The exception is Al for very fine grains (NC grains), indicating a Hall-Petch break-down to be dis
cussed in what follows.

It is worth pointing out that Equation (4) does not contain any fitting parameters. As such, the agreement between the model and 
the experimental results is remarkable, at least for the metals chosen for the analyses. However, the performance of the model for 
metals with high melting points (or at low homologous temperatures) needs to be further evaluated. There is another caveat associated 
with the Hall-Petch relationship. Ideally, one should only vary the grain size of the material when discussing the grain size effect while 
keeping other factors unchanged, such as the chemical composition or second-phase particles. In reality, this is far from the case, which 
often causes confusion in this area.

Many research efforts have been focused on factors that affect the Hall-Petch coefficient of kH-P, including texture, temperature, 
stacking fault energy, and plastic strain. It has been recognized that temperature has a strong effect on kH-P, especially at relatively high 
homologous temperatures (T/Tm > 0.25). This is not surprising as dislocation dynamics is a strong function of temperature. However, 
most literature models of the Hall-Petch effect do not incorporate the temperature effect. One of the few exceptions is the model 
proposed by Figueiredo and Langdon [496] (see Eq. (4) above). As temperature increases, the Hall-Petch coefficient decreases. This is 
shown in Fig. 16, which illustrates the results for Cu, Fe and Mg as compiled by Figueredo et al. [482].

Not much can be found in the literature regarding the effect of strain rate or loading rate on the Hall-Petch effect, especially in the 
UFG and NC regions. For example, Astafurov et al. [498], examined the effect of strain rate on the Hall-Petch coefficient kH-P for two 
austenitic stainless steels with coarse grains. It was found that while strain rate may affect the term σ0 in the Hall-Petch equation, its 
effect on kH-P was only marginal. For example, for two decades of increase in strain rate (1.0 × 10− 4 s− 1 to 1.0 × 10− 2 s− 1), only minor 
changes in kH-P were observed (322–327 MPa.μm0.5) for 316 steel.

There has been strong interest in the texture dependence of kH-P for practical reasons, especially in metal forming. This is 
particularly the case for materials such as Mg and its alloys with strong plastic anisotropy. A significant texture dependence has been 
established for the Hall-Petch coefficient of such materials [499–503]. Yu et al. published a brief but critical review on the Hall-Petch 
effect in Mg and Mg-alloys [499]. It was also found that alloying Mg with rare earth elements can mitigate the texture dependence of 
the Hall-Petch effect [504].

Grain size effect on kH-P manifests itself when the grain size d is refined into the UFG/NC regimes, particularly at moderate and high 
homologous temperatures when GB sliding becomes significant, which will be discussed in the following section. When the grain size 
of a metal is refined into the NC regime, especially around 20 nm or smaller, the Hall-Petch slope levels off and may eventually become 
negative. This breakdown of the Hall-Petch relation has been widely termed the inverse Hall-Petch effect. For example, Fig. 17 shows 
the compilation by Razavi et al. [505] for prismatic slip in AZ31 Mg alloy, including the authors’ own data and data from the literature. 
Since the grain size of the AZ31 Mg alloy was reduced by the “top-down” method (SPD) and no volume defects (such as those from 
powder consolidation) are of concern, the kH-P values can be trusted.

Fig. 17. Hall-Petch plot for prismatic slip in AZ31 Mg alloy, compiled by Razavi et al. [505]. Refer to the original article for the source of data in 
the plot.
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There have been challenges in confirming the inverse Hall-Petch effect. First, early experimental results suffered from artifacts 
caused by the materials processing routes, especially powder metallurgy, or bottom-up methods involving two-step processes. Such 
effects as poor inter-particle bonding, contamination, and residual porosity may give rise to spurious grain size effects [42,455]. The 
second challenge is the ubiquitous stress-driven grain growth observed in pure metals, even at low homologous temperatures 
[506,507]. The third challenge lies in the difficulty in singling-out the grain size effect when other factors, such as compositional and 
microstructural changes, are also involved. As such, early experimental results are subject to debate [42]. Even later results for the 
inverse Hall-Petch effect are debatable due to the possible processing artifacts, grain growth effects, and errors associated with the 
conversion of hardness to yield strength in NC materials [82].

Predictions from MD simulations [31,508–514] have suggested the inverse Hall-Petch effect for extremely small grain sizes. The 
proposed mechanisms include the lack of dislocation storage in NC metals during plastic straining, GB sliding, grain rotation, and GB 
diffusion. Experimental validations of the MD simulations are still a challenge. Other models and mechanisms have also been proposed 
to explain the inverse Hall-Petch effect, such as the dislocation-based model [509,515], diffusion-based models [460,516], GB shearing 
models [13], and two-phase-based models [517]. At ultrafine grain sizes, the GB sliding mechanism is often assumed to be rate- 
controlling, further contributing to the observed weakening. Under this mechanism, as the grain size decreases, the material 
strength diminishes due to the increased role of GB sliding over the dislocation-driven mechanisms [482,496,518–520].

4.2.2. Strain rate sensitivity and activation volume
Many articles have been published since the early 2000s on the strain rate sensitivity (SRS) and activation volume of NC metals and 

alloys [26,41,521,522]. It has been established that the trend in SRS as a function of grain size depends on the crystalline structure of 

Fig. 18. (a) Strain rate sensitivity parameter (m) of copper as a function of grain size (d) [41]. (b) Strain rate sensitivity of BCC metals. The solid 
curve was calculated based on the model presented in Ref. [35] of the original paper [41]. (c) Strain rate sensitivity of HCP metals as a function of 
grain size.
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the metal. For FCC materials, earlier work showed that SRS increases with decreasing grain size and increasing plastic strain [523]. The 
SRS of NC FCC metals can be one order of magnitude higher than that of the coarse-grained counterparts. Fig. 18a shows the trend of 
SRS parameter m as a function of grain size for FCC Cu [41].

The trend in SRS of BCC metals (Fig. 18b) as a function of grain size is drastically different from that for FCC Cu—it decreases with 
decreasing grain size, except for NC tantalum, as shown by MD simulations recording a remarkable SRS value attributed to GB- 
mediated plasticity. Another MD simulation of NC Ta films reported SRS values close to the experimental results [524]. Similar MD 
results were reported for NC BCC iron but with a much lower SRS value [103]. New data [525,526] after the publication of Fig. 18b for 
BCC metals did not add new observations but confirmed the established trend [41]. Some experimental results on sputter-deposited 
high-purity Ta showed increased SRS in the NC regime [527]. However, it should be noted that Ta thin films fabricated by physical 
deposition, such as direct current magnetron sputtering, can exhibit a tetragonal or BCC structure, or a mixture of both [527]. Wang 
et al. [528] even reported a negative SRS based on indentation measurements on sputter-deposited Ta, presumably caused by the β-α 
transformation induced by the pressure under the indenter. Considering that BCC metals, including Ta, are very sensitive to interstitial 
impurities, the effects of interstitials on the SRS trend in the NC regime need more research.

The data on SRS of HCP metals as a function of grain size is quite scarce. No convincing trend has been established in this case. 
Fig. 18c shows some sporadic data for different HCP metals. However, the general trend for magnesium and its alloys is that as the 
grain size is reduced, SRS increases along with a reduction in plastic anisotropy and strain hardening rate, significantly improving the 
tensile ductility of Mg and Mg-alloys [491–493,529,530]. These recent experimental results have confirmed the earlier observations by 
Hwang et al. [495,531]. Choi et al. [493] fabricated Mg with grain sizes ranging from 60 nm to a few micrometers and observed 
increased SRS in the nano-regime. Fig. 19 displays the results for SRS and activation volume as a function of the the grain size in Mg 
[493]. Fig. 19 (a) shows that the SRS of Mg nearly follows the Hall-Petch trend with the inverse square root of the grain size as shown in 
Fig. 19(b). Accordingly, the activation volume for plastic deformation decreases. Wang and coworkers produced NC Mg by ball milling 
followed by SPS and measured an SRS of 0.17 [532]. These authors attributed the extremely large compressive strain (~120 %) to the 
exceptionally high SRS. Since the mechanical testing was performed under compression, it would be interesting to see how the samples 
behaved under tension. “Superplasticity under compression” as stated by the authors in their paper [532], is a misnomer. Recent work 
by Yu and co-workers on the creep behavior of an NC Mg–Gd–Y–Zr alloy using instrumented nanoindentation reported a negative SRS 
and the authors attributed the results to deformation twinning [533]. The work by Wan et al. [534] on a similar NC Mg alloy did not 
report a negative SRS. However, from the stress–strain curve and the high strength and strain hardening, a negative SRS would not be 
convincing [534].

Asaro and Suresh [535] proposed a mechanistic model to explain the small activation volumes and enhanced SRS of FCC metals 
with NC grains and nano-scale twins. A significant part of their explanation is based on Rice’s model [536] for the emission of dis
locations at a crack tip due to stress concentration. The model also considers the emission of partial dislocations and the contribution of 
mechanical twinning, which has been observed experimentally in some FCC metals. Their model gives activation volumes in the range 
of 3–10 b3. However, as pointed out by Swygenhoven et al. [537], the model is based on purely athermal, mechanically-driven 
nucleation and propagation of dislocations from GBs. Zhu et al. [538], based on MD simulations, proposed a mechanistic frame
work to predict the strain rate sensitivity of NC metals with profuse twins. They showed that slip transfer reactions mediated by twin 
boundaries are the rate-controlling mechanisms of plastic flow. Their work was aimed at understanding the exceptional combination of 
high strength and good ductility of nano-twinned Cu [48].

For BCC metals, the activation volume decreases to a nearly constant value when the stress is increased to a moderate level 
[539,540]. This phenomenon can be readily understood by considering the double-kink nucleation process as the rate-controlling 
mechanism for BCC metals at low homologous temperatures. Dorn and Rajnak’s analyses [540] showed that the critical length of 
the double kink, or the spread width between the two kinks, would be ~ 1.0 μm. Below this, the activation volume decreases with stress 

Fig. 19. Plots of (a) strain rate sensitivity and (b) activation volume as a function of grain size of magnesium [493].
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only very slowly. However, the stress still follows the Hall-Petch relation. The Hall-Petch coefficient is usually independent of strain 
rate and temperature, and the grain size to a large extent [541] The decrease of SRS with the reduction of grain size in BCC metals can 
be explained by the increasing prevalence of GB strengthening while the rate-controlling mechanism stays the same, namely, 
nucleation of double kinks. It is uncertain if double-kink nucleation is still the rate-controlling mechanism when the grain size falls 
below 50 nm. Available experimental data on samples of fully dense BCC metals have only been available for the smallest grain size of 
~ 40 nm [526]. Whether GB-related mechanism affects even smaller grain-size metals is an open question. Because most BCC metals 
are refractory metals with high melting points, their production as bulk NC materials is extremely difficult. Other unconventional 
mechanical testing techniques, such as micro-compression [475], may need to be utilized to probe the rate effect on small specimens. 
New models may be required if experimental results contradicting the present observations become available.

For HCP metals, a model for the grain size dependence of SRS is still lacking. Zheng et al. [542] examined the origin of SRS over a 
decade range of strain rates (10-5 to 105 s− 1) considering three mechanisms: dislocation nucleation, time of flight (dislocation 
mobility), and thermally activated escape of pinned dislocations. Their work was based on discrete dislocation simulations, even 
though HCP titanium was used as the model material. How the work can be extended to include the effect of grain size or other length 
scale parameters is uncertain.

Armstrong examined the literature data for strain rate sensitivity and proposed that SRS and the reciprocal of activation volume 
followed Hall-Petch relation when plotted again the inverse square root of grain size [59]. Fig. 20 (a) displays the inverse activation 
volume versus the inverse square root of the grain size (l), and Fig. 20 (b) is the double-logarithmic plot of the inverse activation 
volume versus the grain size.

Similar Hall-Petch effect of activation volume and strain rate sensitivity was observed and elaborated by Figueiredo et al. 
[482,496]. However, such trends could only be established for FCC metals. BCC metals do not follow the trend, as seen from the 
previous discussions. Whether HCP metals follow such a trend is still an open question.

4.2.3. Creep behavior of NC materials
Creep is a fundamental property describing the mechanical behavior of materials at high temperatures, which plays a crucial role in 

the operational life of many engineering components. In coarse-grained materials (with an average grain size greater than 1000 nm), 
the creep deformation mechanisms are well-known [543] and are dominated by dislocation climb and lattice diffusional flow. These 
mechanisms have been combined in a classical macroscopic treatment, wherein the steady-state creep rate ε̇ under an applied stress σ is 
given by [543]: 

ε̇ = AD0exp
(
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)p(σ
μ

)n
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where A is a dimensionless constant, D0 is the frequency factor, Q is the activation energy for creep, T is the temperature, μ is the at- 
temperature shear modulus, p is the grain size exponent, and n is the stress exponent. The value of the stress exponent n can be used to 
distinguish between the dominant mechanisms: n = 1 implies a stress-directed diffusion-dominated Coble and Nabarro-Herring creep 
mechanisms, while n ≥ 3 implies a dislocation-mediated creep mechanism.

Fig. 21 visually represents a simple relationship (based on Eq.(5)) between steady-state creep and applied stress for two-grain sizes. 
As the grain size decreases, particularly approaching the NC range, GB diffusion creep becomes increasingly dominant and significant 
even at lower temperatures and moderate stress levels. This observation has been experimentally confirmed [14,544–552], as the 
diffusion-based mechanisms of Nabarro-Herring and Coble creep generally exhibit a smaller stress exponent and a stronger depen
dence on grain size compared to dislocation-based mechanisms [553]. Consequently, Coble creep prevails in materials with finer grain 
sizes, such as those within the NC regime, facilitated by GB diffusion at relatively lower temperatures, leading to higher steady-state 
creep rates [554]. Notably, many pure NC materials, characterized by grain sizes below 100 nm, exhibit steady-state creep rates four to 
five orders of magnitude higher than those observed in coarse-grained materials [17,544,555].

Despite their excellent properties at room and cryogenic temperatures [21,33,42,62], NC materials exhibit somewhat inferior creep 
behavior compared to coarse-grained materials, which is primarily attributed to the high diffusivities in NC materials. For instance, 
Gleiter reported significantly higher diffusivities in NC Cu than in conventional Cu [2]. Chokshi et al. [455] attributed the inverse Hall- 
Petch effect in NC Cu to rapid diffusion creep (Coble creep) at room temperature, but the inverse cube dependence of strain rate on 
grain size could not be experimentally verified. Further, an early investigation focused on NC Cu at room temperature [556] revealed 
that NC Cu exhibits a higher steady-state creep rate than its coarse-grained counterpart. The NC Cu synthesized using IGC and 
consolidated at room temperature, had an average grain size of 25 nm, as determined through XRD measurements.

While no definitive conclusions were drawn regarding the rate-controlling mechanisms during creep in NC Cu, an important 
observation was that a significant enhancement in creep rate does not occur as grain size decreases. Similarly, Wang et al. [545] 
studied the high-temperature creep behavior of NC Ni-P alloys produced by crystallizing amorphous ribbons. They focused on the 
stress exponent and activation energy, examining NC Ni-P samples with grain sizes of 28 nm and 257 nm under a tension-based setup at 
573 K with an applied load of 146 MPa. Analysis of the creep curves showed instant high strains and an initial stage showing a 
decreasing creep rate, with the 28-nm sample exhibiting a significantly higher creep rate than the 257-nm sample. These findings 
suggest a change in creep mechanisms as grain size decreases.

Sanders et al. [557] extensively investigated the creep properties of NC Cu with varying grain sizes in the temperature range of 
0.24–0.48 Tm. In the low-temperature region, NC Cu exhibited slow creep rates following the logarithmic or exhaustion creep rela
tionship. However, the measured creep rates were notably slower than those predicted by the Coble creep theory [554]. Similarly, Cai 
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Fig. 20. (a) Hall-Petch plot of reciprocal activation volume for nickel, and (b) double-logarithmic plots of reciprocal activation volume for Cu and Ni versus grain size for Cu and Ni, compiled by 
Armstrong in celebrating six decades of Hall-Petch effect [59]. See the papers by Armstrong for the literature data sources.
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et al. [546] observed a GB diffusion-based mechanism during the tensile creep of pure NC Cu at around room temperature (0.22 Tm – 
0.24 Tm). In the case of high-strength materials such as Ni, Wang et al. [545] investigated the influence of grain size on the room 
temperature steady-state creep rate of NC Ni, which was processed using an electrodeposition technique. Their finding suggests that 
the effect of grain size on creep behavior aligned with the model of GB sliding controlled by GB diffusion. Further, they observed faster 
creep rates for smaller grain sizes, and the total creep strains measured in the experiments were less than 0.01, which may not be 
sufficient to confirm the presence of steady-state creep. Similarly, Yin et al. [548] conducted a tensile creep test on NC Ni at room 
temperature. They measured the stress exponent, which was found to be one (1), confirming the creep rate associated with diffusional 
Nabarro-Herring or Coble creep, exhibiting a linear dependence with the true applied stress [553].

The studies discussed above have generally found that as grain sizes approach the NC range, GB diffusion creep becomes 
increasingly dominant and significant at low temperatures (e.g., room temperature) and moderate stress levels. However, the lack of 
TEM characterization of post-deformed samples in these studies makes it challenging to determine the controlling creep mechanism(s) 
definitively. Various factors, such as difficulty with sample preparation, and sample size and geometry may contribute to the lack of 
TEM characterization. Additionally, some of the consolidated NC samples used in these studies have been too small to undergo 
conventional, large-scale mechanical tests.

In recent years, the indentation method has emerged as an effective approach to studying the creep deformation of NC materials 
[17,558–563]. Most of the nanoindentation creep studies have indicated mixed diffusional mechanisms [561]. However, it is essential 
to consider the state of stress in nanoindentation, as some reports have observed dislocation nucleation and high creep rates under high 
stresses induced by the indenter tip [560,563,564]. Despite the progress made with nanoindentation, studies on the creep behavior of 
NC metals and their alloys at elevated temperatures remain limited, even for bulk-scale samples [67,230,560,562].

Alongside experimental investigations, atomistic modeling, such as MD simulations, has played a crucial role in understanding 
creep behaviors and the underlying mechanisms of NC materials. For instance, Swygenhoven et al. [27,35,39,565,566] have con
ducted MD simulations on various NC materials, including NC Ni, at low temperatures and found that creep deformation in these 
materials could be attributed to GB sliding, grain rotation, and GB motion. Gleiter and co-workers studied various aspects of defor
mation mechanisms, including diffusion creep in Si and Pd at high temperatures. The creep behavior in these cases is controlled by GB 
diffusion and described quantitatively by Coble creep [31,283,510,547]. More recently, using atomistic simulations, Wang et al. [567] 
suggested that the creep mechanism in NC materials can transition from Coble creep to GB sliding to dislocation-base plasticity. 
Unfortunately, high strain rates and the short time scale limit the broader applicability of MD simulations since lattice diffusion and 
solute hopping that occur at low temperatures are nearly frozen on the MD time scale. Nevertheless, these atomistic simulations have 

Fig. 21. Illustration of a simple relationship between steady-state creep and applied stress for two-grain sizes [544].
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been instrumental in providing insights into the complex creep behavior of NC materials.
While the experimental studies have provided valuable insights, certain limitations must be acknowledged. One major challenge 

arises from the relatively small total creep strains measured, usually not exceeding 0.05, making it difficult to distinguish between 
gradual creep rate decreases and the attainment of steady-state creep [568]. Moreover, the lack of sufficient data on the grain size 
dependence of creep rate makes it hard to definitively determine the dominant creep mechanism. The absence of post-TEM charac
terizations of deformed samples further compounds the issue, as it hinders the understanding of rate-controlling mechanisms in NC 
materials. Concurrent deformation processes and microstructural changes during prolonged creep tests can lead to wide variations in 
reported steady-state creep rates and controlling mechanisms [17,544,546,548,569]. For instance, in some studies on NC Ni, stress 
exponent values have been reported in the range of 1 to 40 for approximately the same average grain size [545,548,570–572]. This 
discrepancy can be attributed to concurrent grain growth during creep deformation, as thermo-mechanically induced microstructure 
instability has been observed at both room and high temperatures [17,544,546,548,569]. For example, NC Ni displays grain growth 
during creep deformation [571]. At moderate temperatures, NC Cu displays a continuous decrease in creep rate even after prolonged 
testing, accompanied by grain growth from 25 nm to several hundred nanometers [557]. Similarly, almost a five-fold increase in grain 
size was observed during room temperature creep of NC Ni by Wang et al. [560], as seen in Fig. 22.

While refining microstructure in pure metals and alloys through nano-crystallization holds promise, microstructural instability can 
hinder practical applications of bulk NC materials (with overall grain size not exceeding about 100 nm). Therefore, the suitability of 
NC materials for structural applications is yet to be thoroughly evaluated. The observed variations in stress exponent values can be 
attributed to factors such as concurrent grain growth, impurities, level of creep strains, testing conditions, and sample geometry. 
Nonetheless, these findings underscore the significant influence of grain structure on the creep behavior of NC materials, with a 
decrease in grain size leading to an increase in the creep rate.

4.2.4. Fatigue properties of NC materials
Cumulative damage due to cyclic loading is a leading cause of structural failure in many technologically critical applications. 

During cyclic loading, the local microstructure in highly stressed areas evolves, eventually leading to the nucleation and growth of 
small surface cracks near impurity sites, persistent slip bands (PSBs), or GBs that interact and interlink. Ultimately, these micro
structural changes can result in catastrophic failure [573,574]. Viable ways to improve fatigue resistance include enhancement in 
tensile strength, reduction in initial damage, and dispersion of accumulated damage (as opposed to strain localization) during cyclic 
loading [575]. In coarse-grained materials, the fatigue strength is typically enhanced by increasing the tensile strength through solute 
additions, heat treatment, or reduction in grain size [49,576,577]. The underlying mechanisms for such improvement in fatigue 
strength point toward competition between crack initiation and damage accumulation [21]. Typically, solute additions improve fa
tigue strength by stabilizing the microstructure, altering the stacking fault energy and dislocation cross-slip behavior, and/or retarding 
crack advancement [578].

Several recent studies have indicated enhanced fatigue behavior of NC metallic materials and hierarchical gradient nanostructure 
materials compared to their coarse-grained counterparts [579–584]. This is attributed primarily to greater resistance to crack initiation 
[21,49,585,586] and strain localization [587–589]. Thus, NC materials present a viable alternative to coarse-grained equivalents for 
cyclic load-bearing structural applications. Despite the great potential of NC alloys, very few studies have addressed their micro
structural evolution under fatigue loading when the grain size remains stable during cyclic loading.

It is well-established that, under similar conditions, the endurance limit of initially smooth-surfaced specimens generally correlates 
with the material strength, which tends to increase as the grain size decreases. Recent studies have revealed that NC/UFG metals 
subjected to cyclic fatigue loading exhibit heightened crack initiation thresholds and accelerated crack propagation rates, contributing 
to enhanced fatigue lifetimes [579–583]. The improved fatigue resistance is primarily attributed to the combination of higher yield 
strength and smaller grain size in NC/UFG materials compared to conventional coarse-grained counterparts [21,49,585,586]. In 
essence, the suppression of dislocation activity in NC materials effectively increases the strength [35]. Consequently, NC materials 
demonstrate superior resistance to fatigue crack initiation (due to strain delocalization) and higher fatigue endurance limits during 
stress-controlled high-cycle fatigue tests.

For instance, investigations by Hanlon et al. [581,582] into the fatigue behavior of cryo-milled Ni at a load ratio (R) of 0 have 
revealed an increased fatigue endurance limit with grain size reduction, as depicted in Fig. 23. Additionally, smaller grain-size ma
terials exhibited significantly higher crack initiation resistance at a lower load ratio than their coarse-grained materials. Similarly, the 
S-N behavior of pure electrodeposited Co under both NC and coarse-grained regimes at an R-value of 0.25, as shown in Fig. 23b [590], 
underscores the strong dependence of fatigue behavior on grain size. The cyclic loading resistance of electrodeposited pure Co is 
notably higher in the NC state than in the coarse-grained state. Similar enhancements in fatigue life have also been observed in alloy 
systems, such as Ni-Fe and Ni-Mn, under R = − 1 loading conditions [585]. However, it is important to note that grain refinement does 
not universally guarantee improved fatigue life, as experimental results have shown variation within the same material systems with 
similar grain sizes. For example, Cavaliere et al. [590] demonstrated that NC Ni samples with closely matched microstructures 
(average grain sizes of 20 nm and 40 nm) at R = 0.25 exhibited markedly different fatigue behaviors, indicating that fatigue life did not 
consistently correlate with grain refinement. Additionally, Fan et al. [591,592] found that fatigue life in NC Ni-Fe with an average 
grain size of 18 nm for R = 0.1 was comparable to coarse-grained materials, in contrast to the findings by Boyce et al. [585]. These 
divergent outcomes (Fig. 23) emphasize the effects of sample preparation and material quality, consistency, and variability, and the 
need for a systematic approach to determine the fatigue behavior of NC materials while accounting for other extraneous effects.

In NC materials, high fatigue life is attributed to an increase in the number of cycles required for crack nucleation since the small 
grain size makes nucleation of lattice dislocations and their propagation difficult [537]. On the other hand, GB processes govern most 
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Fig. 22. Bright-field TEM image of as-deposited Ni, showing an average grain size of about 14 nm. Bright-field STEM image of Ni indentation creep at 448 K showing the grain structure is uniform and 
the size is about 77 nm [560].
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of the mechanical properties of NC materials. Therefore, fatigue crack initiation in NC materials has been associated with subsurface 
nucleation at internal defects and/or surface extrusions. However, the exact mechanisms of surface extrusions are unclear since the 
average grains in these NC materials are too small to form PSBs, as in the case of coarse-grained materials. Through atomistic sim
ulations in NC Al [537], nucleation of dislocations from GBs and their propagation through the grain interior by a pinning-depinning 
mechanism have been observed. These dislocations glide across the adjacent or opposite GBs until being fully absorbed into the GBs. 
The formation of PSBs is impossible. One possible scenario would be where the crack initiation that results in higher fatigue life is 
preceded by the formation of coarse grains enabling PSB mechanisms, i.e., localized grain growth [585] (see Fig. 24). In fact, me
chanically driven recrystallization and grain growth have been observed under both monotonic and cyclic conditions in NC and UFG 
materials [49,507,593,594]. Grain geometry is also said to influence growth, where the elastic mismatch increases the elastic driving 
force and causes local variations in GB mobility [585,595].

Overall, the substantial variability in the reported fatigue life of NC materials can be attributed to differences in loading conditions, 
impurities, sample preparation techniques, sample dimensions/geometry, and the evolving microstructure as a function of cyclic 
loading. Importantly, since many NC metals exhibit deformation-induced grain growth [585], gaining a comprehensive mechanistic 
understanding of their fatigue behavior remains challenging.

The analyses of crack resistance and the growth of stable crack behavior are critical to many engineering applications. Generally, 
fatigue crack growth behavior is evaluated for single-edge notch material specimens with pre-existing cracks under constant cyclic 
load experiments. As such, the mechanism for crack resistance, i.e., resistance to subcritical fatigue fracture and growth mechanisms, 
can be inferred. In materials with a coarse-grained structure, certain mechanisms contribute to the increased range of the stress in

Fig. 23. (a-d) Plots of applied stress versus number of cycles to failure (Nf) for Co and Ni with different grain sizes [573,581,585].
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tensity factor threshold of the fatigue crack. These mechanisms involve strain localizations and periodic deflections of the fatigue crack 
path at GBs during crystallographic fracture. These result in enhanced resistance to fatigue crack growth, facilitated by plastic 
deformation, crack-tip blunting, and the intricate crack path observed in both coarse-grained and UFG materials [21,575,582], as 
shown in Fig. 25. Further, in coarse-grained materials, the enhancement in strength due to a reduction in the average grain size leads to 
enhanced fatigue life (Nf ) disregarding other structural influences. Here, the fatigue life is dominated by the crack nucleation as the 
grain refinement reduces the extent of crack path tortuosity (Fig. 25). However, isolating the exclusive impact of grain size on fatigue 
response in coarse-grained materials is often challenging due to the influence of other structural factors such as second phases, im
purities, crystallography, initial defect density, etc.

Fig. 26 shows fatigue crack growth data for various NC materials as well as some coarse-grained and UFG materials. The reduction 
in grain size from coarse-grained to NC range is in line with expectations, leading to a distinct decrease in threshold (ΔKth) and a 

Fig. 24. Plausible crack initiation mechanisms in NC metals (after [585]): (a) initial state, (b) initial grain growth, (c) enabling PSB mechanisms, 
and (d) crack initiation due to interaction of PSBs with the free surface.

Fig. 25. Scanning electron micrographs of (a, d) microcrystalline (mc), (b, e) UFG, and (c,f) NC Ni [582] showing varying levels of plastic 
deformation, crack tip blunting, and crack growth.
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significant rise in the rate of fatigue crack growth from the threshold point to the ultimate failure. In other words, experimental results 
show that with grain size reduction, the resistance to crack propagation also diminishes. Accordingly, the fatigue crack growth curves 
shift to the upper left on a da/dN and ΔK log-log plot [582], Fig. 26. This trend is consistent across various materials and processing 
conditions [582,590]. It’s worth noting that the presence of impurities, such as hydrogen or oxygen, introduced during the processing 
of NC materials, as well as potential grain growth, can significantly contribute to this observed behavior. However, the existing 
literature often lacks comprehensive data on such factors, making the precise mechanisms and trends harder to ascertain. Nevertheless, 
the limited toughening in NC materials can be ascribed to the interplay of crack-tip plasticity and the crack path, involving microcrack 
bridging and the diversion of the crack trajectory. Once the crack grows, it propagates through the NC region with a straight path [582] 
instead of a tortuous path seen in coarse-grained and UFG materials [21,575,582] due to limited crack tip plasticity (also in part due to 
limited ductility under tension). The occurrence of flat, non-tortuous fatigue crack paths becomes evident with the progression of grain 
refinement, ultimately influencing the fatigue crack growth resistance adversely, as shown in Fig. 25 (c).

To further illustrate the issue, Hanlon et al. plotted the change in crack length as a function of the number of fatigue cycles for pure 
Ni with various average grain sizes. As shown in Fig. 27, the crack growth rate in NC Ni is significantly higher than that in the UFG and 
coarse-grained counterparts [49,581,582]. Other researchers have also demonstrated similar behavior: their experimental work on 
fatigue of NC metals shows higher fatigue crack growth rates than those in coarse-grained alloys [49,581,582]. The observed increases 

Fig. 26. Variation of fatigue crack growth rate, da/dN, as a function of the stress intensity factor range, Δ K, for (a) Ni and (b) Co with various grain 
sizes [49,581,582].

Fig. 27. (a) Variation in crack length as a function of the number of fatigue cycles for Ni [49,581,582], and (b) Ion-channeling image showing cyclic 
deformation induced micron-scale grain growth in NC Ni-Mn [49].
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in fatigue crack growth rates indicate the possibility of different crack tip deformation/closure behaviors in NC metals compared to 
coarse-grained metals. While some trends in fatigue behavior in NC metals show the existence of grain size dependence, there is still a 
lack of fundamental understanding of the critical microstructural characteristics of NC metals (e.g., grain size heterogeneities) and 
their subsequent effects on fatigue crack growth mechanisms (e.g., cyclic plasticity). It is again worth repeating that in fatigue crack 
growth studies performed to date, NC metals have strongly exhibited deformation-induced grain growth [49] (Fig. 27b). Grain stability 
is an essential factor that will affect the crack initiation and propagation process in NC materials.

Overall, the fatigue behavior of NC materials can be understood through the following expression [596,597]: 

Nf = Nnuc +Nlc (6) 

where Nnuc is the number of cycles to nucleate a crack, and Nlc is the number of cycles for long crack growth within the Paris regime. 
Generally, Nnuc depends on microstructure and has an inverse relation with the average grain size d [598]: Nnucα1/d. Thus, the finer the 
grain size, the more cycles are needed to nucleate a crack, which is primarily a surface phenomenon. Hence, in NC material, most of the 
fatigue life is spent nucleating a crack, unlike that in coarse-grained materials. For NC materials, the stress amplitude versus Nf plot 
typically shows a right shift with refined grain size [581]. However, inconsistent results from the literature complicate our under
standing of the effects of relevant operative length scales on fatigue crack nucleation processes. Nevertheless, grain growth or 
microstructural instability contributes significantly to Nnuc. Thus, microstructural stability and damage delocalization are important 
parameters controlling Nnuc in NC materials. On the other hand, Nlc might not solely rely on microstructural characteristics, as it is 
primarily regulated by plasticity, typically diminished in NC materials. In essence, after the fatigue crack traverses through grains that 
have coarsened during cyclic deformation, its continued propagation becomes unobstructed due to restricted crack-tip plasticity and 
reduced tortuosity. Therefore, strength–ductility combinations can be used to enhance NC materials’ Nlc.

4.2.5. High strain rate deformation
First, it is useful to define the strain rate (ε̇) range utilized in scientific research and engineering practice [599]. Static experiments, 

such as creep dominated by viscoelastic/viscoplastic material response, correspond to strain rates ≤ 10-5 s− 1. Quasi-static strain rate 
corresponds to the range of up to ~ 100 s− 1 utilizing conventional hydraulic, servo-hydraulic, or screw-driven test machines. The 
medium or dynamic strain rate regime utilizes high-velocity hydraulic or pneumatic machines producing strain rates from 101 s− 1 to 
103 s− 1, where inertial forces become important. Dynamic high strain rate regime corresponds to ε̇ up to 5x104 s− 1, and ultra-high 
strain rates involving high-velocity impact-producing shock waves correspond to strain rates above 105 s− 1 [599].

Accurate evaluation of the mechanical behavior of materials within the medium dynamic strain rate range remains challenging. 
The most utilized experimental technique for dynamic high-strain rate behavior is the Kolsky bar (or Split-Hopkinson Pressure Bar) 
technique, which can load specimens at high strain rates under torsion, compression, and tension [599]. Among the three modes, 
loading under compression is most investigated. Many articles, and even books, can be found about the working principles, design, 
manufacturing, operation and data processing, and interpretation of Kolsky bar systems for various materials [600–602]. Miniature 
Kolsky bar systems have also been designed, manufactured, tested, and analyzed [603,604].

To understand the dynamic high strain rate behavior of NC materials, it is essential to first grasp strain rate sensitivity across the 
static to high-impact velocity regimes. Fig. 28 illustrates the flow stress of oxygen-free high thermal conductivity (OFHC) copper across 
three regions [603,604]: 1) the thermal activation region, where plastic deformation is dominated by thermally activated slip 
mechanisms, 2) the transition region, influenced by microstructure and lattice properties, and 3) the upturn phonon drag region, 
where lattice vibrations (phonons) dominate dislocation drag.

At low to moderate strain rates, plastic deformation occurs as dislocations overcome energy barriers from the material’s intrinsic 
lattice resistance, as defined by the energy barrier model by Kocks et al. [607]: 

ΔG = ΔG0

[

1 −

(
σ
σ0

)p ]q

(7) 

where ΔG0 is the activation energy at 0 K (for which σ = 0), σ is the applied stress, σ0 is the thermal component of the stress, and p and 
q are experimentally determined parameters. At higher strain rates, energy from plastic deformation turns into heat, causing adiabatic 
localized heating, which the Zerilli-Armstrong model [608] accounts for. However, this model does not include the dislocation drag at 
high strain rates.

The Johnson-Cook model [609] provides a widely used empirical expression for strain rate dependence of flow stress, while the 
Zerilli-Armstrong model accounts for adiabatic heating but omits dislocation drag. The upturn in flow stress due to dislocation drag 
was first observed in Cu by Follansbee et al. [610] and modeled by Follansbee and Kocks [611], with further refinements by Fan et al. 
[612] for BCC materials and Huang et al. [613] for FCC materials. Despite these advances, a comprehensive understanding of all 
dislocation barriers remains incomplete.

Dislocation drag arises from interactions between dislocations and lattice excitations (electrons, phonons, or magnons), with the 
drag force F proportional to dislocation velocity v: 

F = Bv (8) 

where B is the drag coefficient [599]. This coefficient combines contributions the from electron (Be), phonon (Bph), and magnon (Bm) 
drag. The dislocation velocity increases with the strain rate dγ/dt according to Orowan’s equation dγ/dt = ρm.b.v [614], where ρm is the 
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Fig. 28. Flow stress as a function of strain rate for polycrystalline Cu. Experimental results are from Jordan et al. [605] on static tests (†) and House et al. [606] on Taylor Anvil tests (҂). The thermal 
activation, transition, and upturn regions are marked with blue, red, and green lines, respectively. (For interpretation of the references to color in this Fig. legend, the reader is referred to the web version 
of this article.)
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density of mobile dislocations and b is the magnitude of the Burgers vector. Phonon drag, particularly significant at high temperatures 
and strain rates, results from interactions between fast-moving dislocations and phonons, and can increase the flow stress. To enhance 
ductility at high strain rates, obstacles are introduced to slow the dislocation glide and prevent phonon drag from leading to failure. At 
elevated temperatures, the drag force increases as phonon occupation numbers rise, with other defects like twin boundaries also 
influencing the dislocation motion and the drag effects. Recent atomistic studies have shown that decreasing grain size in pure NC 
metals enhances both low- and high-frequency phonon DOS [605,615,616]. The lower atomic density in GB regions enhances the low- 
frequency vibrational modes and promotes the general broadening of the phonon DOS due to disorder. In contrast, internal stresses 
within NC grains shift the phonon DOS to higher frequencies [616]. In addition to scattering and absorption of phonons, GBs and 
nanoclusters can delay the transition to the drag regime by acting as barriers that pin and slow down the defect propagation.

In addition to phonon scattering, the average dislocation velocity plays an essential role in the phonon drag and its effect on the 
flow stress. When a dislocation travels through the lattice without encountering obstacles, the drag force limits the dislocation to travel 
at the maximum velocity. When obstacles such as GBs or precipitates interrupt dislocation motion, the dislocation velocity can be 

Fig. 29. (a) Change in the flow stress versus stress–strain rate for pure iron of multiple grain sizes [541]. A dramatic increase in flow stress is 
observed as grain size decreases, and as the strain rate increases above 103 s− 1. (b) Initial microstructure for the 138 nm and 268 nm cases. The only 
noticeable features are the GBs and a few preexisting dislocations.
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slowed below the velocities at which the phonon drag is relevant. The average dislocation velocity is measured as the average distance 
between obstacles divided by the time for the dislocation to become free from the obstacle (Δtobstacle) and travel across the open lattice 
(Δtph): 

v =
L

Δtobstacle + Δtph
(9) 

where 

Δtobstacle = Δt0exp
(
(τmax − τ)V

kT

)

(10) 

Δtph = L

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
(

B
τb

)2

+

(
1
ct

)2
√

(11) 

In these equations, L is the average length between the obstacles, Δt0 is an adjustable parameter indicating the time for a single attempt 
for the dislocation to unpin from the first obstacle, τmax and τ are the maximum and applied critical shear stresses, respectively, V is the 
activation volume, and ct is the approximate transverse wave speed in the lattice [617]. According to these equations, if the distance 
between dislocation barriers is sufficiently small, the time spent by the dislocation traveling through the lattice will be reduced, 
decreasing the phonon drag effect. This provides the basis for investigating the dynamic mechanical behavior of materials that 
maintain a stable NC structure.

Some authors have proposed alternatives to the classical idea that dislocation drag causes an upturn in flow stress. For example, 
Zerilli and Armstrong [608] indicate that a model they previously developed to account for the phonon drag did not accurately predict 
the strain experienced by the sample. Instead, they proposed that a sudden increase in the number of dislocations causes the flow stress 
upturn. Microstructural characteristics significantly impact the flow stress as the strain rates increase. As mentioned above, obstacles 
such as GBs, twin boundaries, and precipitates reduce the dislocation velocities and delay the onset of the drag regime, thereby 
affecting the flow stress at higher strain rates.

Grain Size effects on the flow stress upturn, require testing a material that is free from other microstructural characteristics that 
may also be influential. For example, pure iron (BCC) has been investigated by Jia et al. [541] at grain sizes ranging from 80 nm up to 
20 µm. The change in the flow stress, i.e., 10 % stress at quasi-static to high strain rates, is plotted as a function of strain rate in Fig. 29a. 
A power-law fit can then be applied to observe the upturn in the flow stress. It can be seen that as grain size increases, the upturn occurs 
at lower strain rates. The microstructure of pure iron of two different grain sizes, both before and after deformation, is free from 
precipitates or twins (Fig. 29b). Hence, the upturn can be attributed only to the effects of grain size on the dislocation drag.

The effect of grain size on the flow stress upturn can also be seen in alpha titanium (HCP) tested in tension [618], as shown in 
Fig. 30a. Ti does not exhibit a dramatic drag effect as the grain size is changed. Ti is prone to twin formation, and twins can strengthen 
the material [618]. However, as seen in the image of the fracture surface in Fig. 30b, failure results from void coalescence, which 
indicates dislocation motion rather than twin formation.

Twinning is another alternative mode of plastic deformation, especially in HCP and some BCC metals and alloys. Twins can act 
much like GBs in slowing dislocations. AZ31 is a magnesium-based (HCP) alloy prone to twinning during plastic deformation [900]. 
Results from Tucker et al. [619] and Ulacia et al. [620] are presented in Fig. 31. The stress–strain curve shows two points where plastic 

Fig. 30. (a) Change in the flow stress − from quasi-static to high strain rate for pure titanium in the UFG and microcrystalline regimes [618]. (b) 
Fracture surface image showing a highly ductile dimpled surface indicative of void nucleation and coalescence.
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Fig. 31. (a) Normalized flow stress versus strain rate for AZ31 magnesium in the rolling (RD), transverse (TD), and normal directions (ND) of the plate [619,620]. The flow stresses at the onset of 
yielding and onset of dislocation motion are observed. Twinning causes a reduction in the flow stress in the RD and TD, but the flow stress increases with the strain rate in the ND direction, where twins 
do not form. (b) Stress–strain curves of the AZ31 material shows a sigmoidal shape for the RD and TD due to twinning. (c) Optical micrographs before testing show the presence of twins.
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deformation by twinning becomes dominant, resulting in a sigmoidal curve shape. The first point occurs at a low stress at which 
twinning starts. After this point, the material begins to stiffen again as the energy required to move dislocations is accumulated. At the 
second point, slip-mediated plastic deformation via dislocation motion becomes dominant. Fig. 31b shows the onsets of both twinning 
and dislocation motion. Note that twinning results in softening as the strain rate increases since it occurs at a lower stress.

In FCC copper, the effect of twinning is less noticeable, as demonstrated by the results from Jia et al. [621] in Fig. 32a. Although the 
preexistence of twins is known to stabilize the strain rate sensitivity of Cu [521], no softening due to twin formation is noticed. Because 
copper does not twin as easily as magnesium, the deformation is primarily caused by dislocation motion. Preexisting twins act as 
obstacles to dislocation motion and stabilize the strain rate-dependent behavior of a material. Fig. 32b highlights changes in the flow 
stress in Ni as a function of strain rates for two different grain sizes. It is clear from Fig. 32 that both Cu and Ni show a dramatic effect of 
phonon drag on dislocation motion as the grain size is decreased.

The presence of precipitates can also impede dislocation motion. Aluminum 6061-T6 is a prime example of a precipitation- 
strengthened alloy. Fig. 33 shows results from Jia and Ramesh [603] and Khan and Meredith [622] for 6061-T6 at different grain 
sizes. Little difference is seen in the flow stress upturn as grain size is increased since dislocations are already significantly slowed down 
by the presence of precipitates.

Fig. 32. Change in the flow stress–from quasi-static to high strain rates for (a) Cu [621] and (b) Ni. With a reduction in the grain size and an 
increase in the strain rate, dislocation drag becomes dominant [19].

Fig. 33. Change in the flow stress (high rate − quasi-static) versus strain rate for UFG and microcrystalline 6061-T6 aluminum [603,622]. The grain 
size effect is minimal despite the significant change in the strain rate due to the dislocation pinning by precipitates.
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4.2.6. Shock compression of NC materials
Shock compression of materials involves irreversible plastic deformation through mechanisms, such as dislocation generation, slip- 

twinning transition, strain gradients, void nucleation, and phase transformations. These processes are crucial for understanding 
material behavior under extreme conditions such as automotive crashes, ballistic impacts, explosive detonation, and laser-material 
interactions.

High strain rate deformations (exceeding 104 s− 1) are relevant for applications such as metal forming, machining, cladding, cold 
spray, and shock consolidation of difficult-to-compact metallic powders. Shock loading differs fundamentally from static conditions, 
with mass inertia driving deformation via dislocation motion, which is influenced by thermal activation, phonon drag, or relativistic 
effects [599]. Materials with slip-limiting microstructures, such as those with fine grains, may also deform via twinning or phase 
transformations [623,624]. Thermal inertia can cause localized softening due to adiabatic heating and temperature inhomogeneity 
[625,626].

Shock compression experiments, using techniques such as gun- or explosive- or laser-launched plate-on-plate impact, cover a wide 
range of strain rates from 105 to 109 s− 1 [599]. These methods typically use velocity interferometry or stress gauges to measure wave 
profiles, providing insights into the Hugoniot Elastic Limit (HEL), which corresponds to the dynamic compressive yield strength and 
the transition stress from elastic to plastic deformation. The HEL can also be derived from velocity data using the formula σHEL = ½ 
ρo.CL.uHEL, where ρo is density, CL is longitudinal sound speed, and uHEL is velocity corresponding to the slope change [627] arising from 
the elastic to plastic transition.

Dynamic tensile or spall failure strength, σSPALL, is obtained from the bulk sound speed and pullback signal indicative of spall- 
induced free surface formation [628]. Other methods, such as high-speed imaging of transient deformation states (e.g., Taylor rod 
on anvil impact), correlate with physics-based models to define material strength as a function of strain, strain rate, and temperature 
[618,619]. Instabilities such as Rayleigh-Taylor [629] and Richtmyer-Meshkov instabilities [630], captured in high-pressure exper
iments, can also provide strength properties [599].

Recent advancements include laser-induced particle impact testing to study size-dependent mechanical behavior. This method 
measures hardness at strain rates exceeding 106 s− 1 through dynamic indentation. Although dynamic hardness does not directly 
correlate to a singular strain rate, it provides insight into deformation mechanisms, especially at high strains. Studies have also 
demonstrated nanotwinning-assisted dynamic recrystallization, offering new processing pathways for high-strength metals and alloys 
with ultra-fine and NC grains [631].

Fig. 34. (a) TEM image of a cross-section of impacted Ni + Al nanolaminate illustrating effects of shock-induced mixing and jetting, which is seen 
more clearly in higher magnification images in (d) and (e). The compositional maps in (b) and (c) illustrate the presence of Ni and Al constituents in 
the mixed regions [635].
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Past interest in the effects of grain size on the high strain rate dynamic deformation behavior of metals has stemmed from the 
effects of varying influences on the performance of copper-shaped charge liners [632]. Tensile ductility affecting the shaped charge jet 
break-up times is considerably longer with 20 µm grain size copper-shaped charge liners, compared to that with 90 µm grain size [633]. 
The smaller grain size is believed to retard tensile instability, leading to a more significant elongation and overall shaped charge 
performance. In prior work, Meyers et al. [634] showed that decreasing grain size profoundly affects the shock compression response 
of copper, with excessive twinning observed in 315 µm grain size and no twinning in 9 µm grain size material. The slip-twinning 
transition shifts to higher stresses with decreasing grain size, leading to more homogeneous plastic deformation, while coarse- 
grained copper undergoes strain localization and dynamic recrystallization.

Studies of dynamic deformation and shock compression of NC materials and nano-layered structures have generally focused on 
investigating the effects of GBs and inter-phase boundaries on defect generation and failure [636]. The influence of nano-scale 
structure on altered characteristics of stress wave propagation has also been investigated, showing, for example, decreased wave
front width with a reduction in grain size or layer thickness [637]. Nano-sized powder particles and their mixtures, as well as nano- 
laminates, have been investigated to determine the thermodynamic influence of their high surface (or interface) energy on 
compressibility and energy dissipation in inert [638] and exothermic energy release in reactive systems [639]. The latter effects have 
been particularly attractive in the case of nanoparticles and nano-laminates of metal–metal, metal-polymer, and metal-oxide reactive 
mixtures for applications as nano-energetic materials [640,641]. Extensive shock-induced mixing of reactants can occur, particularly 
due to shear-dominated deformation at pre-existing wave perturbations (heterogeneities), as shown in the TEM images in Fig. 34 of the 
cross-section of Ni + Al nanolaminate structures [635]. The shear-induced mixing (alloying) can trigger highly exothermic chemical 
reactions or even fine-scale mixing and alloying of otherwise immiscible components, as shown in Fig. 35 [642].

Nanostructured materials are not immune to defect nucleation caused by shock wave interactions with interfaces modifying the 
stress states and strain accommodation processes and consequently affecting the overall mechanical behavior. Unlike materials with 
conventional coarse-grained microstructures, the structural stability of NC materials, or lack thereof, can drastically alter the material 
response to shock compression and lead to inconsistent effects. Consequently, many studies of the effects of shock compression on 
mechanical behavior and associated deformation mechanisms in nanostructured materials have been performed through atomistic 
modeling and MD studies. MD simulations are, in fact, suitable for comparing the predicted responses with laser shock compression 

Fig. 35. (a) TEM micrograph showing finely intermixed Cu and Nb precipitate-like phases [642].
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experiments due to similarities in spatial and temporal scales. Holian and Germann [643,644] used MD simulations of the shock 
compression response of Cu to show that Hugoniot properties correlated well with experimental measurements for shock propagation 
along [001] orientation, with partial dislocation loops emitted along {111} close-packed planes, consistent with Smith’s model of 
dislocation generation. Likewise, MD simulations in monolithic FCC Cu have predicted a pressure of ~ 5 GPa for the transition from 
slip to stacking faults and a much higher ~ 50 GPa pressure for the transition from slip to twinning, consistent with experimental 
results. On the other hand, the transition pressure from slip to twinning (~15 GPa) in Ni is lower than that for the transition from 
dislocation cells to stacking faults (~27 GPa), which is why individual stacking faults are generally not observed in Ni [645]. Dif
ferences are also predicted for the responses of FCC and BCC metals under high strain rate loading, with homogeneous nucleation being 
a common dislocation generation mechanism in FCC metals and dislocation multiplication favored in BCC metals [642].

MD simulations of shock-compressed NC materials predict an order of magnitude higher dislocation density generation than 
experimentally observed [65,66]. The lack of experimental evidence of high dislocation density is due to their possible annihilation 
during unloading from the peak shock-pressure state. While GB sliding accounts for the bulk of the strain during shock compression of 
NC Ni (with slightly less in 5 nm than in 10 nm grain size), MD simulations predict that the strain due to dislocations is governed by 
partial dislocations with GBs acting as sinks or sources. Simulations also indicate that twinning is more favored with a 5 nm grain size 
than a 10 nm grain size Ni, similar to the trend observed in NC Cu. The slip-twinning transition pressure in Ni with ~ 30 nm grain size is 
predicted to be substantially higher (~78 GPa) compared to critical transition pressure in single-crystalline Ni (~15 GPa), which is 
consistent with the lack of TEM observations of twins in shock compressed Ni at ~ 70 GPa. On the other hand, MD simulations predict a 
lower transition pressure of ~ 16 GPa for NC (~10 nm grain size) Ni–W, which is also consistent with experimental observations. 
Generally, the threshold for slip-twinning transition stress decreases with increasing grain size, more so for pure Ni than Ni–W alloy, as 
shown in Fig. 36 [646].

The high density of GBs in NC materials can significantly suppress slip-mediated dislocation motion during shock compression, 
resulting in ultra-high-strength and hardness. However, strength degradation and inverse Hall-Petch behavior are also possible as GB- 
mediated plasticity can take over with increasing volume fraction of GBs [647]. BCC tantalum exhibits complex effects revealing 
conflicting trends under shock compression with decreasing grain size. Coarse-grained Ta has been shown by Hsiung and Lassila [648] 
to exhibit twinning upon explosive shock loading at a pressure of ~ 45 GPa, while NC Ta has shown no evidence of twinning upon laser 
shock loading at a pressure of 145 GPa [649]. Similar conflicting trends have been observed with dynamic XRD using laser shock 
compression with twinning-dominated plastic deformation at 40–80 GPa [650,651] decreasing at higher pressures [652]. In recent 
work, Wu et al. [653] used large-scale non-equilibrium MD and showed that the response of 5–60 nm grained Ta at shock velocities of 
500 to 1500 m/s strongly depended on the shock strength and the grain size. In particular, the influence of grain size on the shock wave 
structure, the onset of plasticity, and the slip/twinning deformation mechanism, are affected by weak, strong, and ultra-strong shock 
compression conditions.

Under weak shock conditions, the dominant deformation mechanism changes from GB-mediated plasticity to combined slip and 
twining to slip-dominated deformation with increasing grain size, which also influences the elastic–plastic wave from being single- to 
double- and back to a single-wave structure. Competing deformation mechanisms are also observed, with slip-mediated deformation 
being the more dominant mechanism than twinning in materials with grain size exceeding 30 nm, as shown in the plot of dislocation 

Fig. 36. Plot showing the difference in twinning transition threshold pressure decreasing with increasing grain size for Ni compared to Ni–W alloy 
from a few nanometers to > 100 µm scale [646].
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density and twin fraction versus grain size in Fig. 37a [653]. The authors identify the twinning versus slip transition based on the 
observation that the critical shear stress for perfect dislocation emission is lower than that for partial dislocation emission from GBs 
with grain size increasing beyond ~ 33 nm. Strong and ultra-strong shock compression conditions show a weak influence of the grain 
size on the wave structure and deformation mechanisms, with twinning-detwinning for strong shocks and amorphization- 
recrystallization processes for ultra-strong shocks leading to the single plastic wave structure. Flow stress dependence on the grain 
size follows the Hall–Petch relation under weak shock conditions, while an inverse Hall–Petch relationship is observed under ultra- 
strong shock compression conditions and with ultra-small and very large grain sizes, as shown in Fig. 37b.

4.2.7. Radiation resistance of NC materials
Materials exposed to intense radiation, such as in nuclear reactors, are subjected to displacement damage as the high energy ra

diation knocks off atoms from their lattice sites, creating a primary knock-on atom (PKA). The PKA initiates a displacement cascade 
until the energy of the displaced atoms becomes less than the threshold displacement energy, at which point the atoms settle at 
interstitial positions. Several theories have been proposed for the radiation damage cascades (Fig. 38), their impact on mechanical 
properties, and ways of measuring the damage [654,655]. Radiation-induced displacement cascades generate a high density of va
cancies and interstitials (Frenkel pairs), which eventually can coalesce to form defect clusters such as interstitial dislocation loops, 
voids, and stacking fault tetrahedra. As the concentration of these extended defects increases, combined with helium generated as a 
result of the transmutation reaction, the effects of radiation can pose five major threats summarized as hardening and embrittlement, 
phase instabilities from radiation-induced precipitates, radiation creep, volumetric swelling from void formation, and high- 
temperature helium embrittlement [656], thus leading to a reduction in the material’s performance and lifetime [657]. Hence, effi
cient operation and extended lifetime of future nuclear reactors depend on the performance of structural materials in such an extreme 
radiation environment [658].

GBs and phase boundaries are efficient sinks to annihilate defects produced during irradiation. Prior research has focused on 
designing and processing materials with large concentrations of point-defect sinks to mitigate radiation damage (Fig. 39). The state-of- 
the-art materials for reactor applications are Reduced-Activation Ferritic-Martensitic (RAFM) and ODS steels. ODS steels are of great 
interest due to their superiority in defect sink efficiency and high-temperature properties attributed to fine oxide dispersions [660]. 
However, they are not entirely immune to radiation hardening at considerably high doses [661,662]. Also, the stability of the oxide 
phases (dissolution, growth, and amorphization) is poorly understood, which is reflected in the inconsistency of published results 
[663]. Research on other advanced materials, such as nano-layered composites, has shown that improving the interface density (e.g., 
reducing the spacing of nanolayers) creates overlapping void-denuded zones, which is critical to achieving a void-free structure 
[664–666].

NC materials exhibit considerable promise as potential candidates for mitigating radiation-induced defects owing to their abundant 
interface sink concentration, including grain and inter-phase boundaries [667–675]. However, the susceptibility of these materials to 
microstructural and phase instability resulting from the high-energy displacement damage, encompassing phenomena such as ballistic 
mixing and Ostwald ripening, reduces the interface defect-absorption ability and density, thus constraining their potential [676]. 
Nevertheless, noteworthy results have emerged from investigations of nanolayered composites and bulk NC materials, showcasing 
exceptional radiation resistance [668,677,678]. For instance, as depicted in Fig. 40, radiation hardening is a significant issue influ
encing the embrittlement of structural reactor components. At low temperatures and displacement per atom (dpa) below 2, materials 

Fig. 37. (a) Variation of dislocation density and deformation twin volume fraction as a function of grain size for shock compression at a velocity of 
0.5 km/s. (b) Normalized flow stress as a function of grain size under three different shock compression conditions: 0.5 km/s, 1.0 km/s, and 1.5 km/ 
s [653].
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Fig. 38. (A) Radiation damage evolution at lattice scale and (B) time and length scales of the multiscale damage processes responsible for microstructural changes and property degradation during high- 
energy neutron irradiation of plasma-near in-vessel materials [659]. The plot in (B) shows the microstructural changes (yellow and blue ellipses) and their effects on defect nucleation and growth at the 
nanoscale. (For interpretation of the references to color in this Fig. legend, the reader is referred to the web version of this article.)
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generally experience radiation-induced hardening. In the case of coarse-grained pure copper, hardening increases by ~ 80 % (with a 
24 % rise at an extremely low dose of 0.034 dpa) [677], whereas in nano-layered composites, this increase is around ~ 15 % [678]. 
Similarly, for pure Mo, radiation-induced hardening reaches 60 % compared to nearly zero hardening in NC Mo with an average grain 
size of 25 nm irradiated at room temperature using 200 keV helium ions with a total fluence of 1.4 × 1017 ions/cm2 [668]. Such 
improvement in hardening behavior in NC materials has been attributed to GB accommodation of radiation defects [668,677,678].

Experimental evidence has shown that refining grain size down to the nanometer range can significantly improve radiation 
tolerance [687], provided the microstructure is stable. Metallic nanolayered (e.g., Cu-Nb, Cu-Mo, and Cu-V) composites have validated 
the importance of interface density in effectively suppressing radiation-induced defects and helium bubble swelling [664,688]. 
Specifically, immiscible and semi-coherent (e.g., fcc/bcc) interfaces have been proclaimed to offer promising radiation tolerance 
compared to their miscible (e.g., Al/Nb, Fe/W) and coherent (e.g., fcc/fcc: Ag/Ni) counterparts due to the presence of a large con
centration of misfit dislocations at their interfaces [689–692]. Apart from this, immiscible nano-alloyed systems have shown great 
potential for developing thermally stable nanostructures through kinetic pinning mechanisms [178]. Furthermore, immiscible NC 
systems such as Cu-Nb, Cu-V, Cu-Mo, Ni-Ag, Ag-Fe, Ag-Cu, etc., driven far from equilibrium through mechanical ball milling or 
irradiation, have been of great interest since their response to SPD/radiation is unique. This is in comparison to their miscible 

Fig. 39. Key engineering strategies to alleviate radiation damage through the incorporation of nanoscale defects such as GBs, phase boundaries, 
nanopores, etc. which enhances radiation tolerance of base materials. [667].

Fig. 40. Percentage of radiation hardening for various materials at different doses irradiated at 298 K [661,662,668,677–686].
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counterparts (or those with low heat of mixing) due to the competition between ballistic mixing and thermodynamically driven ki
netics such as decomposition and phase separation [184,693,694].

Radiation-induced phase instabilities are also an important concept encompassing a range of mechanisms, including ballistic 
dissolution, Ostwald ripening, radiation-enhanced diffusion, and inverse Ostwald ripening [663,695–697]. For instance, in coarse- 
grained materials, Chen et al. observed the contraction and dissolution of oxide particles in 12Cr ODS materials [698], while Les
coat et al. noted the growth of oxides in ferritic ODS steels [699]. Furthermore, intense defect accumulation and chemical disordering 
at incoherent interfaces can be caused by dense cascades, resulting in increased free energy and promoting amorphization [700]. 
Computational investigations have indicated that such an amorphization process is due to shear-induced chemical mixing at 
precipitate-matrix interfaces in NC materials, especially in Cu-Nb (4 at.%) and Cu-V (8 at.%) systems, with amorphization increasing 
linearly with atomic radius [701].

Semi-coherent interfaces are found to be more stable and resistant to amorphization. Sauvage et al. [702] have reported amorphous 
interfaces resulting from nanowire drawing of Cu-Nb, which are linked to the fine mixing of copper and niobium. Apart from this, the 
phenomenon of dissolution and re-precipitation of second-phase particles due to recoils was postulated by Russell [703], who found 
that finer particles gradually replaced larger dissolved particles during continuous irradiation. Chen et al. and Lu et al. [698,704]
observed such dissolution of larger particles and the precipitation of fine dispersoids in ODS alloys after high-dose self-ion irradiation 
and helium pre-implantation irradiation, respectively. Certain et al. [705] also observed the dissolution of nanoclusters in 14YWT at 
low temperatures, although these nanoclusters remained stable at high temperatures. The effect was attributed to the diffusion of 
dissolved solute back to the parent cluster, preventing new precipitation. Several computational and experimental studies have 
explored the role of compositional self-organization in binary alloys with a positive heat of mixing, observed within specific tem
perature and shearing rate ranges, to maintain a refined microstructure during extended high-temperature irradiations or ball milling 
processes [706–708]. Chee et al. [709] reported the maximum temperature of the patterning regime (Tmax) for various copper-based 
NC alloys, with systems having a high positive heat of mixing, such as Cu-Nb and Cu-V, experiencing higher Tmax values (>773 K). A 
high density of sinks has been predicted to positively influence the stabilization of irradiation-induced patterning [710].

The prevailing view is that reducing grain size diminishes the increase in hardness following irradiation. This trend arises from 
producing defects, such as dislocation loops and helium bubbles, at a low density and small size in NC materials during irradiation. 
However, the presence of microstructural instabilities (such as grain growth, as illustrated in Fig. 41) in intense radiation environments 

Fig. 41. Microstructural instability in NC materials with irradiation [667].
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complicates the interpretation of grain size effects [676,711,712]. These instabilities lead to a reduced sink concentration and effi
ciency, thus limiting their potential to mitigate radiation-induced effects. For example, significant grain growth has been observed in 
NC Cu, with grain sizes increased from approximately 48 to 800 nm at 1 dpa [677], and in NC Cu-0.5Al2O3 composites, where grains 
grew in size from 180 to 495 nm at 0.9 dpa [667]. Various other NC alloys and composites have exhibited grain growth under ion 
irradiation [221,670,713,714].

In addition to grain growth, introducing impurities during processing, variations in sample geometry and size, and different loading 
conditions further complicate a comprehensive understanding of grain size effects and the potential applications of NC alloys. For 
instance, self-ion irradiation is commonly employed to replicate displacement cascades, while helium ions are directly implanted to 
simulate transmutation reaction products. However, previous studies have shown that pre-implantation of helium ions before self-ion 
irradiation does not yield the same microstructure as simultaneous ion irradiation [715–717]. Consequently, investigations focusing 
on in-situ irradiation followed by isochronal annealing are crucial for gaining deeper insights into damage accumulation, defect 
evolution, and precipitate dynamics. Such real-time observations can reveal previously unexplored nano-scale mechanisms that, in 
theory, can confer irradiation tolerance. If stabilization of grains in nanostructured materials can be achieved, a novel class of materials 
with enduring sinks and radiation-resilient structures (self-healing ones) could emerge, paving the way for enhanced radiation 
resistance.

4.2.8. Oxidation resistance of NC materials
Oxidation of NC alloys designed to sustain extremely corrosive and mechanical environments has attracted considerable research 

interest in recent years. An advantageous and essential consequence of grain size refinement is the enhanced diffusivity of atoms in 
such alloys [718–721]. This behavior makes NC alloys candidates for high-temperature and other advanced applications (such as 
engine pistons, turbines, liners, etc.) for which a combinatory arsenal of enhanced mechanical properties, high-temperature micro
structural and thermal stability, and improved corrosion resistance is crucial [722–724].

NC alloys are particularly susceptible to corrosion during processing and applications. During processing, introducing impurities 
and oxidation-prone alloying elements is unavoidable, leading to an increased affinity for oxidation. Moreover, owing to their 
excellent properties, NC alloys often find use in high-temperature oxygen-rich environments, where they may be subjected to extreme, 
sustained mechanical and corrosive conditions. A detailed study and understanding of the oxidation resistance of the alloy is crucially 
important if an NC alloy is to be employed for withstanding the extreme conditions in which it must operate in [725,726]. Under
standing the origin of the oxidation resistance of NC alloys is the key to improving and developing NC alloys for use in next-generation 
applications and technologies [725,726].

Several studies have explored the oxidation resistance of established NC alloy systems compared to their coarse-grained coun
terparts. The most common method to measure the extent of oxidation is by performing thermo-gravimetric weight measurements 
using a high-quality microbalance [727–729]. Raman et. al. [729] studied the oxidation behavior of NC Fe-10Cr alloys in comparison 
with microcrystalline Fe-10Cr at 300 ℃ and found the weight gain in microcrystalline Fe10Cr to be nearly seven times greater than 
that in NC Fe-10Cr. Interestingly, the rate constant of microcrystalline Fe-10Cr was found to follow parabolic law throughout the 
oxidation time. In contrast, the rate constant of NC Fe-10Cr followed parabolic kinetics only for the first 240 min of oxidation. This 
significant departure from the parabolic kinetic behavior was attributed to the insignificant weight gain in NC Fe-10Cr beyond 240 min 
of oxidation. Fig. 42 shows the oxidation kinetics of microcrystalline Fe10Cr compared to NC Fe-10Cr.

The deviation from parabolic behavior in NC Fe-10Cr was attributed to a greater GB oxidation at the initial stages due to the 
dominant GB diffusion effect. This, in turn, led to the faster formation of a passive Cr2O3 layer and prevented further oxidation of NC 
Fe-10Cr. Kumar et. al. [730] also studied the oxidation behavior of NC and microcrystalline FeCrAl alloys and found that this system 
exhibited the same behavior as outlined above for the FeCr alloy. Fig. 43 shows the oxidation kinetics of NC and microcrystalline 
FeCrAl at three temperatures. As in the case of the FeCr alloy, the NC structure facilitates the increased and selective formation of a 
passivating Cr2O3 layer, whereas the microcrystalline structure forms a compound scale of Cr2O3 and Al2O3 owing to similar diffusion 
coefficients of Al and Cr in the microcrystalline structure.

The most comprehensive study of the ternary NiCrAl system was performed by Liu et al. [731], who showed that NC NiCrAl alloys 
have a superior oxidation resistance to their microcrystalline counterparts. Fig. 44 shows results for one such system, Ni-20Cr-2Al, 
processed via different routes. The improvement in oxidation resistance was attributed to the selective formation of a highly pro
tective Al2O3 scale, which was promoted due to the NC structure. Short circuit diffusion of Al along GBs facilitated selective oxidation.

Xie et al. showed that adding small amounts of Y to the NC NiCrAl alloy could further improve the oxidation resistance, demon
strating a beneficial effect of this reactive element on oxidation [732]. Fig. 45 shows the oxidation mass-gain curves for NC and coarse- 
grained Ni-30Cr-5Al and Ni-30Cr-5Al-Y.

Yang et. al conducted perhaps the most systematic, detailed study on the oxidation behavior of the Ni-xCr-yAl ternary alloy system 
and reported remarkable findings [733]. The nature of the final oxide scale developed was heavily composition-dependent, with the 
(Cr + Al) content and Cr/Al ratio determining whether the final oxide scale was external chromia or alumina, or a complex scale of 
compound oxides. Fig. 46 shows the oxidation mass gain curves for four tested compositions, which can be summarized as follows 
[733]: 1) (Cr + Al) < 10 wt% caused the formation of complex NiO, Cr2O3, Al2O3 and Ni(CrAl2)O4 spinels; 2) (Cr + Al) > 10 wt% and 
Cr/Al < 1.5 caused the formation of exclusive external alumina; and 3) (Cr + Al) > 10 wt% and Cr/Al > 1.5 caused the formation of 
exclusive external chromia. Yang et al. [733] also established that reducing the grain size of Cr in the NC alloy from ~ 85 nm to ~ 17 
nm drastically reduced the critical content of Cr required to facilitate the exclusive formation of external, protective chromia scales 
(Fig. 46b).

Han et al. [734] extensively studied the oxidation behavior of NC Cu compared to coarse-grained Cu and concluded that the 
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Fig. 42. Oxidation kinetics of NC and microcrystalline (mc) Fe-10Cr alloy oxidized at 300 ℃ [729]. (a) Weight gain (ΔW) vs. time plots up to 3120 min. (b) ΔW2 versus time plots indicating the 
parabolic behavior of microcrystalline Fe-10Cr and departure from the parabolic behavior of NC Fe-10Cr alloy at higher temperatures. (c) ΔW2 versus time plots (up to 240 min) indicating parabolic 
kinetics of both NC and microcrystalline Fe-10Cr alloy.
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oxidation rate in NC Cu far exceeded the oxidation rate of coarse-grained Cu. This behavior deviates from the alloy system examples 
shown above, where the oxidation rates of NC structures were lower than those of microcrystalline or coarse-grained structures. By 
directly measuring the weight gain of the oxidized samples at different temperatures as a function of time, Han et al. [734] determined 
the oxidation rate constants of NC and coarse-grained structures. As seen in Fig. 47, the weight gain increases linearly with temperature 
above 700 ℃ in both cases. Between 300 and 700 ℃, the weight gain ΔW follows the parabolic law ΔW2 = Kpt + C, where Kp is the 
parabolic rate constant, and t is oxidation time (Fig. 48). Table 1 lists the rate constant values between 300 and 600 ℃, showing that 
NC Cu corrodes more rapidly than coarse-grained Cu over the entire tested temperature range.

This deviation from previously studied alloy systems was attributed to the enhanced diffusion of copper and oxygen in both the 
metal and the oxide scale. Faster outward diffusion of copper leading to rapid external oxidation and significant inward diffusion of 
oxygen atoms along the GBs in the scale led to rapid recession of Cu in the bulk metal, lowering the oxidation resistance of NC Cu as 
compared to coarse-grained Cu. Fig. 49 schematically depicts the distinction between internal and external oxidation based on the 
rates of inward diffusion of oxygen versus outward diffusion of metal atoms.

On the other hand, Fu. et al. [735] showed the opposite behavior in the Cu-Cr system: grain size refinement enhanced the oxidation 
resistance of an NC CuCr alloy compared to coarse-grained CuCr (Fig. 50). The coarse-grained CuCr was processed via powder met
allurgy, exhibiting a grain size of 50–150 μm (PM-CuCr), while the NC CuCr was synthesized via mechanical alloying (grain size: 
50–300 nm, MA-CuCr) and magnetron sputtering (grain size: 5–10 nm, MS-CuCr). The coarse-grained CuCr produced complex oxide 
scales of CuO and Cu2O with some amount of Cu2Cr2O4 and Cr2O3, whereas the NC CuCr produced a simple, continuous, protective 
scale of external Cr2O3. The presence of Cr atoms promoted the selective oxidation of Cr due to enhanced Cr diffusion along the GB 
pathways in the metal and oxide scale. The decrease in the alloy grain size favored the exclusive external oxidation of the most reactive 
component, chromium, promoting the formation of an external chromia scale. The latter prevented the base alloy from further 
oxidation, considerably decreasing the oxidation reaction rate.

As evidenced by the above examples, oxidation of NC alloys can be influenced by (i) grain size effect and (ii) alloying elements. 
Most studies establish that reducing grain size improves oxidation resistance [734–739]. Nano-crystallization increases the density of 

Fig. 43. The oxidation kinetic of NC and microcrystalline (MC) FeCrAl alloys at (a) 500 ℃, (b) 700 ℃, and (c) 800 ℃ [730].
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GBs and other interfaces, accelerating atomic diffusion during the oxidation process, and can promote the selective formation of 
protective oxide scales, provided that the atomic composition of the NC alloy allows for the formation of such a scale. Wagner’s 
analysis [740–742] of diffusion-controlled oxidation gives the equation 

dX
dt

=
Ω
X

2δ
d

DgbΔc (12) 

Here, the term dX/dt is the oxidation reaction rate based on the change in thickness X of the oxide scale, Ω is the volume of oxide 
formed per unit quantity of diffusing metal species, d is the grain diameter, δ is the GB width, Dgb is the GB diffusion coefficient, and Δc 
is the time-invariant concentration gradient during the oxidation.

Although numerous other factors must be considered while studying the oxidation kinetics of NC alloys, Eq. (12) demonstrates that 
the short-circuit diffusion of elements accelerates the oxide growth rate. The grain size refinement in NC alloys increases solute 
diffusivity through the NC system [718]. In alloys where the solute is an oxide former that allows for the selective formation of a 

Fig. 44. Mass gain versus time plots for Ni-20Cr-2Al as-cast alloy and sputter deposited coatings with different deposition rates and grain sizes 
oxidized at 1000 ℃ for 100 h [731]. Grain sizes: coating A: ~60 nm, coating B: ~370 nm, and coating C: ~250 nm.

Fig. 45. (a) Isothermal oxidation kinetic curves and (b) corresponding parabolic behavior in the air at 1000 ◦C [732].
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protective scale, the enhanced diffusivity results in faster growth rates, protecting the substrate alloy from drastic metal recession and 
internal oxidation. The selective formation of a protective external oxide scale is also promoted by alloying elements with a higher 
affinity for oxidation. However, the microstructural stability of the NC material is the most critical issue as it determines the timescale 
on which the advantageous properties of the fine-grained structure, increasing oxidation resistance, continue to exist during the 
oxidation process.

4.2.9. Advancement in characterization
At the end of the timeline from 1981 to ~ 2014, significant advancements in the characterization of NC metals had been made, 

particularly in GB solute engineering and understanding local chemical changes. The growing recognition of the importance of local 
chemistry led to the widespread use of focused FIBs, which dramatically enhanced the ability to extract and image microstructures at 
specific locations. This innovation, coupled with techniques such as aberration-corrected TEM and STEM, coupled to APT, allowed for 
highly precise analysis of microstructural features at the atomic level, even in samples that were not fully consolidated.

More recently, APT has emerged as a critical tool, providing accurate quantification of GB solute excess and the chemistry of small 
phases. This has enabled a deeper understanding of how solute excess influences the stability of NC microstructures. In particular, 
interstitial elements such as carbon, nitrogen, oxygen, and sulfur, which are commonly introduced during processes such as me
chanical alloying and electro-deposition, have been found to play a significant role. Even in carefully controlled vapor deposition 
techniques, trace levels of contamination persist, demonstrating that even small amounts of contamination—on the order of parts per 
million—can significantly affect GB mobility in coarse-grained materials, contributing to GB embrittlement through decohesion.

The emergence of small clusters, typically coherent with the matrix and only a few nanometers in diameter, further complicates the 
detection of these features using traditional x-ray diffraction and TEM techniques. These clusters exhibit considerable partitioning of 
interstitial elements, leading to a reduction in the average atomic number, and adding another layer of complexity to the 

Fig. 46. Oxidation mass gain curves for four different Ni-xCr-yAl alloy compositions [733].

Fig. 47. Thermogravimetric curves for coarse-grained and NC Cu at constant heating rate and in 1 atm of oxygen [734].
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characterization of NC materials. At elevated temperatures, short-circuit diffusion can drive transitions between GB-segregated states 
and GB-precipitated states. More recent studies have also demonstrated that contamination plays a critical role in the formation and 
transition of amorphous intergranular films, which are often used to stabilize microstructures and inhibit grain growth. These ad
vancements in characterization techniques over the timeline have greatly expanded the understanding of the behavior and stability of 
NC materials, providing a much clearer picture of the atomic-scale processes governing their properties.

Measuring the grain size in NC materials remains a challenging task due to the extremely small and often heterogeneous nature of 
the grains (aspect ratio, presence of twins/stacking faults, overlapping grains, and stereographic projections). Various techniques are 
commonly employed, each with its strengths and limitations. XRD is a widely used method for estimating grain size in NC materials, 
typically relying on the broadening of diffraction peaks. However, this technique can be inaccurate if the material has phases and other 
small microstructural features with similar d-spacing [743]. Additionally, for grain sizes between 50–100 nm, the magnitude of 
instrumental broadening (typically between 0.1 and 0.5 degrees) can add to the measurement uncertainty. TEM offers a higher res
olution and direct imaging of individual grains. However, it is often limited by sampling issues and the difficulty of preparing high- 
quality thin foils of NC materials [744–746]. EBSD and transmission Kikuchi diffraction (TKD) are powerful methods for mapping 
crystallographic orientations and GBs. However, EBSD often struggles with indexing at very fine grain sizes, and TKD is sensitive to the 
material’s surface preparation and geometry [747]. Therefore, reliable grain size measurement in NC materials typically requires a 
combination of techniques to overcome the limitations inherent in each method, such TEM combined with precision electron 

Fig. 48. Oxidation kinetics of NC and coarse-grained Cu at (a) 300 ℃, (b) 400 ℃, (c) 500 ℃, and (d) 600 ℃ in 1 atm of oxygen for 10 h [734].

Table 1 
Kp values for NC-Cu and coarse-grained Cu between 300–600 ℃ [734].

Temperature (℃) Kp(mg2/mm4min)

NC-Cu Coarse-grained Cu

300 5.35× 10− 8 4.23× 10− 8

400 3.94× 10− 7 1.86× 10− 7

500 1.18× 10− 6 4.35× 10− 7

600 2.29× 10− 6 1.2× 10− 6
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diffraction or synchrotron XRD (instrumental broadening between typically between 0.005 and 0.05 degrees, [748]) (e.g. [749]).

5. Properties of NC materials: State of the art (~ the past 10 years of advancement)

5.1. Microstructural influences on strength and deformation behavior in stable NC materials

In their 2006 paper, Meyers et al. [33] provided an extensive review on the progress of synthesizing NC materials, noting the 
remarkable properties these materials can exhibit, such as increased hardness, higher yield strength, improved fatigue crack nucleation 
stress, and enhanced strain rate sensitivity, particularly in FCC alloys. These properties make NC materials attractive for high- 
performance applications. However, despite these advantages, NC materials faced several significant limitations. They were partic
ularly susceptible to thermal and stress-induced grain growth, which reduces their overall mechanical properties. Additionally, 
compared to coarser-grained materials, NC materials often displayed reduced ductility and toughness. The deformation mechanisms of 
NC materials were known to be strongly influenced by atomic diffusion, compromising their performance under various loading 
conditions. Unstable NC materials also struggled with resisting creep deformation, fatigue, dynamic loading, shock deformation, and 
intense radiation exposure. This severely limited their applicability in engineering, even after decades of research.

Furthermore, prior to 2010, the strengthening mechanisms in NC materials were not well understood. It was generally believed that 
strengthening via solid solution or secondary phase distribution had a limited effect compared to the more significant strengthening 
observed through grain size reduction. The prevailing consensus was that the contribution from mechanisms other than grain size 
reduction would only enhance strength to a degree similar to that in conventional polycrystalline alloys. Typically, this strengthening 
was in the range of a few hundred MPa, depending on the system. When compared to the Hall-Petch strengthening from grain size 
reduction, the effects from solid solution or secondary phases rarely surpassed ± 35 %, and often fell short of this amount [270,750]. 
Additionally, the impact of solid solution strengthening was sometimes confounded with grain size reduction, as both lead to matrix 
hardening [751,752,901].

However, recent research has led to a significant shift in understanding the behavior of thermo-mechanically stabilized NC ma
terials. These materials, which were not well understood during the time of the 2006 review [33], have been found to exhibit me
chanical properties, deformation mechanisms, and other physical characteristics that were previously unknown. The stabilization of 
their nanostructures has resulted in the development of a new class of materials that display far greater stability and unique properties 
compared to the earlier NC systems. The progress in understanding the thermodynamic and kinetic factors that govern the stability of 
NC materials, as well as the methods used to stabilize their microstructures, has opened new avenues for further research and 
application. This shift in understanding has highlighted the unusual properties of the stabilized NC materials and provided new in
sights that were not previously recognized. For instance, grain size is no longer the primary method of strengthening the material. 
Recent developments have shown that the spontaneous decomposition of metastable solid solutions to form nanoclusters of immiscible 
or insoluble elements with particle densities exceeding 1023/m3 and average separations below 20 nm can produce unprecedented 
strengthening effects. These nanoclusters, which are typically smaller than 10 nm in size (often in the range of 2–3 nm) and coherent 
with the surrounding lattice, resist coarsening due to the reduced diffusion rates, making them particularly effective at pinning GBs and 
enhancing the strength.

The strength of the stable NC materials is closely tied to the stability of their microstructure. For example, different NC materials, 
such as Ni–W [][430] and Cu-Ta [242,753] alloys, exhibit distinct strength characteristics due to variations in their microstructural 
features. In Ni–W alloys, the high strength can be attributed to the formation of GB segregated states, which contribute to enhanced 
stability (Fig. 51a). Similarly, in Cu-Ta alloys, the stability and strength are linked to the presence of atomic clusters of Ta, which are 

Fig. 49. Internal versus external oxidation behavior in an alloy of atoms A forming an oxide AO.
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Fig. 50. Oxidation kinetics of the three Cu-Cr systems in 1 atm of pure oxygen at (a) 700 ℃ and (b) 800 ℃ [735].
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distributed throughout the grain interior and along the GBs. Despite these differences, studies (Fig. 51) show that even highly stable NC 
materials demonstrate grain size-dependent strengthening up to a certain critical threshold. Beyond this threshold, further grain size 
reduction does not result in the expected improvements in strength. This complex behavior reveals the important role played by inter- 
granular regions, which behave differently from GBs.

In elucidating the need to constrain or strengthen GB, a recent STEM bright-field imaging study on Cu-Ta alloys [753] revealed that 
an abrupt transformation occurs in the transgranular regions of as-milled material following annealing at 600 ◦C. These regions, which 
are highly strained and consist of thickened semi-amorphous material, transform into more equilibrium structures featuring equiaxed 
high-angle GBs with an average grain size of 35 nm. Below 600 ◦C, the grain size increased from approximately 7 nm at 100 ◦C to about 
20 nm at 400 ◦C. This grain size range (7 to 20 nm) corresponds to the Hall-Petch plateau region for pure Cu and Cu-Ta alloys (Fig. 51), 
where hardness is no longer a function of grain size. Similar observations were made in Ni–W alloys [43], where a breakdown in 
strength scaling occurred at a grain size of 10–20 nm, accompanied by a transition to shear banding and inhomogeneous flow.

Thermo-mechanically stabilized alloys, such as Cu-Ta, exhibit strong resistance to GB deformation, including sliding, grain rota
tion, and viscous flow, even at grain sizes close to the NC limit [184,230]. These findings suggest that the breakdown in strength 
scaling in NC alloys (Fig. 51b) is linked to the transition to amorphous, highly strained regions, which are less resistant to deformation 
than crystalline regions [753]. Consequently, in thermo-mechanically stabilized NC materials, the thickened disordered inter-granular 
regions are likely not constrainable like typical relaxed GBs in a more crystalline state. Aifantis et al. [754,755] considered GBs a 
distinct phase with a finite thickness that might exhibit differing hardness compared to the grain interior. They expanded on previous 
research by enabling the interfacial energy of the GB to be a function of the GB yield stress [754,755]: 

σy = σ0 + kHPd−
1
2 +

γ
2ad

(13) 

where a is the faction of the gain size and γ is the GB free energy.
The deformation mechanisms and mechanical properties of thermally stable alloys remain an active area of research, particularly 

regarding the stability of NC grains under mechanical loading. Quantifying the various strengthening mechanisms in the stabilized 
systems is challenging due to the complex interplay of microstructural features. As processing parameters change, the interconnec
tedness of the grain size and inter-granular region makes it difficult to isolate the effects of individual mechanisms. Additionally, 
dislocation nucleation from GBs is a dominant deformation mechanism for NC materials, with uncertainties regarding the role of 
segregants and different GB phases in dislocation nucleation or boundary cohesion [306,308,309,342,756–758]. Dislocation pro
cesses, such as nucleation and glide in the presence of solutes, are also complicated. The mismatch in atomic sizes and thermal 
expansion coefficients between GBs and the lattice can introduce residual strains, which further complicate the strengthening 
mechanisms [759]. Recent MD simulations and other computational techniques have provided insights into these effects, leading to 
the development of more robust and stable NC microstructures, which can be quantified under varying temperature conditions [206].

For instance, at ambient temperatures and quasi-static strain rates (10-4 - 101 s− 1), tensile, compressive, and shear loadings in 
unstable microstructures show predictable behavior. However, as stabilized systems are subjected to more extreme conditions, de
viations in properties and performance arise. For example, in coarse-grained Cu [225,231], which follows classical strength- 
temperature behavior, i.e., the strength versus temperature data shows abrupt slope changes, reflecting shifts in the deformation 
mechanism [240]. However, stabilized NC Cu-Ta alloys exhibit a nearly linear decrease in flow stress over a wide temperature range 
[240]. This behavior suggests that dislocation-mediated mechanisms persist even at high temperatures, consistent with the Zener- 
Hollomon plot. At very high homologous temperatures, Cu-Ta alloys show slight deviations from linearity due to the stable grain 

Fig. 51. (a) Hardness versus grain size plot for various Ni alloys [68]. (b) The strength versus grain size plot reveals anomalous strength of Cu-Ta 
alloys [753]: deviation from the expected rule of mixture strength near theoretical strength limits. The error bar on Cu-Ta points corresponds to one 
standard deviation resulting from 10 hardness tests.
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size and microstructure, which delay transitions between deformation mechanisms. The apparent linear temperature dependence over 
a large temperature window likely results from a complex interplay of several strengthening mechanisms, including grain size, 
dispersion of ultrafine Ta particles, coherent Ta-rich clusters, and the presence of Ta solute atoms along GBs and within the Cu-rich 
matrix.

5.2. Strength-ductility trade-off in stable NC materials

The trade-off between strength and ductility is another key challenge in NC materials. An optimal grain size of approximately a few 
micrometers has been identified as the point where the strain energy density (the product of strength and uniform elongation) reaches 
its maximum [75,760,902]. In the grain size range of 100–500 nm, the deformation mechanisms are similar to those in traditional fine- 
grained materials. In the grain size range of 100–500 nm, the deformation mechanisms are similar to those in traditional fine-grained 
materials. However, as the grain size decreases below 50 nm, partial dislocation emission and twinning become the dominant 
deformation mechanisms, leading to an increase in strength but a decrease in tensile ductility. When the grain size is reduced to below 
20 nm, GB sliding becomes the primary mechanism, and tensile ductility is almost nonexistent. This trade-off between strength and 
ductility has long been a barrier to the practical application of NC materials. Stable NC materials have shown that it is possible to 
achieve high strength at relatively large grain sizes (150–300 nm) compared to pure NC Cu alloys with grain sizes less than or equal to 
5 nm (Figs. 51 and 52). This result suggests that the controlled decomposition of forced solid solutions to form nanostructured ma
terials can offer a way to enhance material strength without sacrificing ductility, thus overcoming the traditional limitations of the 
strength-ductility trade-off in NC materials.

5.3. Materials response under extreme stimuli

5.3.1. Thermal stability and grain growth resistance in stabilized NC materials under intense and prolonged heat
To develop materials that can endure significant thermal energy over long periods, it is crucial to design microstructures that resist 

vacancy flux and diffusion processes. In particular, maintaining stable GBs and phase boundaries under such conditions is essential.
Sharma et al. studied the microstructural evolution of Ni-Y-Zr ternary alloys after heat treatment at temperatures from 200 ◦C to 

1200 ◦C for one hour [764]. At 600 ◦C, the grain growth in the alloy resembled that in pure NC Ni at 100 ◦C, indicating similar growth 
mechanisms but at much higher temperatures. At 800 ◦C, the grains remained NC (≤100 nm), but as the temperature increased to 
1200 ◦C, a bimodal grain size distribution developed. Most grains remained around 350 nm, while a few exhibited abnormal growth 
and contained annealing twins. Additionally, microstructural analysis revealed the formation of Y and Y–Zr oxides as well as nitrides at 
higher temperatures. The presence of the cuboidal precipitates was attributed to contamination from liquid nitrogen during cryogenic 
ball milling.

Cai et al. produced 14YWTZ alloy powders (Fe–14Cr–3 W–0.4Ti–0.8Zr–0.3Y2O3) prepared by mechanical alloying and heat- 
treated at temperatures from 500 to 1300 ◦C [765]. Below 800 ◦C, the grain size remained around 50 nm, increasing slightly to 59 
± 16 nm at 900 ◦C. Vickers hardness tests showed stability at 800 ◦C for up to 250 h, indicating grain size stability around 50 nm. After 
annealing at 1000 ◦C for 1 h, the grain size increased to 75 ± 23 nm, demonstrating high thermal stability. However, above 1000 ◦C, 

Fig. 52. Tensile ductility as a function of yield strength for different compositions of NC Cu-Ta alloys along with literature data for pure Cu with 
grain sizes ranging from NC to CG [20,454,461,761,762], nano-twinned Cu, and UFG Cu from [48,763], and CG Cu from [48].
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grain growth accelerated, significantly reducing hardness. Nanoclusters (~3.18 nm, ~3 × 1024 m− 3) were uniformly distributed 
throughout the microstructure, with GBs showing W, C, and Mn segregation. The alloy’s stability was determined to be thermody
namic due to co-segregation at GBs and Zener pinning by Zr–Ti–Y–O-enriched clusters, which limited grain growth during annealing.

Similarly, Li et al. [766] reported on the microstructure of 14YT-4Sc alloy after long-term annealing at 1000 ◦C for up to 60 h. The 
average grain size of the alloy after annealing for 10, 15, 24, and 60 h was found to be 0.4, 0.52, 0.63, and 1.18 μm, respectively. TEM 
analysis showed that while the average grain size stayed within the ultrafine-grained regime, the matrix remained largely nanoscale, 
with only slight grain growth over time (growth exponent n = 0.29). Furthermore, EDS mapping of the sample revealed the presence of 
Sc–Ti–Y–O-enriched nano-oxide particles, with sizes below 10 nm. The retention of the nanostructure was attributed to the stabilizing 
effect of these complex nano-oxide particles.

The thermal stability of the NC Cantor alloy (CrMnFeCoNi) was studied under long-term annealing to investigate phase decom
position at low temperatures [767]. Previous work showed that Ni and Mn co-segregated at GBs after 0.5 h of annealing at 100 ◦C, 
without phase decomposition. In this study, the annealing time was extended to over 300 h at 100 ◦C to see if prolonged segregation 
would lead to phase decomposition. APT results after 30 and 302 h confirmed that Cr, Co, and Fe remained homogeneously distributed, 
while Ni and Mn co-segregated at the GBs. Despite increased segregation over time, phase decomposition did not occur as the con
centration of Ni and Mn at the GBs remained below 47 at. %, preventing decomposition. However, annealing at 250 ◦C for 5 h caused 
phase decomposition, with Ni and Mn concentrations at the GBs approaching equilibrium between 1 and 5 h. APT analysis of the 1- 
hour annealed alloy at 300 ◦C revealed phase separation into Cr-rich, FeCo-rich, NiMn-rich, and Cr-containing phases. These findings 
support the discussion in Section 3.4 by demonstrating that GB segregation can undergo a spinodal decomposition and form chemically 
heterogeneous GB structures.

Lu et al. [768] investigated the grain growth kinetics and thermal stability of Pt.90Au.10 and pure Pt thin films through annealing 
experiments. Grain growth occurred in films annealed at 500 ◦C and 700 ◦C, corresponding to the homologous temperatures of ~ 0.4 
and 0.5 Tm, respectively. Both alloy and pure Pt films had an initial grain size of ~ 7.3 nm. Upon annealing at 500 ◦C, the Pt.90Au.10 
alloy exhibited significantly slower grain growth compared to pure Pt. The grain structure in the alloy stabilized after a few hours of 
annealing, while the pure Pt film showed continued and abnormal grain growth, including rapid growth of a few large grains that 
consumed smaller ones. At 700 ◦C, the Pt.90Au.10 alloy showed minimal grain size increase, stabilizing at around 46 nm, while pure Pt 
experienced continuous abnormal grain growth. Detailed STEM-EDS analysis revealed that Au preferentially segregated to high-energy 
GBs, forming a stable structure that slows down abnormal grain growth. The Au segregation was more homogeneous at higher 
annealing temperatures, reducing the heterogeneity observed at 500 ◦C. The thermal stability was supported by theoretical models of 
GB solute segregation, which indicated that temperature affects both the thermodynamic and kinetic aspects of GB mobility and solute 
segregation. At higher temperatures, the entropic effects reduced the segregation energy, while solute drag slowed GB motion, 
collectively enhancing the alloy’s stability.

NC W and W-Ti [769] alloys were processed by high-energy mechanical alloying, resulting in NC structures with average grain sizes 
of 22 nm for the W-Ti alloy and 17 nm for unalloyed W. After annealing at 1100 ◦C for one week, unalloyed W exhibited significant 
grain coarsening, with the average grain size increasing to 600 nm. In contrast, the W-20 at.% Ti alloy retained a much finer average 
grain size of 24 nm, demonstrating a 25-fold difference in grain growth. TEM, STEM, and EDS analyses revealed a highly inhomo
geneous Ti distribution in the W-Ti alloy after annealing, with Ti segregating around the W-rich grains while remaining dilute in the 
grain interiors. Atom probe tomography confirmed this segregation pattern. Kinetic analysis of diffusion indicated that the one-week 
annealing time allowed for microstructure relaxation over scales much larger than the grain size, suggesting that the nanostructure 
stability was influenced by thermodynamic factors. This was further supported by Monte Carlo simulations, which visualized the Ti 
segregation zone around W-rich grains.

Rupert and coworkers [312,770] studied NC Cu-Zr-Hf alloys created by mechanical alloying to examine their thermal stability and 
ability to form amorphous intergranular films or (AIFs). The microstructures of these alloys were compared to binary Cu-Hf and Cu-Zr 
alloys to understand the role of each dopant element [312,770].

All ternary alloys demonstrated excellent thermal stability, maintaining grain sizes between 50–65 nm after two weeks of annealing 
at 950 ◦C, well within the NC regime. In contrast, pure Cu grew beyond XRD resolution within the first hour, and binary Cu-Hf alloys 
exceeded XRD resolution by the end of the tests. The thermal stability was primarily due to thick AIFs and a minor contribution from 
HfC and ZrC precipitates at the GBs [311]. The ternary Cu-4Hf-1Zr alloy, despite having the same dopant concentration as binary Cu- 
5Zr, formed thicker AIFs, indicating that the addition of a second dopant reduces the energy penalty for AIF formation. The ternary 
alloys exhibited the thickest AIFs observed in metallic materials. Previous studies also reported AIF formation in Cu-Zr alloys under 
similar conditions, supporting the findings of this study.

Further work explored the thermal stability and AIF formation of three quinary NC alloys, based on Cu–Zr–Hf but doped with Mo, 
W, Nb, and Ti. The Cu–Zr–Hf–Nb–Ti alloy [382] showed the best thermal stability, retaining a grain size of 63 nm after annealing at 
950 ◦C for a week. This stability was attributed to the formation of thick multi-principal element amorphous AIF, which were 44 % 
thicker than those in Cu–Zr and 32 % thicker than in Cu–Zr–Hf alloys. Processing challenges, including second-phase formation and C 
contamination, reduced dopant efficacy by forming carbides, which limited the availability of dopants for GB segregation. Similar 
results were found for various Al alloys [771].

The structural stability of NC aluminum-manganese (Al-6.5 at.%. Mn) alloys was studied in the temperature range of 200 to 400 ◦C 
[772]. TEM observations revealed that the presence of Mn effectively suppresses grain growth, allowing grain sizes of 100 nm or finer 
to be retained at 200 and 300 ◦C, even after 1 month of annealing. However, the primary instability mechanism in the alloy was found 
to be the precipitation of the equilibrium Al6Mn phase, which formed rapidly at both 300 and 400 ◦C.

In NC Cu-Ta alloys, grain coarsening was minimal even after 10,000 h at 800 ◦C (~80 % Tm), with only a 1 nm increase in grain size 
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per 100 h. The stability can be quantified by the vacancy flux, calculated as 6.6 x 1017 vacancies per m2/s in the initial Cu-Ta 
microstructure having an average grain size of ~ 65 nm. Over 10,000 h, the total number of vacancies absorbed by a given GB 
would then be approximately 3.2 x 1011. Despite the capillary pressure that would normally induce grain growth, the grain size 
increased only modestly to 165 nm. This resistance to coarsening is attributed to the Zener pinning force from Ta-nanoclusters, which 
prevents significant coarsening and stabilizes the GBs. The Ta nanoclusters, approximately 3 nm in diameter, act as diffusion barriers 
for Cu atoms. As a result, NC Cu-Ta alloys maintain improved hardness and yield strength (about 33 % higher at 800 ◦C) compared to 
pure NC Cu, which typically experiences rapid grain growth at lower temperatures over short timescales. The stability was pushed 
further by the addition of Li to the Cu-Ta alloy [773]. STEM comparison imaging after 10,000 h at 800 ◦C shows that the Cu-3Ta alloy 
experiences abnormal grain growth, more than doubling the average grain size, while in the Cu-3Ta-0.5Li alloy, the grain size increases 
from 35 nm to 91 nm [773]. This corresponds to a growth rate of 0.035 Å per hour, three times slower than the Cu-3Ta alloy. The 
improved grain stability in the Cu-Ta-Li alloy was attributed to the coherence of Cu3Li clusters with the matrix and electronic con
tributions from a Ta atomic bilayer.

Collectively, it is found that the stabilization of NC alloys at high temperatures is primarily influenced by GB pinning mechanisms, 
such as the presence of nanoclusters or thermodynamic mechanisms via solute segregation and/or the formation of AIFs. However, in 
the latter case, phase instability can arise from second-phase formation (such as carbides) or fast-diffusing interstitial elements, which 
reduce the availability of dopants for GB segregation and promote grain coarsening. GB phase transformations, including spinodal 
decomposition, can lead to chemically heterogeneous GB structures. Such structures can reduce the GB mobility and stabilize the grain 
size, especially if precipitates of a new GB phase act as pinning points in a manner similar to the Zener particles.

5.3.2. Creep response
The complex and interrelated strengthening mechanisms described in the earlier sections play a significant role in determining the 

Fig. 53. (a) Effect of temperature on strain rate sensitivity of NC Cu-Ta at different strain levels measured from experiments. (b) Conventional 
compressive creep strain versus time curves for various applied temperatures and constant stress conditions, (c) Tensile creep strain versus time for 
NC Cu-3at.%Ta at different fractions of the melting temperature (Tm) plotted along with data for Ni-based superalloys from the literature [775–777].
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SRS of stable NC materials. These mechanisms also correlate with several important material properties, such as creep resistance. 
Unlike conventional materials, the SRS of NC materials can depart significantly from typical expectations due to the unique charac
teristics of their microstructure. One key factor in this behavior is the microstructural stability, which plays a crucial role in governing 
the SRS. Evidence suggests that thermo-mechanically stable NC materials can mitigate or limit the extent of SRS exhibited at elevated 
temperatures, leading to improved material performance under high-stress conditions.

The SRS parameter m is inversely proportional to the apparent activation volume v*, which measures the average volume of the 
material involved in the deformation process. v* is critical for determining the rate-controlling mechanisms of plastic deformation. As 
shown in Fig. 53a, the evolution of the rate-controlling mechanisms with strain and temperature for a stabilized NC alloy reveals a 
significant increase in the SRS parameter m with temperature (starting at around 0.025 at room temperature). This increase is 
particularly pronounced at lower strains, as demonstrated by the five-fold increase in the spread of m values between 0.2 % and 12.5 % 
strain. This behavior suggests that thermally activated strain hardening mechanisms play a more prominent role at the early stages of 
deformation. This is especially true for NC materials, where the dislocation storage capacity is exhausted within the first few percent 
strain, leading to a more rapid activation of thermally driven mechanisms.

Although m increases with temperature, as shown in Fig. 53a, it does not surpass the typical threshold of 0.3, which is commonly 
observed in materials dominated by GB processes, such as those experiencing creep. In fact, a survey of over 184 coarse-grained alloys 
based on Zn, Sn, Mg, Al, Cu, Fe, Ni, and Ti [774] has demonstrated that alloys with stable grain sizes (ranging from 1 to 20 μm) exhibit 
deformation mechanisms associated with GB processes, resulting in mm values between 0.3 and 0.8 at homologous temperatures of 
50–80 % of the melting temperature Tm [774]. This comparison suggests that thermo-mechanically stabilized NC materials exhibit 
superior creep resistance relative to coarse-grained samples.

As discussed in Chapter 4, the diffusion-based mechanisms of the Nabarro-Herring and Coble creep generally exhibit a smaller 
stress exponent and a stronger dependence on grain size than dislocation-based mechanisms [86,553,778,779]. Consequently, Coble 
creep prevails in materials with finer grain sizes, such as those within the NC regime, due to the amplified GB diffusion at relatively 
lower temperatures, leading to higher steady-state creep rates [554]. Notably, many pure NC materials with grain sizes below 100 nm 
exhibit steady-state creep rates four to five orders of magnitude higher than those observed in coarse-grained materials [17,544,555]. 
Generally, such behavior is associated with a high SRS and an activation volume of less than ~ 10b3.

In this context, GB engineering plays a critical role in enhancing the creep resistance of mechanically stabilized NC materials. By 
strategically introducing segregated solutes and promoting the formation of solute clusters at the GBs, the GB mobility can be 
significantly reduced. This reduction helps prevent excessive grain growth, limits diffusion-driven creep mechanisms, and makes the 
GBs more resistant to sliding and migration under high-stress conditions. Moreover, the geometric structure of the GB network, 
including the relaxation and stabilization of GBs through mechanisms such as partial dislocation motion, further contributes to the 
mechanical stability of NC materials. The engineered GBs, with tailored chemical and structural characteristics, serve as barriers to 
dislocation and vacancy motion, thereby enhancing the overall creep resistance of the material. This approach offers a promising 
strategy for developing high-performance NC metals for high-temperature applications.

For instance, Zhang et al. [780] showed that stabilization of GBs in NC NiCoCr alloy is possible through structural relaxation 
triggered by severe plastic deformation, resulting in low-energy 

∑
CSL (coincidence-site lattice) boundaries, interlocked with a high 

density of twin boundaries that resist migration and sliding. This configuration of stable GBs suppresses diffusion, thereby maintaining 
the alloy’s strength at high temperatures. The GB relaxation facilitated by partial dislocations during grain refinement, hinders the GB- 
mediated deformation processes such as sliding and migration, enhancing creep resistance. These mechanically stabilized GB net
works, analyzed along the [110] axis, revealed that over 50 % of the boundaries were faceted, featuring segments of {111} atomic 
planes connected by steps. The stabilized GB configurations exhibited remarkable creep resistance, with the alloy achieving a steady- 
state creep rate of approximately 10− 7 s− 1 under gigapascal-level stress at 700 ◦C. This performance significantly surpasses that of 
traditional superalloys. Post-creep microstructural evaluation revealed negligible grain growth and texture changes, confirming the 
alloy’s stability. Huang et al. [781] also demonstrated that the restructuring of GBs significantly enhances the creep resistance of NC 
Fe-Ni alloys, primarily due to a diffusional phase transformation occurring at TJs and along GBs. The diffusional phase transformation 
involves the formation of nanoscale secondary FCC phases (~8 vol%), particularly through a chemical reordering of Ni at and near the 
GBs. This transformation drastically reduces the stored dislocation density (~97 %) through low-temperature annealing at 300 ◦C, 
which improves creep resistance. The reduced dislocation density rendered the nucleation of new dislocations necessary, increasing 
the stress required for dislocation-based creep deformation and thereby enhancing creep resistance. As a result, the nucleation of full or 
partial lattice dislocations with a Burgers vector characteristic of the BCC grain interior became less likely and/or required higher local 
resolved shear stresses.

Recent studies have shown that GBs can be stabilized against incipient deformation process through the use of small nanoclusters. 
For instance, creep tests in compression [67] and tension [230] have shown that the primary creep in NC Cu-Ta is followed by an 
unusual steady-state creep regime (Fig. 53b-c) in which the creep rate becomes nearly zero (horizontal portion in the curves). The tests 
were stopped after two weeks of testing if no failure occurred. An extended primary creep regime was observed for the test temperature 
of 973 K (0.72Tm) and various applied stresses, similar to the one seen at lower temperatures. However, at this temperature, the 
steady-state creep behavior was different in that it had a non-zero slope and was followed by a short tertiary creep and, ultimately, 
failure. The steady-state creep rate at 973 K was on the order of 10-8 s− 1. In all cases, the time to failure depended on the magnitude of 
the applied stress. By contrast, coarse-grained Ni-based superalloys show traditional creep rate versus time curves with three distinct 
regimes corresponding to the primary, secondary, and tertiary creep under all test conditions [775–777] (Fig. 53c). The tensile creep 
behavior exhibited by the NC alloy at temperatures up to 0.64Tm is highly unusual for an NC material, especially one that was pro
cessed through powder metallurgy.
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In the above examples, the primary creep rates of the stabilized NC material were usually high. To gain further insights, the primary 
creep strains for all test conditions were fitted with a power law, revealing a cubic-root relationship between the strain and time, 
consistent with the Andrade β-flow theory for stable NC materials [782]. It was determined that certain microstructure regions, such as 
GBs and TJs, gave rise to stress concentrations exceeding the applied global stress but fell below the threshold for local yielding. 
Consequently, the microstructure could undergo relaxation to counter the localized stress buildup, which gradually decelerated with 
time. This relaxation mechanism explained the observed primary creep deformation in the stable NC material [230]. Kale et al. [230] 
validated this explanation by a loading and re-loading experiment, in which the sample was crept at 873 K (0.64Tm) for 1.5 weeks and 
exhibited a reduced primary creep strain during re-loading due to prior relaxation in the initial creep test. This insight suggests a 
potential approach to mitigate the initial considerable instantaneous strain by annealing under stress, which could reduce or eliminate 
this strain.

Furthermore, an initial transition to tertiary creep was observed despite suppressing several deformation mechanisms in a stable NC 
material. Although the strain accumulated during this stage was minimal, it signifies the microstructure’s capability for this transition. 
Atomistic simulations have shed light on the mechanisms behind this unique creep behavior in NC alloys [230]. The simulation studies 
revealed the role of solutes/nanoclusters, which can hinder/alter dislocation movements and GB diffusion. This leads to elongation 
and tensile creep deformation, clarifying the distinction between diffusion-driven Coble creep and dislocation-based mechanisms. 
However, a deeper understanding is needed to engineer a more stable response during the final stages of deformation and failure in 
creep. More studies of other stable NC alloys are also required to explore the limitations of their creep resistance and the underlying 
mechanisms.

Shan et al. [783] showed that nanoscale precipitates in NC Fe-5at.% Zr steel, likely enriched with zirconium, interact with dis
locations and GBs to stabilize the microstructure. Similarly, Xu et al. [784] reported that Y-Ti-Zr-O-enriched nanoparticles in an NC 
14YWTZ alloy effectively pin dislocations and inhibit GB coarsening through Zener pinning mechanisms along with multi-component 
GB co-segregation. The nanoscale clusters reduced GB mobility and suppressed the Coble and Nabarro-Herring diffusional creep 
mechanisms, ensuring that dislocation-based deformation, particularly dislocation climb, became the dominant mechanism. As a 
result, the materials exhibited superior creep resistance under high applied stresses and elevated temperatures.

Other forms of GB engineering have aimed to understand and enhance the creep resistance and thermal stability of NC materials by 
reducing vacancy mobility, suppressing vacancy nucleation and absorption at GBs through atomic-level modifications, such as 
introducing nanotwin boundaries or solute segregation, or inhibiting diffusion-driven processes and dislocation activity. For instance, 
the work of Qian et al. [785] on NC and nanotwinned copper reveals the critical role of nanoscale twin boundaries in reducing vacancy 
mobility and suppressing diffusion processes, which are primary contributors to creep deformation in NC Cu. It was found that twin 
boundaries act as barriers to dislocation motion, effectively stabilizing GBs and reducing nonaffine displacements during creep. 
Smaller twin thicknesses further enhance the stabilization, leading to lower steady-state creep rates and better creep resistance due to 
increased resistance to dislocation nucleation from GB sources. Similarly, the study of high-entropy alloys (HEAs), such as NC CrCoNi 
and CrMnFeCoNi, has emphasized the role of GBs and dislocation behavior [786]. Both alloys exhibited equiaxed nano-grains 
(~10–50 nm) with significant contributions from stacking faults (SFs) and nano-twins. The alloys demonstrated superior hardness 
and creep resistance compared to coarse-grained metals. The creep resistance was further enhanced by the suppression of GB-mediated 
creep mechanisms at high stress, with dislocation nucleation from GB sources becoming the dominant mechanism at higher stresses. 
The study highlighted the importance of SFs, nano-twins, and stable GBs in enhancing the mechanical properties and creep resistance 
of these alloys.

Wani et al. [787] showed the effect of solute segregation on threshold stress for vacancy emission and absorption at GBs using the 
Mohamed model [788]. The ability of Zr solute atoms to modify the local GB structure and energetics, thereby reducing vacancy 
concentration and mobility to impede GB sliding and dislocation motion, was a focus of the evaluation. To identify solute atoms 
capable of simultaneously enhancing grain size stability and creep resistance, the thermodynamic framework proposed by Murdoch 
and Schuh [129] was employed in conjunction with the Hondros and Henderson equation [789]. In NC Cu-Zr the binding energy and 
normalized threshold stress were found to decrease with temperature, reflecting weaker solute–solvent bonding at higher thermal 
conditions. Activation energy analysis confirms Coble creep as the primary mechanism, with Zr increasing vacancy diffusion resis
tance. The theoretical analysis of solute segregation in NC materials demonstrated that solute atoms reduce vacancy formation and 
mobility, thereby increasing the activation energy of creep. This mechanism was suggested to impede the GB-mediated deformation 
processes, including sliding and migration, while strengthening the GBs and enhancing resistance to dislocation motion.

5.3.3. High strain rate behavior
Controlling high-strain-rate plasticity in NC materials can be envisioned by the constitutive relationship (ε̇ = ρbv, where b is the 

magnitude of the Burgers vector), providing two variables to control the response, namely, dislocation velocity (v) and mobile 
dislocation density (ρ). However, active microstructural control or manipulation of v, and ρ as a function of strain rate has not been 
accomplished to date. Accordingly, there is a direct correlation between the rise in strain rate and the increase in flow stress through 
dislocation velocity dependence on the applied stress. Stable NC materials are expected to exhibit reduced SRS values, especially at or 
near the ambient conditions. This is especially true within the quasi-static strain rate regime, in which the change in the flow stress as a 
function of strain rate should be minimal, given the relative value of the SRS parameter, m. Indeed, recent research conducted by 
Rajagolapan et al. [234] on a stabilized NC material substantiates that quasi-static rates exert negligible effects on the flow stress 
response up to 600 ◦C. In more extreme scenarios, such as those involving strain rates between 103 and 104 s− 1 when the relaxation 
effects are too restricted to reach equilibrium, the dynamics of dislocation velocity, including the drag effects, may become significant 
factors. Consequently, these conditions can lead to notable changes in the flow stress.
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Considering the relations σ = Cε̇m and ε̇ = ρbv, the drag effects and dislocation density potentially wield a significant influence over 
the increase in flow stress. As the loading rate increases to a critical point (~104 s− 1), most materials undergo a rapid up-turn in their 
flow stress [599]. In different materials [599], the strength increases by several hundred percent as the deformation rate increases 
[19,541,618,790]. For instance, Follansbee et al. [610] experimentally observed that the flow stress upturn in FCC Cu at room 
temperature increased six times at ~ 4.0x103 s− 1 compared to the quasi-static conditions. Likewise, for similarly applied strain rates in 
coarse-grained Ni, the flow stress was found to experience an approximately 55 % increase compared to the quasi-static flow stress 
[19]. Although the exact mechanism of this dynamic transition has not been established, it has often been associated with the tran
sition from the thermally activated to drag-dominated dislocation motion, primarily brought about by interactions with phonons in the 
lattice [484,599]. The contribution of drag effects to dislocation motion becomes significant as the deformation rate increases [599].

Furthermore, variation in the extent of increase in the flow stress at high strain rates has also been attributed to the effective 
dislocation mass under acceleration and the dislocation interaction with microstructural elements such as GBs and precipitates, which 
depend on the applied temperature [612]. Such theories are primarily based on atomistic simulations and modeling. Gaining 
experimental evidence for phenomena such as phonon drag is challenging [791,792]. Recently, Lea et al. experimentally demonstrated 
that the flow stress upturn in polycrystalline materials is driven mainly by a mechanism involving self-organization of dislocations 
[793]. In conventional polycrystalline materials, plasticity is mediated through self-organization and avalanches of dislocations, 
referred to as self-organized criticality (SOCs). Maintaining such self-organization at a high strain rate is constrained by the time 
available, resulting in multiple short dislocations instead of causing high-rate strengthening. In both theories (phonon drag and time- 
limiting SOCs), the flow stress upturn is controlled mainly by changes in the dislocation structure and behavior at high rates compared 

Fig. 54. Normalized flow stress as a function of (A) strain rate in tension and (B) strain rate in compression. (C) Combined plot of tension (0.2 %) 
and compression (10 %) for various Cu-Ta samples (with literature data points for coarse-grained Cu and Ta [225,231]). (D) Grain size for 
compression and tension at a similar strain rate (~4000 /s).
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to that under quasi-static conditions.
In the quantum–mechanical description, phonons obey the Bose-Einstein statistics, and their mean occupation numbers increase 

with temperature. In stable NC materials, the high density of barriers, such as grain/twin boundaries and other interfaces, causes 
phonon scattering, absorption, and transmission, increasing the local phonon DOS. Recent simulation work on stabilized NC systems 
has indicated a shift of phonon modes toward lower frequencies with increasing temperature, which is typical of thermal expansion 
and anharmonicity [225]. Such findings suggest that a higher phonon density in stable NC materials results in a higher drag coefficient. 
The increased energy for generating and propagating dislocations and an increase in phonon drag coefficient require significantly 
greater stress than at quasi-static states to get further deformation compared to coarse-grained systems. Thus, a stable NC material 
should be more sensitive to phonon drag and experience it at lower strain rates than conventional materials. It should be noted that 
such changes in the phonon DOS with increasing temperature during plastic deformation are only possible because of the stable 
microstructure that resists coarsening.

Thus, tailoring the microstructure to control the dislocation activity through v and ρ can provide an avenue for controlling the flow 
stress upturn at high strain rates. Namely, the perturbations of a moving dislocation caused by interactions with microstructural el
ements can alter the flow stress upturn. Unfortunately, in most crystalline materials, the available mean free dislocation path between 
microstructural elements is too large to restrict the dislocation self-organization or the average dislocation velocity below the inherent 
threshold required for the phonon drag effects. For instance, a moving dislocation in Cu requires only ~ 15 nm to accelerate to a 
steady-state velocity [225]. Thus, the traditional microstructural length scales have not been sufficient for damping out of the phonon 
drag effect or the time-limiting SOCs.

It may be hypothesized that if the dislocation mean free path between microstructural elements could be reduced below a certain 
point, then the phonon drag can be constricted owing to the inability to attain a critical velocity. Similarly, the SOCs will lose their role 
in the flow stress upturn due to insufficient space required for their formation even at nominal strain rates. For instance, the recent 
work by Turnage et al. [225] and Casem et al. [241] on microstructurally stable NC materials showed negligible changes in the room 
temperature compressive flow stress up to 106 s− 1 (no flow stress up-turn), by contrast to the coarse-grained counterparts [225]. A high 
upturn, similar ones exhibited by coarse-grained pure Cu at 298 K were observed only at a high homologous temperature (0.55 Tm) in a 
stable NC material, as reported by Turnage et al. [225]. It was suggested that the initial mechanism for such behavior was related to a 
reduced dislocation velocity associated with damping out through a pinning interaction with a critical length scale of stable atomic 
clusters. As the drag coefficient is temperature-dependent, this mechanism was ultimately overcome at high homologous 
temperatures.

To further elucidate the effect of strain rate on flow stress, Srinivasan et al. performed experiments in tension and compression by 
systematically varying the grain size and cluster spacing [231]. The goal was to determine the length scale effects on dislocation 
motion and subsequent flow stress upturn by altering v. The plot illustrates their work, which includes the high tensile strain rate at 0.2 
% flow stress normalized with the corresponding quasi-static strain rate stress for the same material and condition. For the compression 
behavior, the flow stress values were taken for each strain rate at 10 % plastic strain. Fig. 54 shows the normalized flow stress as a 
function of strain rate and grain size for each specimen and condition. For the tension data, despite taking stress values from corre
spondingly low strain, where questions of attaining equilibrium during testing may arise, the correlations made are consistent with 
compression, where these concerns do not exist.

The results in Fig. 54 reveal that alloys with both NC grain size and moderate-to-high Ta concentrations exhibit the lowest rise in 
the flow stress as the strain rate (tensile or compressive) increases. Further, for each concentration, as the processing temperature 
increases, causing grain size to increase, the normalized flow stress also increases. This indicates the importance of GBs in the 
nucleation and pinning of dislocations. Interestingly, although Cu-10at.%Ta processed at 900 ◦C has a slightly larger grain size than 
Cu-1at.%Ta processed at 700 ◦C, the rise in the flow stress is greater for the Cu-1at.%Ta processed at 700 ◦C. This behavior indicates 
the role that Ta nanoclusters play in limiting the effects of dislocation drag and grain size at higher Ta concentrations.

Furthermore, consistent with the previous work [67], Cu-10at.%Ta processed at 700 ◦C and other alloys with NC grains showed no 
tension–compression asymmetry. However, as the processing temperature (grain size) increased and the Ta concentration decreased, 
tension–compression asymmetry became evident. This is seen from plots A and B in Fig. 54, where the magnitude of the flow stress 
increase is higher in tension compared to compression in coarse-grained alloys. This asymmetry was not previously reported by the 
authors, as dynamic deformation studies were limited to nanograined Cu-Ta alloys only. Overall, the data presented in Fig. 54 il
lustrates the importance of controlling/tuning grain size and Ta nanocluster spacing for the flow stress behavior. This work suggests 
that stable NC Cu-Ta can absorb high-energy loading very efficiently. Thus, it is possible to design a material that deforms with a 
consistent flow stress even under extreme conditions of high pressure and high loading rates. To achieve this, the material’s plastic 
response must remain unchanged across various loading rates, much like the linear flow stress response with temperature, indicating 
the persistence of dislocation-mediated slip mechanisms over a wide temperature range.

To make this behavior a reality, it is crucial to prevent the phonon drag mechanism, which typically leads to an increase in flow 
stress (often leading to brittle failure). Realizing such a material opens the door to creating a new class of tough, high-impact-energy- 
absorbing materials.

5.3.4. Shock healing
The preceding discussion underscored the possibility of manipulating the dislocation velocity in NC materials, thereby influencing 

their mechanical behavior, especially high-rate deformation and energy storage capabilities. The next topic concerns the evolution of 
dislocation density. The question is whether it is plausible to suppress the increase in dislocation density by reducing the accumulation 
of dislocations or self-healing, particularly in stable NC materials.
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In various engineering scenarios, such as those involving shock loading and fatigue, the accumulation of dislocations can poten
tially culminate in catastrophic failure. The microstructure of stable NC materials offers the potential to govern dislocation accu
mulation through GB reabsorption. In stable NC materials, GBs serve as sites for dislocation nucleation. Importantly, once nucleated, 
dislocations can be “pinned” by precipitates. Subsequently, the same GB or neighboring GBs can reabsorb these pinned dislocations. As 
discussed earlier, the stability of microstructure in pure NC metals is unfeasible. Adding solutes can provide dislocation-pinning 
mechanisms (dislocation-solute interactions or dislocation-precipitate interactions).

The recent work by Hornbuckle et al. [604,749] observed such behavior under shock loading. To emphasize this fact and the 
distinctiveness of a stabilized NC alloy, Fig. 55 illustrates the striking differences in the post-shocked microstructures of steel after a 
single exposure to shock loading at 15 GPa, illustrating high levels of dislocation activity versus the complete absence of dislocations in 
a stable NC alloy shocked twice to the same maximum 15 GPa pressure. Due to the nature of standard bright-field imaging [794], the 
dark or black contrast in these images can be attributed to the enhanced scattering and absorption of the electron beam caused by 
crystallographic defects such as dislocations, stacking faults, and microbands. In the steel sample, non-equilibrium defects (Fig. 55A) 
appear predominantly black compared to the stable NC microstructure shown in Fig. 55B.

Fig. 55. Bright field images. (A) Steel sample after single shock at 15 GPa versus (B) Cu-3Ta shocked twice at 15 GPa [].

Fig. 56. (a) Stress amplitude plotted versus the number of cycles to failure for NC Cu-3Ta, along with the data for other NC and UFG materials. 
Literature data were taken from studies performed at different R-ratios and under various stress states other than Cu-Ta. A datum point marked by 
an arrow denotes the test was terminated when the sample survived more than 106 cycles. (b) Ashby-type map showing endurance limit (σe) plotted 
against the yield strength (σy) for different engineering materials alongside NC Cu-3Ta data. The σe is defined as the strength at which failure does 
not occur (typically ≥ 106 cycles) [87].
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This behavior has an important implication, which could be understood by comparing the hardness behavior. For conventional 
coarse grain materials, the magnitude of the residual hardness deviation is 1.5 to 2.4 times the initial unshocked hardness values [604]. 
Given that conventional materials follow the accepted relationships with shock pressure/strain rate, it is rather peculiar that the 
hardness value of 291 ± 4.84 VHN for a stable NC material (refer to [604]) following repeat shock loading changes minimally (by 
− 4.5 %) relative to the pre-shock hardness of 304 ± 9.73 VHN. This slight variation is within the margin of measurement error, 
suggesting that the hardness remains virtually unchanged. Furthermore, the result aligns with the absence of any preserved dislocation 
activity in the microstructure of the stable NC material. Therefore, the notion that dislocation density evolution can be suppressed is 
critical.

Note that dislocation nucleation is still an active mechanism accommodating deformation, but dislocation reabsorption is the key. 
In other words, the stable microstructure of NC materials provides an active self-healing mechanism. Namely, the non-equilibrium 
concentration of defects typically observed in materials when subjected to high-pressure shock compression states can self-heal to 
preserve the original state. Smaller grain sizes increase the number of GBs, which serve as effective barriers to dislocation motion and 
facilitate their reabsorption during mechanical deformation. In-situ x-ray diffraction studies performed using the high energy sources 
at the Advanced Photon Source (APS) have shown that dislocation absorption in NC Cu-Ta alloys occurs in just a few hundred 
nanoseconds, a process significantly slower in materials with larger grain sizes [749]. Atomistic simulations have confirmed the 
mechanisms of dislocations interacting with the Ta nanoclusters, becoming pinned by them and then reabsorbed at GBs, thereby 
effectively reducing stored strain energy 749.

5.3.5. Fatigue damage and healing
Accumulated damage caused by cyclic loading is a prevalent factor in the failure of structures in various critical applications. 

Mitigating/controlling and healing fatigue damage requires a microstructure that reduces strain localization via dislocation pile-ups. 
As discussed previously, reducing or controlling the dislocation density can enhance fatigue resistance. In recent work by Kale et al. 
[87] using a stable NC Cu-3Ta as a model material system, exceptional fatigue strength was observed as compared to other NC ma
terials reported in the literature and an endurance limit on par with tool steels (Fig. 56). Postmortem characterization combined with 
atomistic simulations revealed the underlying mechanism of the improved fatigue performance, which was linked to diffuse damage 
accumulation. Namely, multiple grains participated in the deformation processes during cyclic loading, resulting in a more homog
enous damage distribution across the microstructure than typically observed in coarse-grained materials. Atomistic simulations also 
revealed a drastically suppressed damage accumulation and its more uniform distribution across the microstructure. By optimizing 
grain size, further increases in fatigue resistance can be achieved. Current studies aim to extend the fatigue limit of Cu-Ta alloys and 
bring it closer to their yield strength (~1 GPa), potentially pushing the material’s durability to new extremes. However, investigations 
on prolonged dislocation interactions with GBs could affect the material’s mechanical behavior and fatigue performance.

Since stabilized NC materials exhibit diffuse damage accumulation, the focus shifts to the role of GBs and TJs in the self-healing 
akin to cold welding of fatigue cracks. The high density of GBs and TJs influences the local strain field near these defects, causing 
self-healing of a nucleated crack. Recent work by Xu and Demkowicz [795] examined the phenomenon of stress-driven GB migration 
(SDGBM) as a novel mechanism for crack healing in NC metals. Their MD simulations revealed that when a symmetric tilt GB moves 
toward a pre-existing nano-crack, it induces a compressive stress field through disclination interactions, leading to crack closure. 
Conversely, GB migration away from the crack generates tensile stresses, promoting crack opening. Finite element method simulations 
further confirm the importance of disclination-induced image stresses in crack healing. Xu and Demkowicz [795] suggested that 
SDGBM could significantly improve the ductility of NC materials by promoting crack healing even under tensile loading, with im
plications for fracture-resistant design. Similar results were obtained by Meraj and Pai [796], who studied creep behavior and crack 
healing in NC Ni with an average grain size of approximately 7 nm.

Barr et al. [797] confirmed the concept of GB-mediated crack healing, while focusing on high-cycle fatigue in NC platinum (Pt). The 
TEM observations and atomistic simulations revealed that, under cyclic loading, a fatigue crack in a 40 nm thick foil underwent healing 
through a cold-welding-like process near triple junctions. This healing was observed to occur autonomously under continuous tensile 
stresses without the need for external compression or elevated temperatures. Simulations indicate that localized stresses at the crack 
tip, induced by GB migration, facilitate crack closure and healing. Such a phenomenon, observed at ambient temperatures, suggests 
that intrinsic microstructural features, such as the fine grain size and boundary-mediated plasticity inherent to NC materials, can 
enable self-healing without reliance on external environmental factors. This conclusion was supported by additional simulations of Ag, 
Al, and prior experimental work on Cu, which indicated that this healing mechanism is not unique to Pt and highlighted the potential 
for designing fatigue-resistant NC materials with enhanced mechanical performance.

5.3.6. Radiation healing
Recent advancements in stable NC materials have shown promise for preventing damage accumulation under shock loading and 

fatigue, making them ideal candidates for radiation healing in nuclear industries. However, in NC materials with high sink densities, 
irradiation-induced point defects primarily interact with and accumulate at interfaces (GBs and phase boundaries), potentially 
affecting structural stability. The defect accumulation can lead to grain growth [798], dissolution, disordering, or coarsening of 
second-phase particles [663], depending on the nature and sink efficiency of the interfaces [799]. To design materials resistant to 
radiation-induced damage, it is essential to develop microstructures capable of withstanding or recovering from point defects—such as 
vacancies, interstitials, and substitutional atoms—created by high-energy particles such as neutrons or ions. These defects destabilize 
the material, causing grain growth and property degradation, particularly at high temperatures, where radiation can exacerbate 
thermal-driven grain coarsening and trigger phase instability through mechanisms such as ballistic dissolution and radiation-enhanced 
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diffusion.
In coarse-grained materials, Russell [703] demonstrated the dissolution and re-precipitation of second-phase particles due to re

coils, with finer particles replacing larger ones under continuous irradiation. Similarly, studies by Chen et al. and Lu et al. [698,704]
showed the dissolution of larger particles and the precipitation of fine dispersoids in ODS alloys after high-dose self-ion and helium pre- 
implanted self-ion irradiations, respectively. Additionally, Certain et al. [705] observed the dissolution of nanoclusters in the 14YWT 
alloy at low temperatures, with the clusters remaining stable at high temperatures due to the diffusion of dissolved solute back into the 
parent clusters without new precipitation. In stable NC materials, incorporating second-phase particles and utilizing ballistic disso
lution during radiation exposure can effectively promote the re-precipitation of smaller phases, thereby restoring the material’s 
original microstructure. This strategy not only addresses the issue of microstructural stability under irradiation but also mitigates 
concerns about grain growth, which can be controlled through solute additions that segregate to and pin the GBs. Ultimately, the 
overall behavior of these systems depends on the stability and behavior of the second-phase particles, which play a crucial role in 
maintaining the material’s integrity. Mechanisms of phase stability (e.g., forced atomic mixing, ballistic dissolution, Ostwald-ripening, 
inverse Ostwald-ripening, etc.) in systems driven far from equilibrium either through processing or through high energy irradiation 
have been discussed theoretically and experimentally in various alloys [696,703,800,801].

To understand this extraordinary resistance to radiation hardening of stable NC alloy, consider post-irradiation microstructural 
analysis at various damage conditions. Fig. 57 shows low and high-magnification bright field STEM images tested at different fluences 
at room temperature and 573 K, revealing several significant features. The average grain size is maintained in the nano regime even at 
such a high dose, in comparison to the massive grain growth observed in NC Cu from ~ 48 to 800 nm at 1 dpa [677] and NC composite 
of Cu-0.5Al2O3 from 180 to 495 nm at 0.9 dpa [667]. In other words, minimal grain growth and microstructural evolution in stable 

Fig. 57. Cross-section bright field STEM images of NC Cu-Ta from the irradiated surface (bottom of each low mag image) to the peak damage region 
(refer to Fig. 2 in [88]), where the brighter grains are NC Cu and the darker grains/precipitates are Ta, of samples irradiated at Room temperature to 
(A, A’) 10 dpa showing the stable microstructure and dislocation activity, (C, C’) 100 dpa, highlighting amorphous ring and voids around Ta, 
respectively (red arrows) and (E, E’) 200 dpa revealing voids along GBs and Ta interfaces and larger tantalum dissolution; and 573 K to (B, B’) 10 
dpa with relatively unaffected microstructure with minimum grain growth, (D, D’) 100 dpa and (F, F’) 200 dpa indicating ballistic dissolution of 
larger Ta phases and their short circuit diffusion along the GBs (red arrows). The corresponding dpa value along the irradiated surface at the bottom 
and peak damage at the top of low mag images are indicated on their left (A-F). Images (A’-F’) are high magnification views of the conditions 
corresponding to (A-F) [88]. (For interpretation of the references to color in this Fig. legend, the reader is referred to the web version of this article.)
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alloys show that the stabilized GBs act as persistent sinks, thereby annihilating the irradiation-induced defects.
Another critical observation is the dissolution of sacrificial phases in stable NC materials, which could further enhance radiation 

tolerance and microstructural stability. As discussed earlier, using a second phase to stabilize NC materials might be the most forward- 
looking approach to developing NC materials for advanced structural applications. The Nelson, Hudson, and Mazey (NHM) model 
describes precipitate dissolution at a displacement rate k due to the scattering of atoms from precipitates of radius rp, number density ρ, 
and solute concentration Cp, through the following equation [800,801]

drp

dt
= − yk+

3DC
4πrpCp

− r2
p Dρ, (14) 

where C is the total solute concentration, D is the solute diffusion coefficient, and y is a constant representing the thickness of atom 
layers scattered from the precipitate per dpa. Using this model, one can identify sacrificial phases that could be used to design 
radiation-tolerant NC materials. For example, considering the sputtering of Ta atoms, the NHM model suggested a y-value of 104 cm/ 
dpa, which was utilized for the calculation. Using the above equation for a Ta particle of average radius 25 nm (from TEM), a negative 
rate of change was calculated (dr/dt < 0), indicating the dissolution of large Ta particles. Srinivasan et al. [88] used those phases and 
showed that the dissolution of the larger particles led to a local enrichment with Ta solute (Fig. 57(E, E’, F, and F’)) in surrounding 
lattice regions, which enhances the microstructural stability.

The main point is that under irradiation, the tendency to form Ta nanoclusters may be similar to the formation of stable nano
emulsions found in liquid Cu–Ta alloys stabilized by a negative and strongly curvature-dependent tension of the Cu-Ta interfaces 
[404]. This analogy is supported by the high degree of intense cascading effects saturating the structure with point defects. This 
disordered state offers a “liquid-like” environment for nanocluster formation and provides a pathway for local short-circuit diffusion 
leading to Ta redistribution in the lattice. Analogous to the stabilized nano-emulsions of Cu-Ta [404], these newly generated Ta-based 
clusters also resist coarsening despite the intense irradiation and temperature exposure, retaining an average diameter of < 10 nm.

Marwick suggested that the segregation of slow-diffusing solute elements (inverse Kirkendall effect) to the sinks is due to differ
ences in the diffusion coefficients of the alloy components [802]. Solute atoms with large atomic radii diffuse along GBs faster and 
eventually precipitate as nanoclusters, resulting in a high cluster density near GBs (Fig. 57D’ and 57F’).

More specifically, the strategic design of alloys incorporating phase-separating elements and sacrificial phases can be key to 
developing radiation-tolerant materials. This approach significantly increases the number of available interfaces that act as potent and 
stable sinks. Computational and experimental methods can further explore the role of compositional self-organization in NC alloys, 
which occurs at specific temperature and shearing rates, in maintaining refined microstructures during high-temperature irradiations 
or prolonged ball milling.

For example, Chee et al. [709] reported the maximum temperature of a patterning regime (Tmax) for various Cu-based alloys, with 
systems having high positive heat of mixing, such as Cu-Nb and Cu-V, exhibiting a higher Tmax (>773 K). Additionally, the high density 
of sinks has been predicted to stabilize irradiation-induced patterning. No evident coarsening of clusters in stable NC alloys, as 
observed by Srinivasan et al. [88], could suggest a significant patterning regime due to the high sink density and positive enthalpy of 
mixing—an area that warrants further exploration. Furthermore and more recently studies of NC-Cu-Ta alloys under various irradi
ation conditions, including Cu ions, He++ ions, and protons, have shown that these alloys exhibit minimal radiation-induced hard
ening or softening, maintaining significantly greater stability than other metals and alloys. For instance, the residual hardness 
measured indicates negligible changes post-radiation. Fig. 58 shows the change in post-irradiated hardness at 298 K and 573 K for 
various irradiated alloys compared to Cu-V and NC Cu-Ta alloys. In the case of radiation hardening at 298 K (Fig. 58A), the percentage 

Fig. 58. Percentage irradiation hardening for stable NC Cu-Ta and various materials from literature at different doses irradiated at (A) 298 K and (B) 
573 K [661,662,668,677–686]. Note that numbers in the superscripts (on legends and data points) represent irradiation ion type, and testing 
method carried out for calculating hardening respectively; where 1- Heavy/self-ion, 2- neutron, 3-proton, and 4-helium ion, in the first letter of 
superscript and 1- Indentation and 2- Tension test, in the second letter of superscript [88].
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change in hardness from as-received (0 dpa) to 1 and 10 dpa in stable NC alloys is negligible. By contrast, for similar dpa levels, the 
radiation hardening of coarse-grained pure Cu is about ~ 80 % (24 % at a very low dose of 0.034 dpa) [677], and that for nano-layered 
composites is about ~ 15 % [678]. More specifically, at 100 dpa, NC Cu-Ta alloys shows a hardening of a mere ~ 15 %, which is similar 
to the radiation hardening observed in other materials at 1–2 dpa (Fig. 58A). Thus, a stable NC alloy has a high level of tolerance to 
radiation hardening at 298 K. Likewise, hardening comparison at 573 K (Fig. 58B) shows that materials such as the ferritic ODS steels 
and ferritic martensitic steels experience a steep increase in hardness post-radiation at low to moderate damage levels. For instance, 
MA 957 shows hardening of 7 % at 6.5 dpa and 48 % at 42 dpa [661,683]. However, a stable NC alloy only exhibits insignificant 
change in hardness at dose levels of 10 and 100 dpa at 573 K. Thus, a stable NC alloy retains its hardness up to considerably high dose 
levels reached in generation IV reactors, indicating exceptional resistance to radiation hardening. Microstructural analysis further 
reveals that the grain size in NC Cu-Ta alloys remains stable even at high dpa values. The resilience of NC Cu-Ta alloys under irra
diation is attributed to the ability of Ta-nanoclusters to pin GBs and absorb vacancies, preventing radiation-induced swelling.

6. Properties of stable NC materials: Future opportunities

Until recently, the scientific community’s primary objective has been to demonstrate the ability of specific alloys to withstand 
elevated temperature conditions or various processing states. However, recent studies on NC materials have shed light on a crucial 
technological advancement beyond merely retaining a small grain size. The key lies in engineering GBs and inter-granular regions that 
are thermo-mechanically stable. Recent developments indicate the emergence of a new frontier in foundational exploration. Within 
this realm, there are opportunities to surpass the previously perceived mechanical thresholds, which have been a focal point in this 
scientific field. Specifically, the emphasis should shift toward achieving mechanical stability, as it has become the most relevant topic 
in this domain. Significant future technological advancements will hinge on the deliberate design of thermo-mechanically stable GBs, 
inter-granular regions, and other length-scale features, departing from the sole preservation of grain size.

This section aims to initiate the onward journey into the intricate domain of mechanically stable structures in NC materials. The 
goal is to decipher the interplay among mechanical stability, microstructural evolution, material properties, and design. The rationale 
for why the direction of this progression is crucial will be offered through an exploration of a wide array of topics that illuminate roles 
in shaping material responses to diverse external stimuli, including thermal and mechanical stresses. This comprehensive assessment, 
coupled with forward-thinking discussions, will indicate a realization in surpassing the presumed constraints of conventional NC 
materials and provide a cohesive narrative that sets the foundation for exploring future concepts.

The broader applications of nanomaterials are hampered by at least four challenges that will continue to be the subject of future 
research: 

1. In many NC materials, the increase in strength with grain size refinement predicted by the Hall-Petch relation [33,43,65] plateaus 
or even starts decreasing. There appears to be a limit to strength increase, or is there?

2. Despite the high strength, many NC materials suffer from insufficient ductility. Dislocation pileups can no longer form in small 
grains, and the deformation mode switches to GB-dominated processes such as GB sliding, GB migration, and grain rotation. Are 
there novel approaches to addressing this longstanding issue?

3. From an energy perspective, is it possible to develop strategies that prevent instability, enabling the material to absorb energy and 
maintain its structural integrity even under the most extreme conditions? how far can this stabilization be pushed and what might 
be observed?

4. Designing more complex microstructures while maintaining thermodynamic stability is likely to become an increasingly difficult 
challenge. Achieving further improvements in alloy performance without compromising stabilization will demand highly precise 
microstructural engineering. Future progress will hinge on the development of innovative alloy compositions and processing 
techniques capable of balancing GB engineering with performance optimization, a task that will remain technically demanding and 
resource-intensive

6.1. Mechanical stability of structurally stabilized NC alloys

6.1.1. Defect-free materials vs. NC materials: Understanding strength limitations and mechanisms
The relationship between the absence of defects in materials and extreme property enhancement is unequivocal. Indeed, perfect 

single crystals, single-crystal whiskers, and other flawless materials have established a benchmark of strength, creep resistance, and 
other mechanical properties. This remarkable performance is attributed to their impeccably organized atomic structures and the 
absence of GBs and other flaws [803,804,876,903].

NC materials are on the opposite side of the spectrum of defects. They have been extensively studied due to their unique defor
mation mechanisms and extreme strength-to-weight ratios compared to their coarser-grained counterparts. NC materials approaching 
the limits of crystallinity can achieve strength or hardness values tenfold or greater than conventional polycrystalline materials. For 
instance, various NC metals such as Cu, Ni, Fe, Ta, Mo, and W have exhibited yield stresses ranging from 0.7 to 4 GPa [65]. However, 
these strength levels remain significantly lower than those achieved by single-crystal whiskers of the same, 3.5 to 25.0 GPa. Can this 
limit be reached in stable NC metals [804–807]?

While much work has been done to investigate this phenomenon, controversy over the exact mechanisms preventing a continual 
increase in strength must be resolved. As pointed out in a previous section, the various fundamental mechanisms proposed by different 
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authors explaining the Hall-Petch effect are based on dislocation processes. According to the literature, the primary mechanisms 
responsible for the Hall-Petch breakdown include GB activities such as sliding, shuffling, grain rotation [808], diffusion, and GB 
amorphization [809].

Asaro and coworkers [810] attempted to provide a “unified” theoretical framework for the grain size effect on strength and strain 
rate sensitivity in the NC regime. While their model explains FCC NC metals, its applicability to BCC and HCP metals still awaits 
verification. For example, how the double-kink mechanism in the NC grains of BCC metals stops operating has not been addressed. This 
question is valid as the activation volume associated with double-kink nucleation in BCC metals might be in the sub-nanometer scale. 
Furthermore, no convincing experimental evidence has been obtained for the operation of the double-kink mechanism as it is beyond 
the resolution limit of currently available microscopic techniques.

Nevertheless, from a technological point of view, if the mechanisms that render the inverse Hall-Petch effect can be suppressed, one 
should anticipate fabricating NC materials with strength approaching the theoretical limit (~G/20 to G/10, where G is the shear 
modulus of the metals [484]). This could parallel the high strengths seen in single crystals due to their lack of defects and defect 
sources. This has indeed been realized recently, at least in a preliminary sense.

6.1.2. Nano-grained and nano-twinned materials: A departure from the inverse Hall-Petch effect
Some NC materials defy the inverse Hall-Petch effect by maintaining high strength as the grain size reduces to several nm. For 

example, the nano-grained and nano-twinned forms of diamond synthesized at high pressures from graphite [811,812] are harder than 
single-crystalline diamond. Nano-grained diamond shows a downward deviation from the Hall-Petch relation [813], but the nano- 
twinned diamond does not: its strength continues to increase with decreasing twin thickness down to a few nm [811,812]. Another 
ultrahard nanomaterial is cubic boron nitride (cBN), synthesized from the hexagonal BN [814–816]. Both nano-grained and nano- 
twinned forms of cBN are hard, thermally stable, and oxidation-resistant. The reported Vickers hardness of nano-twinned cBN rea
ches 108 GPa,1 far exceeding the hardness of single-crystalline cBN (30–40 GPa) [816]. Importantly, this material does not follow the 
inverse Hall-Petch effect. Its hardness continues to increase with decreasing twin thickness down to 3.8 nm (Fig. 59). The absence of 
softening suggests that the GB sliding and migration processes are not activated. The exact mechanism responsible for the departure of 
the nano-twinned structures from the inverse Hall-Petch behavior remains the subject of research [819–822]. If understood, this 
knowledge could be transferred to the design of metallic nanomaterials.

Several FCC metals produced by SPD, such as surface grinding and HPT, exhibit an unusual combination of structural stability and 
ultrahigh strength. The deformation is performed in liquid nitrogen and produces a highly non-uniform NC structure with pockets/ 
colonies/filaments of extremely small (a few nm in size) grains surrounded by larger nano-grains (tens of nm) [823,824]. Fig. 60 shows 
an example of this microstructure in Cu. The smallest grains have truncated octahedron shapes and are packed in a Kelvin structure 
[825,826] minimizing the GB area. Surprisingly, this structure exhibits extraordinary structural stability with only a slight increase in 
grain size when heated to high temperatures up to the melting point of the metal (for example, ~9 degrees below Tm of Cu) (Fig. 61
(a)). Upon annealing or plastic deformation, the faceted grains gradually transform into continuously curved structures resembling a 
Schwarz crystal [823,827–829], which is characterized by zero mean curvature. The nanoindentation hardness of the small grains was 
found to be 4.7 GPa, which exceeds the hardness of NC copper with larger grains. The shear stress estimated from the hardness (1.57 
GPa) is comparable with the ideal shear strength when temperature effects are considered [830]. No inverse Hall-Petch softening is 
observed. The strength increases as the grain size decreases to ~ 10 nm (Fig. 61(b)).

The mechanism underlying the thermal stability and strength of the severely deformed Kelvin/Schwarz structures is not fully 
understood. While such structures minimize the GB area relative to other grain shapes, the absolute value of the GB area per unit 
volume in a 10 nm-grain structure is huge, creating an enormous driving force for coarsening. It has been suggested [823,824] that the 
thermal stability is due to a structural “relaxation” of the GBs. Understanding the nature of this “relaxation” and why it does not occur 
at larger grain sizes requires further research. The grain growth can be prevented by mechanical constraints imposed by a rigid 
framework of TJs and coherent twin boundaries. The suppression of GB sliding and migration and avoiding the Hall-Petch softening in 
a single-component NC metal is an unusual effect that calls for an explanation in the future.

The work by Hu et al. [497] also highlights the critical role of the mechanical and thermal stability of GBs. This stability is 
inherently influenced by the GB type (e.g., high-angle vs. low-angle GBs) and plays a crucial role in the deformation behavior of 
nanograined alloys. They utilized the concepts of solute GB engineering and thermodynamic stabilization of GBs to enhance GB 
stability in Ni-Mo alloys. It was demonstrated that low-temperature annealing promoted GB stability through relaxation and Mo 
segregation, which hindered GB migration and enhanced partial dislocation activities. Mo was suggested as a thermodynamic sta
bilizing agent for grain size, enhancing GB stability and helping to suppress grain growth. This shift from GB-mediated deformation 
mechanisms to dislocation-mediated deformation led to increased hardness, breaking the plateau/negative trend in hardness observed 
in pure Ni samples. As a result, microhardness values of approximately 11 GPa were achieved, corresponding to a potential yield stress 
of 3.67 GPa for grain sizes smaller than 10 nm [497]. Moreover, Ni-Mo samples in the “as-synthesized state,” which lacked relaxation 
and stabilization of the GB regions, followed the conventional hardening and softening trends found in the literature for Ni and Ni 
alloys. These results seem to indicate that annealing of the as-deposited Ni-Mo samples induced Mo enrichment at GBs and depletion of 
nano-sized Ni (Mo) grains. The results also suggest that the segregation of impurities at GBs may be induced through thermal 
annealing. Although precipitates were not detected under detailed HRTEM observations and XRD analysis, early-stage precipitation or 

1 The validity of the reported hardness of the nano-twinned cBN [817] was subject to debate [818,819].
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clustering at GBs could not be ruled out in the highest Mo content alloy.
Cu-Ta alloys with varying Ta content and grain size, produced by powder metallurgy, illustrate another example of enhanced GB 

strengthening. The pinning effect of coherent Ta clusters on Cu GBs plays a significant role in reinforcing the material. The Hall-Petch 
slope of Cu-Ta alloys was found to be 2.5 times greater than that of pure Cu, indicating a much stronger GB strengthening effect. This 
led to an impressive yield strength of approximately 1.5 GPa, higher than that of electroplated nano-twinned Cu [753]. The mech
anisms responsible for such a high strength are likely similar to those in Ni-Mo alloys, namely, the constraining of GBs and the presence 
of Ta clusters, which disrupted GB-mediated deformation mechanisms (e.g., sliding and grain rotation). Such mechanisms become 
more active at grain sizes below 100 nm. Unfortunately, this GB strengthening could not be sustained beyond a certain grain size. 
Further reduction in grain size resulted in the formation of a thickened quasi-amorphous state at the GBs, necessitating further 
investigation to explain this behavior. It is interesting to note that the grain size at which this transition occurs in Cu-Ta alloys is very 
similar, if not identical, to that in pure Cu. The discussed studies of Ni-Mo and Cu-Ta underscore the critical relationship between grain 
size, GB stability, and deformation mechanisms.

If the strategies used in the above examples can be further advanced, it could lead to the development of microstructurally stable 
NC materials, overcoming the challenges of Hall-Petch breakdown. Undoubtedly, such efforts will face challenges, but the potential to 
achieve single-crystal whisker-like strength in bulk materials remains a compelling goal. This calls for innovative, out-of-the-box 
approaches in designing novel materials.

Fig. 59. Vickers hardness HV as a function of average grain size (d) or twin thickness (l) for nano-grained (squares) and nano-twinned (triangle) cBN 
[816]. For comparison, the inset shows the yield strength as a function of l for nano-twinned Cu [48].

Fig. 60. (a) Bright-field TEM image of severely deformed Cu [823,824]. The brighter regions forming a penetrating framework are aggregates of 
tiny nanograins (a few nm in size). (b) HRTEM image showing the extremely small nanograins. Dashed lines outline the GBs.
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6.2. Redefining material performance: The future of NC metals in energy resilience and thermodynamics

Recent advancements in the understanding of materials science have identified NC materials as key opportunities for promising 
solutions in energy absorption and transference challenges. Traditionally, materials have been designed to resist specific energy types, 
requiring years of development [831]. However, as seen in Section 5, NC materials have emerged as stable materials capable of 
withstanding multiple energy sources such as thermal, irradiation, and mechanical stress. Unlike single-crystal Ni-based superalloys, 
which are engineered for thermo-mechanical loading, thermo-mechanically stabilized NC metals offer a more unified and efficient 
approach [803]. These materials not only mitigate damage from different energy sources but also address defect accumulation and 
energy state excitation in a convergent manner, enhancing durability and performance in extreme environments.

A key development in NC materials is the resilience and persistence of stabilized GBs and other microstructural elements. NC 
immiscible alloys are prominent examples of this innovation. These alloys have demonstrated an impressive ability to resist various 
forms of energy, resulting in unique properties, including the persistent absorption of different defect types. The stabilization of GBs 
plays a crucial role in maintaining these properties, including the material’s ability to withstand thermal, mechanical, and radiation- 
induced stresses.

The deep metastability of the stabilized GBs, particularly in phase-separating immiscible alloys, enables the material to remain in a 
stable configuration up to high temperatures and resist diverse energy impacts. Some thermodynamic aspects of the strongly pinned 
GBs are unique to this class of NC materials. The microstructures stabilized by the pinning particles are kinetically trapped in a deep 
metastable state surrounded by extremely high energy barriers separating this state from all other states. The barriers can be so high 
that the material would rather melt and re-solidify into a new structure than change its microstructure. This resistance to charge 
endows the stabilized NC materials with the extraordinary ability to maintain their microstructures under extremely high energy fluxes 
of virtually any nature, from mechanical impacts (such as shock waves) to irradiation with energetic particles. The unique thermo
dynamics of deeply trapped nonequilibrium states is poorly understood and should be the subject of future fundamental research.

6.3. Exploring phase transformations for enhanced stability and alternate plastic deformation avenues

6.3.1. Grain size and phase transformation mechanisms
The effect of the nano-scale grain size on phase transformations is a well-studied phenomenon. As with the previously discussed 

microstructure stability (Sections 2, 3 and 6.2.1), thermodynamic and kinetic factors are responsible for the effect. When the specific 
GB area is high, GBs make a substantial contribution to the total free energy of the material. This contribution alters the alloy ther
modynamics, shifting the lines on phase diagrams and stabilizing new phases that do not appear on the equilibrium phase diagrams. 
Kinetically, GBs and TJs provide additional heterogeneous phase nucleation sites, affecting the phase transformation pathways. GBs 
can also significantly accelerate the diffusion rates of the alloy components compared to single-crystalline phases and coarse-grained 
polycrystals. The enhanced atomic diffusion can impact the phase transformation kinetics and, thus, the phase selection during the 
growth rate competition [832].

Fig. 61. Thermal stability and strength of NC copper with extremely small grains [823,824]. (a) Grain size as a function of annealing temperature 
(for 15 min) for three samples with initial average grain sizes of 50, 25, and 10 nm. Note that the grain refinement improves thermal stability. 10 nm 
grains do not practically grow up to the melting temperature. (b) Plot of yield strength versus grain size. Different symbols represent literature data 
from different preparation methods. The samples prepared in Ref. [823,824] follow the Hall-Petch trend, while samples prepared with all other 
techniques exhibits the inverse Hall-Petch effect. The point obtained by MD simulations (pink open circle) is also included. The right-hand-side scale 
shows the shear strength of the material τ normalized by the theoretical shear strength of Cu τmax. (For interpretation of the references to color in this 
Fig. legend, the reader is referred to the web version of this article.)
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As a prominent example, Al-Mg [833] and Al-Zn [824] alloys were produced by cryogenic HPT processing as metastable single- 
phase Al-based FCC solid solutions with a grain size of about 10 nm. The nano-grains formed a Schwarz-crystal structure 
[823,827–829] with high thermal stability against grain growth. While the Al-Mg alloys with ~ 50 nm grains underwent the expected 
phase transformations (such as precipitation of the Al3Mg2 intermetallic phase), the 10 nm NC alloy remained a homogeneous solid 
solution maintaining about the same grain size during high-temperature anneals up to the solidus temperature (760 K) [833]. Simi
larly, significant departures from the phase diagram were found in an Al-21.7at.%Zn alloy with a grain size of about 9 nm [824]. Al-Zn 
is a typical spinodal alloy with a wide miscibility gap. Surprisingly, the NC Al-Zn alloy retained its homogeneous solid solution state 
and about the same grain size within the miscibility gap. The spinodal decomposition was suppressed entirely. Its onset could only be 
observed at larger grain sizes exceeding ~ 16 nm. The expected increase in the spinodal decomposition temperature with the grain size 
due to the accelerated GB diffusion was only observed at grain sizes above ~ 100 nm. The suppression of phase transformations in 10 
nm-grained alloys was attributed to drastically reduced diffusivity. The mechanism of the reduced diffusivity is yet to be understood.

6.3.2. Interplay between phase transformations and deformation
Studies of diffusionless phase transformations, including allotropic, polymorphous, and martensitic transformations in NC mate

rials, were reviewed by Rong in 2005 [834]. The general observation is that non-equilibrium conditions significantly influence phase 
transformations and phase stability in NC materials during fabrication. The martensite-start temperature Ms decreases with decreasing 
particle size, which has been a classical contribution by Cech and Turnbull in small particle experiments [835]. NC martensitic alloys 
with the shape memory effect (SME) have been studied in the context of enhanced strength and shape-memory properties [836,837].

Simultaneous plastic deformation can influence the interplay between phase transformations and grain size. An FCC-BCC phase 
transformation has been found by cryogenic rolling of NC nickel with an initial grain size of around 20 nm characterized by X-ray 
diffraction and HRTEM [838]. The new metastable BCC phase was found to form via the Kurdjumov-Sachs martensitic transformation 
mechanism. The intensity of the XRD peaks corresponding to the BCC phase weakened with time when the rolled NC nickel was kept at 
room temperature. This study indicates that a martensitic transformation can accommodate the plasticity of hard-to-deform materials, 
such as NC metals and alloys, at large plastic strains. The formation of BCC nickel precipitates was also observed in a fast-quenched 
nickel-doped magnesium oxide [839], presumably due to the significant stresses arising during the fast-quenching process. BCC nickel 
can be formed via MBE deposition, but it is only stable up to 6 atomic layers (less than 3 unit cells) due to the intrinsic mechanical 
instability of the stress-free BCC structure [840]. Only the stress-stabilized BCC phase provides an alternative avenue for the plastic 
deformation of NC materials.

Phase transformations have been found during the HPT treatment of some materials, including Ti-Nb [841], pure titanium [842], 
zirconium [843], and even ceramics such as zirconia [844], and Cu-based alloys [845]. Nanoindentation of covalent single crystals, 
such as Ge and Si, can also induce phase changes [846–848]. Ductile machining via diamond turning of intrinsically brittle materials, 
such as silicon carbide, single crystalline Ge, and other single-crystal semiconductors, has been demonstrated [849–851]. Future 
research should explore the possibility of exploiting deformation-induced phase transformations during the fabrication of NC materials 
for achieving a trade-off between strength and ductility.

Some strategies for the strengthening and toughening of NC materials could be borrowed from traditional wisdom, such as TRIP 

Fig. 62. Histogram showing the number of high-pressure phases for selected elemental, binary, and ternary solids [854].
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steels [852]. For example, a composite NC material may be produced with SME nanoparticles embedded within an NC matrix. Stress- 
induced phase transformation upon mechanical loading may accommodate the strain and divert or blunt the cracks, leading to 
toughening of the material. To apply this methodology, various factors must be considered, including the effect of the SME nano
particles on the microstructural stability.

6.4. Dislocation, grain, and phase engineering for NC plasticity

Additional phase changes in stable NC materials can be induced by applying static or dynamic high pressures (tens of GPa) 
[853–856]. Like the presence of GBs, the high pressure can destabilize some phases and stabilize other phases. The physical mechanism 
of the effect is primarily electronic. The high pressure brings atoms closer together and causes a redistribution of the electron density. 
The nature of chemical bonding can shift from covalent to metallic or in the opposite direction. This change in the bonding alters the 
thermodynamic functions of the phases. High-pressure experiments have been a powerful tool for discovering new materials inac
cessible at atmospheric pressure. Fig. 62 demonstrates the multitude of new phases revealed by high-pressure experiments [854].

6.4.1. Thermodynamic and kinetic stabilization of dislocations
The preceding sections discussed the mechanisms of nanostructure stabilization by solute segregation at GBs or by pinning GBs with 

an array of second-phase particles. Dislocations constitute another critical component of nanostructures and are equally important, 
especially considering their direct link to mechanical behavior. Both mechanical properties and NC stability depend on the thermo
dynamic and kinetic properties of dislocations. Similar to GBs, solute segregation or discrete pinning (or both) can control these 
properties. Success in controlling the dislocation processes depends on further progress in the fundamental understanding of 
dislocation-solute and dislocation-particle interactions. Such interactions have been extensively studied in the general context of 
classical materials science [484,857] for many years but not in the context of NC stability. Furthermore, certain aspects of the 
dislocation-solute/precipitate interactions are specific to the nano-scale confinement in stabilized NC materials and have not received 
much attention.

One feature of NC materials is the existence of significant image forces arising due to the weaker shear resistance of GBs compared 
to the perfect lattice. The image forces are superimposed on the dislocation strain fields and can affect their mutual interactions and 
interactions with other elements of the microstructure. This creates a complex interplay between GB segregation and dislocation 
behavior. For example, GB segregation can alter the GB resistance to shear and, thus, the image forces, which can affect the dislocation 
behavior. On the other hand, GB segregation is influenced by the dislocations inside the nano-grains, which provide efficient short- 
circuit diffusion pathways [858–861] for the solute supply to the GBs. Dislocations can also be absorbed by GBs, changing the GB 
structure and the segregation capacity. Another effect specific to nanostructures is the fast solute supply to dislocation segments 
attached to GBs. The solute atoms segregated at GBs can travel a short distance along the dislocation lines to maintain the solute 
atmospheres at the dislocations or deplete such atmospheres. Both processes can affect the dislocation mobility.

The thermodynamic mechanism of GB stabilization can also operate for dislocations. Segregation atmospheres (also known as 
Cottrell atmospheres [862–865]) affect the line tension of the dislocations (free energy of the dislocation core per unit length) and thus 
dislocation line shapes (e.g., the ease of forming full or partial loops) and dislocation reactions. The thermodynamics of segregation 
atmospheres is more complex than the thermodynamics of GB segregation due to the long-range elastic strain field [863,864]. As a 
result, despite previous efforts [863,864], the thermodynamics and dislocation atmospheres remains less developed compared with GB 
thermodynamics. Similarly, the impact of solute drag on the dislocation dynamics is less understood than the solute drag by GBs. The 
same applies to the dislocation pinning theories [866] versus the Zener pinning theory for GBs. Filling these gaps could be an exciting 
research direction within the general effort to control NC stability.

6.4.2. Dislocation absorption and nucleation mechanisms
Geometrically, a dislocation density of 1x1019 m− 2 results in a spacing of roughly 3 Angstroms, which approaches the theoretical 

limit for packing given that most metal unit cells have interatomic spacings of 0.36 ± 0.6 nm. We are neglecting the size of the defect 
cores, and hence, the real value would be lower, more likely about 1 x1018 m− 2. It has been predicted that in Cu-Ta, dislocations can be 
nucleate and be reabsorbed instantaneously at a certain spacing [225]. This raises the intriguing question of whether we might observe 
instantaneous dislocation densities well beyond the theoretical packing limit. Currently, plasticity is constrained by the maximum 
dislocation velocity, which is capped by the shear wave speed, leading to phonon drag and brittle-like failure at high velocities. 
However, if nucleation and absorption occur almost instantaneously, the density might not be limited, offering a new mechanism to 
enhance and sustain high-rate plasticity beyond the dislocation glide mechanism constrained by the velocity and energy dissipation 
and controlled by dislocation nucleation. Indeed, dislocation density is sensitive to strain rate, while dislocation velocity under 
constrained conditions may not be [867,868].

GBs in materials often act as barriers to dislocation motion, often pinning or trapping dislocations. Ballistically driven dislocations, 
for which the pressure from nucleation, acceleration, or deceleration play a key role, have been shown to alter the dislocation density 
and distribution in stable NC metals [225,231]. For example, in NC materials, dislocations may need to traverse multiple GBs. The 
pressure generated by the dynamic behavior of dislocations has been shown to activate the nucleation and interaction processes across 
multiple grains, potentially leading to a homogeneous dislocation distribution rather than localized dense networks within individual 
grains [869]. This pressure, which is associated with nucleation, acceleration/deceleration, and absorption, can be influenced by the 
size, shape, and distribution of GBs and precipitates—regions that nucleate, absorb, and pin dislocations. By engineering these 
microstructural features, it may be possible to control the dislocation behavior and, consequently, the distribution and density of 
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dislocations throughout the material.

6.4.3. Grain size engineering and recovery mechanisms for enhanced plasticity in NC materials
Much remains to be understood about the dynamic recrystallization of stable NC materials. One of the open questions is related to 

the recrystallization mechanisms, which can differ from those in coarse-grained materials. In addition to the conventional continuous 
and discrete recrystallization modes that may still operate, the GRDX process is of particular interest in the context of NC materials. 
GDRX presents a promising mechanism to enhance ductility and plasticity in stable NC materials. By facilitating microstructural re
covery during deformation, GDRX enables these materials to dissipate accumulated strain energy effectively and maintain their 
structural integrity under extreme conditions. This process, occurring at elevated temperatures and high strains, leverages the inherent 
stability of NC systems to rejuvenate the microstructure while resisting grain coarsening. GDRX mechanics are influenced by strain 
rate, temperature, and initial grain size [870].

Typically occurring in materials with higher stacking fault energy and subjected to extremely high strains [427,870–872], such as 
those achieved during machining, extrusion, torsion, and other forms of SPD [229,238], GDRX is characterized by dominant dynamic 
recovery processes [873]. Does GDRX operate actively in NC materials in the absence of discontinuous dynamic recrystallization 
(DDRX) or continuous dynamic recrystallization (CDRX)? In NC materials, high-angle GBs act as effective barriers against recrystal
lization, due to their reduced mobility and potential to enhance strain localizations. Efficient recovery processes in GRDX require 
substantial strain accumulation for initiation [870,874]. The ability of NC materials to undergo GDRX underscores their exceptional 
workability due to significant plasticity and resistance to grain coarsening. Furthermore, controlling dislocation absorption in NC 
materials can amplify the localized strain required to initiate the GDRX process. As discussed earlier, dislocation velocity can be 
controlled, for example, through nanocluster addition (impedes dislocation motion). If nanoclusters obstruct dislocations attempting 
to glide across nano-grains, this can lead to sub-grain formation. The sub-grains, once formed, act as templates, becoming pinned and 
re-stabilized repeatedly.

Consequently, GDRX emerges as a potential rejuvenation process within NC materials. Recent research [875] involving distinct NC 
alloy compositions and processing techniques demonstrates that stabilized NC or near-nano materials can undergo repetitive processes 
akin to conventional coarse-grained materials. Notably, GDRX activation was found to occur in the absence of DDRX or CDRX, as 
traditionally fine-grained materials lack the microstructural stability for such rejuvenation events. Their observations indicate that 
clusters arrest dislocations within textured elongated grains, leading to a non-uniform dislocation distribution. Regions with high 
dislocation density originated from serrated boundaries in elongated grains, while adjacent regions exhibited lower dislocation 
density. This resulted in dislocations reconstructing into a wall that separated high and low-density domains in differently reoriented 
grains. The stable clusters within grain interiors, derived from prior processing, served as templates during the SPD to restore the 
microstructure through a rejuvenation process, yielding a refined microstructure through GDRX. Similar findings were reported for 
alloys subjected to SPD by machining (up to 250 % strain) [229]. The experiments revealed a significant grain size reduction despite 
the 350 ◦C increase in temperature during the deformation process. Characterizations of the deformed samples and complementary 
atomistic computer simulations have shown that grain growth during the deformation was blocked by Ta nanoclusters pinning the GBs 
and arresting lattice dislocations. As a result, a high dislocation density was created inside the nano-scale grains, causing dynamic 
recrystallization with the formation of smaller grains by a grain fragmentation mechanism. These observations suggest that GRDX was 
at work. If future experiments confirm the hypothesis, this will be another experimental demonstration of the possibility of GRDX in 
nanomaterials and the first example of atomistic simulation of the GRDX process. Other unconventional recrystallization mechanisms 
potentially useful for increasing plasticity were discussed in Section 3.8.

6.5. Achieving single-crystal performance in stable NC materials: Enhancing spall strength, creep resistance, and damage tolerance

6.5.1. Spall strength and creep resistance: The role of defect-free structures
The resilience of materials to extreme conditions, such as shock loading and high-temperature environments, is significantly 

influenced by the type and concentration of defects present within their structure [876]. Shock-induced spallation, or spall failure, 
occurs when rarefaction waves produce tension within a material, causing it to fracture. The damage tolerance of materials subjected 
to shock loading depends largely on defects such as GBs, which act as sites for void nucleation. As a shock wave travels through the 
material, these defects are further distorted during the compressive phase. New defects are generated, leading to material failure. 
Fracture begins through the nucleation, growth, and coalescence of voids, typically along the planes where tension is most concen
trated. Since GBs and other interfaces tend to be the weakest sites, void formation and coalescence can occur more readily at these 
locations rather than within the perfect crystal lattice [877–879].

In contrast, an ideal single crystal, free from defects, represents the theoretical maximum spall strength, serving as an upper 
boundary for material resilience under shock loading [876]. Experimental investigations of single-crystal specimens across various 
crystal structures consistently show that their spall strength is two to four times greater than that of conventional materials, which 
contain defects like GBs [876]. These findings highlight the significance of a defect-free structure in maximizing resistance to shock- 
induced failure.

Similarly, the absence of defects, particularly GBs, contributes to the exceptional creep resistance in materials subjected to high 
temperatures. For applications such as turbine blades in high-performance aircraft and gas turbines, the removal of intrinsic defects 
such as GBs has proven crucial for enhancing the material performance. In turbine blades, which operate under extreme conditions of 
high temperatures, pressures, and mechanical stresses, defects can lead to failure by increasing creep deformation, where coordinated 
grain sliding and rotation along GBs accelerate steady-state creep rates and shorten rupture life. To address this, the microstructure of 
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turbine blades has evolved from fine-grained structures to directionally solidified and, eventually, to single-crystal configurations 
[775]. The absence of GBs in single crystals significantly reduces the time to rupture and greatly improves creep resistance.

As in spallation, the accumulation of defects in a material under cyclic loading can lead to fatigue failure. Accumulation of defects 
results in crack nucleation and growth, which can ultimately result in catastrophic failure. By eliminating these defects, the fatigue 
resistance of turbine blades can be markedly enhanced, further underscoring the importance of defect-free structures in extending the 
material’s lifespan and performance under extreme conditions.

6.5.2. Advancing stable NC materials: Approaching single-crystal performance through microstructural stabilization
In the 50 years of dedicated research on shock and creep deformation of materials, there has been little or no evidence that similar 

gains could be made by moving in the opposite direction, creating more defects by shrinking the grain size to the nanometer range. 
However, if the GBs and interfacial regions in NC materials can be stabilized and strengthened, their presence in a high-volume fraction 
could be negated entirely. Accomplishing this would require stable NC materials that 1) slow down diffusional processes, 2) strengthen 
weak points within the crystalline lattice, and 3) persistently absorb linear or other defects. By doing so, NC materials should be able to 
approach or even exceed the response of single crystals in several related areas, not just in extreme environments of shock compression 
or creep.

Recent developments reviewed in this paper suggest that this goal can be achieved: microstructurally stabilized NC materials may 
have more in common with the single-crystal performance than their coarse-grained counterparts. As discussed in Section 5, stabilized 
NC materials demonstrate remarkable energy-absorbing and damage-mitigating capabilities when subjected to intense irradiation. The 
stabilized GBs serve as effective sinks absorbing defects during the deformation or irradiation. The stabilized NC materials can avoid 
the detrimental effects of shock hardening by healing the increased concentration of dislocations generated by the shock. This unique 
behavior stems from the stability of the microstructure. It offers a pathway for overcoming the kinetic barriers that typically hinder the 
removal or absorption of excess free energy associated with shock-induced high concentrations of defects. This remarkable charac
teristic is absent in unstable NC materials, as their microstructures tend to destabilize under the applied forces. Similarly, in con
ventional coarse-grained materials, dislocations are trapped at significant distances from GBs, making the diffusional length scales too 
long for complete reabsorption to occur.

These exceptional capabilities of stable NC materials result from an interplay between microstructural length scale and the sta
bilization of GB structure, two aspects that cannot be separated. The ability to heal damage and reduce phonon drag, along with 
increased strain rate sensitivity and reinforcement of GBs, contribute to the spall strength in stabilized Cu-Ta alloys being 2–2.5 times 
higher compared to their coarser-grained counterparts [227,228,604,749]. This value is approximately 50 % of the single crystal spall 
strength [876]. It was consequently hypothesized that by employing higher fidelity synthesis methods to eliminate larger, incoherent 
Ta particles, combined with the overall microstructure stabilization and local grain reorientation, even greater ductility and higher 
spall strengths could be achieved [604].

Strategies to enhance creep resistance in NC metals have included stabilizing GBs through severe plastic deformation, promoting 
secondary phase formation, and encouraging solute segregation [67,230,783,784,880]. Low-energy CSL boundaries and high-density 
twin boundaries resist migration and sliding, suppressing diffusion and maintaining strength at high temperatures. Nanoscale pre
cipitates and solute segregation reduce dislocation density, hindering nucleation and increasing stress resistance. Additionally, 
nanotwin boundaries and solute atoms can reduce vacancy mobility and prevent GB coarsening, promoting dislocation climb as the 
dominant deformation mechanism. These approaches provide effective solutions for designing NC alloys with superior creep resistance 
in many cases increasing resistance to creep by several orders of magnitude.

Recent work demonstrates a potential for additional improvements to position stable NC materials on par with single crystal 
performance, provided further advancements in microstructure engineering can be realized [67,230]. Many questions remain, such as 
to what extent the stabilized GBs can absorb dislocation and point defects without undergoing detrimental transformations. Is there a 
limit to which phonon drag can be damped out? Can tertiary creep be sustained when GB sliding, and rotation are shut down? These 
questions and many more should be the focus of research efforts in the future.

6.6. Evolution of nanocrystalline alloys: Pioneering the design of internal structures for enhanced alloy performance

6.6.1. Moving beyond grain size: Designing internal microstructural features
Until recently, the primary focus in bulk NC alloys has been on grain size as a critical microstructural feature, with less attention to 

designing other microstructural features. With substantial progress in stabilizing the grain size, the next development phase will 
involve engineering both the GB and grain interior regions, as discussed above. The design approaches previously applied to advanced 
polycrystalline alloys [831] can be utilized, but this time at a much smaller length scale. In addition, the experience with non-stabilized 
NC materials can be transferred to stable systems to enhance mechanical performance and other physical properties. Such efforts may 
result in the design of the first-ever NC-based superalloys.

One of the challenges in the design of high-temperature alloys has been to create and maintain, under service conditions, coherent 
interfaces between the matrix and precipitates. Successful examples of engineering alloys following this principle include age- 
hardened Al alloys for automotive engines, Ni-based superalloys predominantly used in advanced gas turbines, and, more recently, 
nano-oxide ODS alloys developed for next-generation nuclear reactors [831]. In these examples, the precipitate chemistry has been 
manipulated and perfected through progressive research efforts focused on engineering a stable coherent relationship with the matrix. 
For example, the precipitation of Guiner-Preston (GP) zones in Al-Cu alloys is significantly altered by additions of Zn and Mg, leading 
to the development of the 7000 series aluminum alloys. Changing their chemistry through solute additions increases the density of GP 
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zones, resulting in extremely low interfacial energy [831].
Ni-based superalloys exemplify another system with remarkable strength and resilience by engineering coherent precipitates (γ’ 

and γ“ precipitates from the γ matrix) through controlled chemistry. The evolution of Ni-based superalloys from the 1940 s to the 1970 
s primarily focused on optimizing the volume fraction of γ’ precipitates and altering their morphology from spherical to cubic. Specific 
alloying elements (such as Ti, Nb, Mo, and Ta, among others) were selected for their ability to promote improved precipitate 
morphology, stability, number density, and, most importantly, their coherent relationship with the Ni-based lattice. This resulted in 
alloys with exceptional thermo-mechanical strength and creep resistance [831].

6.6.2. Engineering within stability limits: Evolving bulk NC alloys for enhanced performance
More recently, research efforts to strengthen alloys via coherent particles have led to the discovery of complex nano-oxide 

dispersion-strengthened steels. By incorporating specific solutes (such as Y, Ti, Zr, and Cr), it is possible to engineer complex nano- 
scale oxide precipitates with shell-like structures [200,215,253,697,705,881,882]. The composition and structure of the shell layer 
play a pivotal role in inhibiting oxide cluster coarsening while maintaining coherency with the lattice even under extreme conditions of 
high-temperature irradiation [882].

In these cases, previous research efforts have played a crucial role in advancing scientific understanding and setting the stage for the 
next technological advancements in their respective fields of application, just as the serial nature of scientific exploration and pro
gression has led to the emergence of modern-day superalloys. The same principle applies to stable NC metals and alloys. For example, 
we discuss below a new category of faceted nanoscale clusters, hereafter referred to as nano-sized superlattice clusters (NSS clusters). 
This category represents a natural progression in line with the historical development of alloy technologies. Once a stable base is 
established, attention can shift towards designing other microstructural aspects, see Fig. 63..

Assisted by oxygen and further enhanced by lithium doping, a new variety of faceted yet nanoscale particles was created through 
ball milling. Adding Li promoted a morphological evolution from spherical clusters to cuboidal NSS clusters in the spatially optimized 
Cu-3Ta alloy, similar to γ’ particles in Ni superalloys. The clusters have an average size of > 5 nm and a high number density of ~ 6 x 
1023/m3 [773,883]. It has been determined that Ta exists as a segregated bilayer between the NSS cluster and the matrix, forming a 
shell structure similar to that observed in ODS alloys [773,883]. The clusters have the ordered L12-type structure and exhibit enhanced 
coherency with the Cu matrix in comparison to their spherical predecessors (Fig. 63). This enhanced coherency contributes to the 
retention of high strength/hardness and grain size after long-term exposure of more than 1 year at a high homologous temperature of 
80 % Tm. To highlight the stability of Cu-3Ta-0.5Li, it should be noted that after the exposure to 800̊C (0.8Tm) for 10,000 h (~14 
months), the Cu-matrix grain size of 56 nm only increased by 35 nm, and the yield strength decreased by only a 3 % (from 983 MPa to 
947 MPa) [773,883].

This is an example of how the engineering of internal structure in a stabilized NC material can push the performance to an extreme 
level; in this case, retaining the high strength/hardness and grain size after prolonged exposure very close to the melting point. To 
accomplish this, significant thought was given to preserving the fundamental reasons for stabilizing the alloy. Leveraging the inherent 
stability of the base alloy (Cu-Ta), lithium (Li) was selected due to its unique capacity to dissolve in the Cu matrix while remaining 
immiscible with Ta in the clusters [884,885]. Li also possesses the remarkable ability to reduce oxides of both Cu and Ta [886,904]. 
Given that oxygen is typically found within Ta-based clusters, it was hypothesized that Li atoms would migrate from the matrix to the 
core of the Ta clusters, causing a restructuring given the immiscibility between the two elements [[884,885]]. Furthermore, incor
porating Li into the Cu lattice has been shown to alter the stacking fault energy, imparting enhanced high-temperature creep resistance 
to the alloy [887,888].

Other considerations involve the addition of Ni to Cu. Cu and Ni exhibit an isomorphous phase diagram, with Ni elevating the 
melting point of Cu and providing reasonable solid solution strengthening at elevated temperatures [885]. It is worth noting that Ta 
can be dissolved in Ni up to approximately 3 at% [885]. By maintaining Ta at or below this concentration, Ni could remain in a solid 
solution with Cu and not precipitate as a Ni-Ta intermetallic compound. Moreover, while Cu and Ni can dissolve in each other 
completely, the disparity in atomic sizes between Cu and Ni leads to localized stresses, which form the basis for strengthening the 
crystalline structure. This effect likely further impedes the diffusion of Ta, contributing to even greater resistance against the coars
ening of Ta-based clusters at higher temperatures. These strategic examples of working within the framework of the alloy’s inherent 
stability to enhance its capabilities represent the next step in evolutionary development for bulk NC alloy design.

7. From labs to markets: Journeying stabilized bulk nanostructured materials in industry

7.1. Challenges and opportunities in the transition from traditional to stabilized NC metals for industrial adoption

For the past forty-two years, the traditional “unstable” bulk NC materials have been the subject of concurrent scientific exploration 
and technological development. However, despite some success by several companies, the push for their commercialization was 
perhaps premature. The rise of stabilized NC materials has created new opportunities for scientific discoveries and more advanced 
applications that seemed impossible because of the severe limitations of traditional NC materials. Nevertheless, the previous initiatives 
in examining the technical viability, optimizing manufacturing procedures, identifying shared market opportunities, setting the 
baseline for intellectual property protection, and laying the foundation for manufacturing infrastructure will catalyze the upcoming 
new phase of commercialization.

Widespread adoption of the new materials is contingent upon developing a processing technology for bulk NC materials suitable for 
the market. A bulk material is understood as one that has a theoretical density and can be produced in large quantities measured in 
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centimeters and kilograms rather than microns and milligrams. Most of the current metal manufacturing industry relies on equilibrium 
processing due to its advantages over non-equilibrium methods. Equilibrium processing involves heating a metal to a high temper
ature, holding it at that temperature for some time, and then cooling it down (which often involves quenching), followed by heat- 
treating for aging and phase reprecipitation. These procedures have enabled the current manufacturing industry to establish a 
knowledge base for controlling grain size, crystal structure, composition, and other properties. In addition, such methods are simpler 
and more cost-effective than non-equilibrium methods, which demand specialized equipment and techniques. This explains why the 
equilibrium processing methods are currently more accessible and practical for large-scale industrial manufacturing.

In contrast, NC metals can only be produced by non-equilibrium methods, most of which were developed in academia. The science 
behind them is still relatively new and needs to be fully understood. This can create challenges for researchers and engineers seeking to 
optimize the processing parameters and integrate them into industrial production. Additionally, the lack of standardization makes it 
difficult to compare results across different studies or establish reliable quality control measures, creating uncertainty that limits the 
adoption in the industry.

Collaboration between academia and industry is required for successful commercialization. Many, if not all, current industries for 
producing bulk NC metals have come through channels such as industry partnerships, entrepreneurship programs, licensing, startups, 
or congressional and other government programs such as the Small Business Innovative Research or Small Business Technology 
Transfer initiatives. The partnerships, programs, and events provide valuable opportunities for collaboration, networking, and tech
nology transfer between researchers, entrepreneurs, and industry experts. These relationships form the foundation for developing the 
necessary manufacturing knowledge for NC metals, a knowledge base that is currently lacking in the current metals manufacturing 
industry.

During the component production, new NC materials can undergo diverse combinations of multiaxial stress states, fluctuating 
quasistatic or dynamic loading rates, and varying degrees of strain and deformation. Such conditions occur during various 
manufacturing operations, including creating foils through rolling, wire drawing, deep drawing, forging, and bending, which are 
commonly used in industrial part manufacturing. It is unclear how the stabilized NC materials coming to the market will respond to 
such complex stress and deformation states. They can have property sets never seen before, including high thermo-mechanical 
strength, high elastic limits, extreme hardness, and enhanced or altered strain rate sensitivities. Many of these properties are in the 
early stages of their understanding through academic studies. Additionally, some limitations may necessitate a departure from 
traditional manufacturing methods utilized in the current manufacturing of parts.

The road to industrial adoption may not be smooth. The prior pessimistic view of the performance potential of the traditional NC 
materials might give rise to misconceptions and mistrust about the performance of this new class of stabilized NC materials. 
Furthermore, the resistance to change in preference for established materials and processes in many industries and markets can make it 
challenging for stabilized NC materials to gain acceptance and market share. These materials will often be subjected to regulatory 
approvals and safety standards before they can be used in products or processes. Meeting these requirements can be a significant 
hurdle, especially for materials with unique properties or poorly understood applications. In some cases, the regulatory approvals or 

Fig. 63. (A,D) STEM-HAADF images of nanoscale particles in binary Cu-3Ta and ternary Cu-3Ta 0.5Li alloys annealed at 900 ◦C for 1hr, respec
tively. (B,F) Fast Fourier Transforms (FFTs) taken from the [110] crystallographic directions of the FCC matrix grains for both alloys. (C,D,G,H) 
Filtered atomic-resolution images show misfit dislocations surrounding the core–shell particle in (A) and the absence of dislocations surrounding the 
faceted particle in (E). Filtered images were constructed using the (200) and (1–11) reflections from the FFTs of the Cu-rich matrix in (A) and (E), 
respectively. Yellow dashed boxes in (C,G) denote the magnified regions in (D, H). Dashed yellow circles in (D) mark the location of dislocation 
cores. (For interpretation of the references to color in this Fig. legend, the reader is referred to the web version of this article.)
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specifications must be changed, which can take time. Despite these hurdles, we believe that the innovative NC materials emerging 
today will open new market opportunities that were previously unimaginable.

7.2. Scaling up: Ball milling for bulk NC materials in commercial applications

One of the biggest challenges associated with commercialization of NC materials in the past, which will remain in the future, is the 
difficulty in producing new materials in large quantities and at a low cost. As discussed in this paper, several methods have been 
developed to synthesize bulk NC metals, including mechanical alloying, electrodeposition, various vapor precipitation/deposition, and 
powder densification techniques. Each of these methods has advantages and limitations, and the choice depends on the material’s 
specific application and desired properties. Of these methods, SPD methods, such as mechanical alloying, have been one of the most 
widely utilized and hold the most promise for bringing about the commercialization of bulk NC materials for structural engineering 
applications.

Mechanical alloying involves relatively short processing times, often completed in just a few hours, and can be cost-effectively 
scaled up to produce large quantities of the material. From a commercialization standpoint, the economics of ball milling depend 
on several factors, including the cost of equipment, grinding media, raw materials, and energy consumption. The cost of equipment 
increases with the scale and complexity of the process. Energy consumption is a critical factor in the economics of ball milling as it can 
be energy-intensive, and the cost of electricity or other energy sources can be significant. Choosing the appropriate grinding media can 
help optimize the milling process and reduce costs. Thus, optimizing the milling process to reduce costs while achieving the desired 
product quality is an important consideration for any commercial application of ball milling.

In recent years, various milling devices, including several types of ball mills, have been utilized for high kinetic processing tech
niques, each having advantages and disadvantages depending on the specific application and requirements. The planetary ball mill, 
shaker mill (SPEX), and small vertical attritors commonly produce mechanically alloyed powders for laboratory purposes. Such mills 
range in size from the smallest SPEX mill at approximately 0.2 L to the planetary and small vertical attritors, typically less than 10 L in 
milling volume. They can produce as little as 10 g to about 5–10 kgs of powder and are conducive to alloy design concepts. On the other 
hand, the horizontal Zoz mill and large attritor mills can be considerably larger at around 1000 L, producing 500 kg of powder per 
batch. The sufficient production capacity these mills provide enables evaluating scalability, packing, and distribution economics. The 
significant volumes produced facilitate the assessment of consistency and reproducibility of the quality of the end product. The largest 
ball mills are the Drum mills, which can reach commercial scales. For instance, the Drum ball mills found at the Toromocho mine in 
Peru are among the largest in the world. They can process various ores, including copper concentrate and molybdenum oxide, at an 
estimated rate of 100,000 tons per day. The dimensions of these mills are around 28 feet in diameter and 44 feet in length.

Thus, mechanical alloying has a continuous path from laboratory curiosity to scaled-up synthesis to full industrial production. 
While ball milling can be an efficient and cost-effective way to process some materials, other materials may require alternative 
processing methods.

7.3. Advancements in powder metallurgy: Microstructure stabilization and densification strategies

Producing a powder with a stabilized microstructure is only part of the challenge. Equally important is producing a fully densified 
and strongly bonded monolithic material in which the microstructure is consistently maintained and controlled throughout the 
process. The most cost-effective powder densification technique depends on the specific application, the required material properties, 
and the production volume. Some common powder metallurgy techniques include press-and-sinter, metal injection molding (MIM), 
and HIP. The press-and-sinter technique is a traditional and cost-effective method for producing simple-shaped components. MIM is a 
more advanced and expensive technique that allows the production of more complex shapes with high precision. HIP is another 
advanced technique that can produce fully dense components with excellent mechanical properties but requires expensive equipment 
and high-pressure vessels.

The requirement to preserve the stable microstructure inherently limit the choices of the sintering and densification protocols, 
which may require the development of new sintering/densification strategies. One example is given by the recently developed 
accelerated sintering in nanophase separating systems in which the controlling factors (such as surface energy, interfacial energy, and 
enhanced atomic mobility) lead to rapid sintering to near theoretical density at much lower temperatures than conventionally possible 
[889]. Current efforts aim to clarify the roles of the alloying elements in stabilizing the nanostructure and accelerating the sintering 
process. The general guidelines for system selection introduce three criteria: 1) the melting temperature of the matrix must be much 
higher than that of the selected solute. 2) a miscibility gap must exist, and 3) the solute phase has a high solubility in the matrix phase. 
From these criteria, W-Cr, W-Ti-Cr Cr-Ni, Mo-Cr, and Mo-W-Cr systems have been identified as strong candidates for accelerated 
sintering [889–894]. Mo-W-Cr was selected because the components are from two binary systems with a proven/common sintering 
aid. Difficulties in using the Ni-Fe and Ni-Ag systems and unfavorable conditions for the sintering process were identified, such as burn- 
out of organic materials present and oxide reduction [891,895]. Additive manufacturing to process some of the nanophase sintering 
samples was explored [896,897]. This type of research is critical because it may pave the way to ensuring large-scale production of 
parts via pressure-less and pressure-assisted sintering of stabilized NC powders.

7.4. The need for complementary processing for novel materials: Impacts on market integration

The quality and maturity of complementary processes directly impact the production, fabrication, maintenance, and overall life 
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cycle of a structural system, ensuring its longevity, safety, and functionality. It is the ability to utilize a range of manufacturing methods 
that makes steel and non-ferrous alloys versatile choices for various applications in different industries. Such practices have been 
developed over several decades and involve a combination of practical experience, theoretical knowledge, and the ability to integrate 
various disciplines to create efficient, high-quality, and cost-effective products. However, for a breakthrough technology such as 
producing thermo-mechanically stablized NC materials, no or minimal complementry processing methods will be available to fabricate 
a complex system. This scenario often occurs when new, disruptive materials emerge with the potential to create entirely new market 
opportunities that were previously unimaginable.

A prime example of the need for supporting complementary processing for bulk NC materials or related materials entering a market 
is illustrated by the recent Funding Opportunity Announcement (FOA) introduced by The Advanced Research Projects Agency–Energy 
(ARPA–E) [898]. This FOA sought the development of advanced heat exchangers capable of withstanding extreme conditions, 
including temperatures exceeding 800 ◦C and pressures exceeding 80 bar. Developing such a groundbreaking technology would be the 
cornerstone for the next generation of highly efficient modular power generation systems across various industrial sectors.

These sectors encompass traditional and hybrid space and aerospace applications, cutting-edge nuclear and concentrated solar 
power generation systems, and high-efficiency modular thermo-electric power conversion systems. Current designs of advanced heat 
exchangers utilize materials such as high-temperature steels and Ni-based alloys such as Inconel despite their much lower thermal 
conductivity than, say, for Cu, which is 20–25 times higher than for the currently used materials [807]. In fact, copper and Cu-alloys 
have never been considered viable options for such applications. Despite their significantly lower thermal conductivity, the preference 
for using steels and other alloys in the construction of advanced heat exchangers and similar systems is rooted in the combination of 
their physical properties and the ease of fabricating and maintaining such systems that copper alloys do not enjoy. For example, unlike 
the various steels and Ni-based alloys, the primary strengthening mechanisms of copper alloys involve work hardening and solid 
solution strengthening. Stress relief temperatures for such alloys occur in a temperature range that is too low (180–460 ◦C) [831,905]. 
Solid solution strengthening only increases strength by a few hundred MPa (100–200 MPa) and, therefore, is not a potent strength
ening mechanism. Only a few types of copper alloys are age-hardenable by heat treatment, i.e., during low-to-intermediate- 
temperature treatments (after solution treatment and quenching). These alloys exhibit precipitation-hardening, spinodal-hardening, 
and order-hardening. Generally, such alloys are solution heat-treated in the range 760 to 955 ◦C and age-hardened to produce coherent 
precipitates when aged in the range of 260 to 565 ◦C [831,905]. As a result, commercially available copper-based alloys lack the 
inherent strength and stability at the temperatures required for demanding applications.

Although the stabilized NC Cu-based alloys address several of these strength and stability concerns, extensively developed com
plementary manufacturing methods are needed, unlike those for steel and Ni-based alloys, tailored explicitly for NC alloys. This 
deficiency encompasses fabrication processes and methods for ensuring durability and longevity, to name a few. Such processes and 
methods have long been developed for steel and other high-temperature structural alloys. However, very few, if any, studies exist on 
the machining, joining, and welding of NC alloys. While oxidation and corrosion studies are more common, there is little consistency in 
the literature on whether NC metals display improved performance [725].

Developing similar processes for thermo-mechanically stable NC alloys will only be possible when they become more readily 
available on a larger scale. It will take time to develop expertise in working with these novel materials. For example, welding and 
joining of NC alloys pose challenges due to the inability to melt the microstructure without its destruction. Thus, alternative non- 
fusion-based methods for joining and repair must be advanced. Many of these joining methods are still undergoing academic 
research and have not even been discussed for the new class NC materials. Until such alternative methods are developed, market entry 
will likely occur by individual components or widgets that can stand alone or be added to an existing system but not an entire system.

7.5. Anticipated direction of research in bulk NC metals manufacturing science

As the commercial adoption of bulk NC metals progresses, the focus of research will likely shift toward advancing manufacturing 
science to support their large-scale integration. Key areas for exploration include the development of effective welding and joining 
methods. Non-fusion-based joining techniques such as ultrasonic welding, friction stir welding, diffusion bonding, and cold and 
thermal spray processes will be critical in overcoming these challenges. In addition, research will be needed to optimize sintering 
processes for maintaining the stabilized microstructure and achieving high-density, monolithic materials over large volumes. Processes 
such as machining, drawing, forging, bending, and forming, particularly those involving multi-axial stress states, will require further 
investigation to understand how stabilized NC materials respond to complex deformations. The behavior of grain size under these 
stresses and strains, as well as the effects of annealing and recrystallization, will be crucial factors influencing the material formability. 
Corrosion and oxidation prevention strategies must be developed to ensure the longevity and reliability of NC materials in harsh 
environments. These advancements in manufacturing science will play a central role in ensuring that stabilized NC materials can be 
effectively processed and integrated into a variety of industries, accelerating their transition from laboratory concepts to commercial 
products.

7.6. Emerging frontiers: Exploring the commercial trajectory of stable NC materials

Discoveries related to stabilized NC materials are constantly emerging, and these dynamics impact the future of their commer
cialization. Their genuine commercialization remains pending as a prevailing bulk NC system, which can serve as the foundation for 
establishing an industrial standard, has yet to be substantiated. These more advanced NC materials will possess many characteristics, 
making them attractive in markets that traditional nonstabilized NC materials could not access. The ability to have mutually exclusive 
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and often extreme properties arising in a singular material will ease the adoption and increase the levels of integration into advanced 
and complex engineered systems.

For example, NC materials with high strength and mechanical stability, high thermal conductivity, and radiation/creep resistance 
make for an attractive material for integration into next-generation nuclear reactors. As such, these materials are expected to find 
inroads within several industries, including but not limited to aerospace and aviation, electronics, medical, energy, automotive, 
construction, defense, and sports equipment. Promotion and marketing will become important when trying to delineate between 
different levels of the economic value and impact of these materials compared to the non-stabilized NC systems or conventional alloy 
systems. Consequently, the potential for superior value in these new materials will raise questions about their market entry. This is why 
marketing will be a critical component of adopting the new technology, as it will help people understand and appreciate its value, 
overcome resistance to change, acquire the necessary skills and knowledge to use the new technology, and foster a culture of inno
vation in establishing a market.

Finally, the emergence of stabilized NC materials signifies a new era for innovative fundamental and applied science. Once one such 
material appears on the market, the industrial entities will try to duplicate the intellectual properties and gain a foothold. At this point, 
proper commercialization will take place. The commercialization will likely start before the full potential of the new materials is 
revealed. Premature commercialization may lead to a false sense of completion or satisfaction with the current state of the technology. 
This can result in decreased funding and interest in further research and development efforts, potentially stifling-innovation and 
limiting the exploration of new applications and further improvements. Without research into the technology’s underlying principles 
and potential avenues for advancement, there is a risk of missing out on breakthrough discoveries that could significantly enhance the 
capabilities or lead to entirely new applications. The missed opportunities could hinder the technology from reaching its full potential. 
If this scenario can be avoided, a second wave of commercialization will likely occur sometime after the initial products become 
available, resembling a “there and back again” scenario. To fully realize the potential of the game-changing technology, stakeholders 
need to prioritize ongoing research, collaboration, and transparency. This includes continued investment in fundamental research, 
robust testing and validation, proactive risk assessment, and open communication about the technology’s capabilities and current 
limitations and prospects. Overall, with ongoing advances in manufacturing and increased collaboration between academia and in
dustry, we can expect to see new applications for these new materials in the near future.

8. Conclusions

In this paper, we have reviewed the challenges and recent breakthroughs in the understanding of the mechanical behavior and 
physical properties of NC materials, focusing on the problem of structural stability. Prior research struggled due to the unstable mi
crostructures undergoing significant grain growth in the tested samples, which clouded the true mechanical and physical behavior. 
Recent advances in stabilizing nanostructures have transformed the field. They have enabled the synthesis of stabilized NC materials, 
revolutionizing our understanding of plastic deformation, fracture mechanisms, and physical behavior at the nanoscale. Overcoming 
the instability curse has opened new possibilities for observing extraordinary properties in this new class of materials.

The paper has provided a detailed discussion of the emergence and status of the stabilized NC materials, including their synthesis, 
processing, grain size evolution, GB processes, and extraordinary physical/mechanical properties. It has been shown that the stabilized 
NC materials exhibit remarkable behaviors, such as the ability to preserve the microstructure at temperatures up to the melting point, 
in addition to exceptional creep resistance, fatigue endurance, and the ability to absorb various forms of energy fluxes. The stabilized 
NC materials exhibit novel responses to extreme conditions such as irradiation, high-temperature creep deformation, and shock 
compression. They reveal previously unseen connections between seemingly disparate properties.

We have also reviewed the computer modeling and simulation efforts that have helped us understand the nano-stabilization 
mechanisms. The experimental research and simulations have demonstrated the significance of inter-granular and trans-granular 
processes in stabilizing the microstructures and enhancing their properties. We have discussed the intricate interplay between 
microstructural stability, mechanical stability, and the unusual behavior of NC materials under extreme conditions.

To provide the context, we have traced the historical evolution of the key concepts, models, simulation approaches, and experi
mental efforts that motivated the pursuit of nanoscale stability and eventually led to the development and progress in the under
standing of stabilized nanomaterials. In addition to looking into the past and discussing the state of the art, we have looked into the 
future, outlining a pathway to overcoming the presumed limitations of the conventional, unstable NC materials and paving the way to 
future explorations in the field. We believe that the new directions outlined in this paper signify a paradigm shift in the development, 
understanding, and applications of NC materials.

The specific conclusions of this paper can be summarized as follows. 

1. NC materials are intrinsically unstable against grain coarsening because GBs possess excess free energy. This excess free energy 
creates a thermodynamic driving force for decreasing the total GB free energy by at least three processes: (1) crystallographic 
reorientations of the grains to lower the GB free energy γ (e.g., grain rotation), (2) replacement of high-energy GBs with low- 
energy GBs through topological rearrangements in the GB network, and (3) decreasing the total GB area. These processes can 
operate concurrently. However, the first two are not very sensitive to the grain size d, while the third one is. The decrease in the 
GB area is driven by the capillary force p, which scales approximately as the inverse power of d (p∝1/d). In NC materials, the 
capillary force is extremely large and causes rapid grain growth. In chemically pure NC metals, the grain growth is virtually 
unstoppable already at moderate homologous temperatures. In many cases, it may even occur at room temperature. Significant 
stabilization of elemental NC materials seems unfeasible.
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2. The most effective way to domesticate the grain growth is by alloying with appropriate solutes. Two approaches to alloy sta
bilization have been pursued. The thermodynamic approach involves alloying the materials with solutes that strongly segregate 
to GBs, reducing the GB free energy and thus the capillary driving force for grain growth. In recent years, several thermody
namic models have been developed, and the results can be represented by NC stability diagrams guiding the choice of stabilizing 
solutes. Significant grain growth reduction has been achieved in several alloy systems, although only in a limited temperature 
range because GB segregation weakens with temperature while the GB mobility increases. Progress in this direction is hampered 
by competition between GB segregation and bulk phase transformations. Instead of segregating to GBs and lowering their free 
energy, many solutes prefer reducing the total free energy by precipitating as a new phase either inside the grains or at GBs. In 
the latter case, the precipitates may pin the GBs, suppressing their migration. However, this is a different, not thermodynamic, 
stabilization mechanism. The boundaries of the thermodynamic approach can be pushed further by research into the funda
mental mechanisms of GB segregation and more reliable computational screening of candidate alloy systems.

3. The kinetic approach focuses on reducing GB mobility by one of two mechanisms: (1) solute drag caused by a heavy segregation 
atmosphere or (2) pinning GBs by a distribution of small particles acting as obstacles to GB migration (Zener pinning). In the 
second case, the particles can be introduced externally during fabrication, such as oxide particles in ODS alloys, or emerge by 
second-phase precipitation from a solid solution during thermal processing. Limitations of the kinetic approach are primarily 
due to the particle coarsening and/or dissolution at high temperatures. The solute drag dynamics and Zener pinning are subjects 
of active research, which may suggest ways to enhance the effectiveness of the kinetic stabilization further.

4. Separating the thermodynamic and kinetic mechanisms is challenging both experimentally and in simulations. Strongly 
segregating solutes lower the GB free energy and simultaneously reduce the GB mobility through the solute drag effect with a 
possible contribution of discrete pinning if the segregation atmosphere is strongly inhomogeneous (which it often is). While 
understanding the separate roles of the different mechanisms is of fundamental interest, the practical applications move in the 
opposite direction by looking to combine the thermodynamic and kinetic mechanisms in the same alloy to amplify the stabi
lization effect.

5. Recent examples of highly stabilized nanomaterials suggest that kinetic stabilization by nanoclusters through the Zener pinning 
mechanism might offer the most effective pathway forward. An example highlighted in this paper is the kinetically stabilized 
Cu-Ta alloys, in which the GBs are pinned by Ta nanoclusters precipitated from the metastable solute solution after mechanical 
alloying of the immiscible components. The Cu-Ta alloys retain nanoscale grain size up to 0.7 of the melting temperature of Cu 
for long durations, enabling consolidation of the powder and fabrication of bulk samples. The extraordinary properties of these 
alloys were discussed in detail in the previous sections and will be briefly summarized below.

6. Despite the recent successes in achieving nano-stabilization in specific materials, the fundamental understanding of nanoscale 
stability is far from complete. Section 3 discussed several unresolved problems in the field. They include the impact of the GB 
structural and chemical phase transformations on the GB thermodynamics and kinetics, the role of GB diffusion (and diffusion 
mechanisms) in the GB mobility in alloys (especially in the presence of solute drag), and the role of GB TJs and quadruple points 
in the gain evolution. Including TJs and quadruple points in future modeling of NC stability is highly desirable. In NC materials 
capable of preserving the nanoscale grains up to the melting temperature, GB (and generally, defect) premelting can play a 
prominent role in the grain evolution and mechanical responses (e.g., sliding along premelted GBs). The possible spontaneous 
melting and re-solidification of individual nanograins as part of the grain evolution is another intriguing phenomenon worth 
exploring in the future.

7. A thought-provoking idea in NC stabilization is the possibility of creating a truly thermodynamically stable NC alloy with a 
finite grain size. In this peculiar state, the capillary driving force vanishes, and the total free energy falls below that of uniform, 
single-crystalline solid solutions of the alloy components.2 As discussed in sections 2 and 3, the idea remains controversial. So 
far, a truly stable NC state has not been demonstrated experimentally. Such a state has been predicted by thermodynamic 
models and Monte Carlo simulations based on such models, which in turn rely on many simplifying approximations. The most 
drastic of them is the assumption of uniform GB properties. The absolute stability condition predicted by the models is γ = 0 at 
all GBs simultaneously. It is also assumed that the solute atoms can instantly redistribute themselves across the entire sample to 
ensure stability against the system fluctuations away from the γ = 0 state. Many factors can prevent this state from occurring in 
practice, including precipitation of bulk phases, a broad distribution of GB structures, energies, segregation capacities, and 
mobilities in a real polycrystalline sample, and the finite rate of solute diffusion. An intriguing question that warrants further 
exploration is whether the predicted thermodynamically stable polycrystalline nanomaterials can exist under more realistic 
conditions, such as the dispersion and anisotropy of GB properties and diffusion-controlled redistribution of the solute atoms in 
response to fluctuations such as spontaneous local displacements of GBs. Even if the γ = 0 condition can be achieved simul
taneously in all GBs (which is unlikely), what will the polycrystalline structure look like, and will it be truly stable? answering 
these questions is an exciting research direction.

8. NC materials become stronger with decreasing grain size, a trend that usually follows the empirical Hall-Petch relation between 
grain size and strength. However, the strength eventually plateaus and then reverses below a critical grain size, setting the upper 
limit achievable by the material. The nano-grain stability significantly impacts this behavior. The stabilized NC materials defy 

2 Note that even the most stabilized NC materials, such as Cu-Ta alloys, are not thermodynamically stable. They are kinetically trapped in a 
metastable state. The grains will eventually coarsen, although it may take longer than the timescale of typical laboratory tests and applications.
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the inverse Hall-Petch behavior down to lower grain sizes than the unstable NC materials, achieving much higher hardness and 
strength. This paper demonstrates this behavior with the example of Cu-Ta alloys.

9. Despite their strength, NC materials often suffer from insufficient ductility, limiting their potential for technological applica
tions. In the stabilized NC materials, the GBs are not only dislocation glide barriers but also facilitators of plastic deformation. As 
such, they can avoid the strength-ductility tradeoff and enhance strength and ductility simultaneously.

10. Stabilized NC alloys can exhibit unconventional recrystallization mechanisms, including the GRDX previously thought 
impossible in NC materials. For example, after the SPD of Cu-Ta alloys, the GBs remain pinned by the Ta nanoclusters. During 
recrystallization anneals, the deformed structure undergoes significant dislocation rearrangements and local grain refinement 
instead of grain coarsening in conventional NC alloys. The intermittent grain melting mentioned above could be another un
conventional recrystallization mechanism operating at high temperatures.

11. Kinetically stabilized NC materials, such as Cu-Ta alloys, preserve much of their grain size during high-temperature anneals and 
when subjected to mechanical stresses. This property opens a unique opportunity to investigate detailed nanoscale deformation 
mechanisms in stable nanostructures, including high temperatures, unobscured by the concurrent grain growth unavoidable in 
conventional NC materials. Such investigations could narrow the gap between experiments and MD simulations. The latter 
primarily deform nanostructures that do not exhibit grain growth on the MD timescale, inviting criticism that the mechanisms 
observed by MD cannot be compared with mechanisms operating in the ever-changing experimental nanostructures. Of course, 
the disparity between the experimental and MD timescales continues to exist. However, at least the microstructures studied by 
both approaches can be reasonably close.

12. Strain rate-sensitive behavior in stable NC materials differs significantly from conventional expectations. Stable nanostructures 
do not typically cross the threshold of strain rate sensitivity associated with superplastic behavior, which is commonly observed 
in many coarse-grained alloys at the same temperature. This finding suggests that stabilized NC materials can mitigate (or limit 
the amount of) the strain rate sensitivity at elevated temperatures. In addition, stable NC materials push the flow-stress upturn 
caused by the phonon drag towards higher strain rates.

13. Conventional NC materials exhibit higher steady-state creep rates than coarse-grained materials. This behavior suggests a 
dominant contribution of the Coble mechanism mediated by short-circuit diffusion along GBs. By contrast, stabilized NC ma
terials display higher stress exponents than those associated with diffusional creep and GB-related mechanisms. The steady-state 
creep rates are significantly lower, and the stress exponents lie primarily in the dislocation climb regime. In addition, initial 
observations indicate that the primary creep behavior in stable nanostructures follows a cubic-root relationship between strain 
and time, suggesting microstructure relaxation as a mechanism counteracting the localized stress buildup.

14. Investigations of dislocation density evolution under shock compression of stable NC materials suggest a significant reduction in 
dislocation buildup due to GB reabsorption. This behavior hints at a potential for these materials to resist damage accumulation 
in extreme scenarios such as shock, radiation, and fatigue, ultimately displaying a form of self-healing. Materials such as NC Cu- 
Ta alloys resist plastic deformation and failure under shock loading, exhibiting a higher spall strength and HEL than single 
crystals. This suggests the possibility of engineering structural materials with enhanced resistance to extreme stimuli. Further 
exploration across different stable NC alloys is necessary to fully understand these responses.

15. Stable NC materials subjected to fatigue tests display a highly elevated endurance limit on par with highest-performance 
materials. The improved fatigue performance is attributed to diffuse damage accumulation across multiple nano-grains dur
ing cyclic loading. The more homogenous damage distribution contrasts with more localized damage accumulation in typical 
coarse-grained materials. Atomistic simulations further support this trend, indicating significantly suppressed and evenly 
distributed damage accumulation. Furthermore, investigations suggest the possibility of damage-healing behavior in stabilized 
nanomaterials. Coupled with their high endurance limits, this behavior opens an avenue for developing new materials with 
superior fatigue resistance.

16. Stabilized NC alloys resist radiation-induced hardening, maintaining their hardness up to high doses. This contrasts starkly with 
coarse-grained materials that experience significant hardening even at low doses. The stable GBs act as effective sinks anni
hilating irradiation-induced defects. Key research directions for further exploration include understanding the significance of 
the high sink density in stabilizing irradiation-induced patterning, the role of compositional self-organization in binary alloys 
with positive heat of mixing, and mechanisms by which the dissolution of sacrificial phases enhances radiation tolerance and 
microstructural stability, offering promising pathways for developing radiation-tolerant NC materials.

17. The nanoscale grain size profoundly influences phase transformations in materials, which are governed by both thermodynamic 
and kinetic factors. Due to the large specific GB area, the GBs significantly contribute to the material’s free energy, causing shifts 
in phase diagrams and stabilizing novel phases. Kinetically, GBs and TJs act as heterogeneous nucleation sites and provide high- 
diffusivity pathways for the growth of new phases. The stabilized NC alloys extend these size effects to higher temperatures. The 
ability to modify the thermodynamics and kinetics of phase transformations opens avenues for discovering ultrahard nano
materials similar to nano-polycrystalline diamond and cubic boron nitride. In future research, exploring high-pressure treat
ments in the material’s synthesis may unveil novel NC phases with unprecedented stability and mechanical properties.

18. The exceptional resistance of single crystals to shock-induced spallation and the triumph of defect-free materials in resisting 
creep at high temperatures have long distinguished them from their polycrystalline counterparts. However, the stable NC alloys 
exhibit significantly higher spall resistance than coarse-grained materials. They also display compressive and tensile creep 
resistance similar to that of single crystals, making these materials robust contenders in areas where single crystals have 
traditionally excelled. Future research should investigate the mechanisms behind the single crystal-like responses and find ways 
to further narrow the gap between NC and single-crystalline materials.
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19. The field of NC materials has historically centered around grain size. The focus should shift towards the microstructure as a 
whole, with grain size being only one of the structural characteristics. In particular, the distributions and morphologies of 
precipitates (including nanoclusters) and the precipitate-matrix interfaces should also be the subject of engineering design, as 
they are in classical systems such as Al-Cu and Ni-based superalloys. In fact, the precipitate design could consider creating two 
or more different sets of particles. For example, small precipitates of a chemically ordered phase could be added to the existing 
nanoclusters, creating a stabilized NC superalloy. These and other creative alloy designs could lead to novel NC materials with 
previously unimaginable properties.

20. Unlike many conventional materials, stabilized NC alloys require non-equilibrium fabrication and processing methods, which 
complicate industrial adoption due to limited understanding and lack of standardization. Collaborative efforts between 
academia and industry are crucial to overcome these challenges and establish viable production methods.

21. Market acceptance relies on achieving reliability and scalability of manufacturing processes for the new materials. Because the 
properties of the stabilized NC materials significantly differ from those of conventional alloys, their response to the diverse 
stress and deformation conditions arising during the manufacturing processes is a critical area requiring extensive exploration. 
High-energy ball milling or mechanical alloying shows the most promise in producing bulk structural NC materials for engi
neering applications. The absence of established machining, joining, welding, and protective measures for the new materials 
also makes their utilization challenging.

22. The emergence of a standardized, thermo-mechanically stabilized NC alloy on the market will mark a pivotal moment in 
commercialization, leading to widespread adoption and competition within the market. Advances in manufacturing processes 
and increased collaboration between academia and industry are expected to drive innovation and expand technological ap
plications for this new class of materials in the coming years.
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[338] Hashibon A, Elsässer C. Approaches to atomistic triple-line properties from first-principles. Scripta Mater 2010;62:939–44.
[339] King AH. Triple lines in materials science and engineering. Scripta Mater 2010;62:889–93.
[340] Olives J. Surface thermodynamics, surface stress, equations at surfaces and triple lines for deformable bodies. J Phys: Condens Matter 2010;22:085005.
[341] Zhao B, Gottstein G, Shvindlerman LS. Triple junction effects in solids. Acta Mater 2011;59:3510–8.
[342] Adlakha I, Solanki KN. Atomic-scale investigation of triple junction role on defects binding energetics and structural stability in α-Fe. Acta Mater 2016;118: 

64–76. https://doi.org/10.1016/j.actamat.2016.07.026.
[343] Czubayko U, Sursaeva VG, Gottstein G, Shvindlerman LS. Acta Mater 1998;46:5863.
[344] Gottstein G, Ma Y, Shvindlerman LS. Triple junction motion and grain microstructure evolution. Acta Mater 2005;53:1535–44. https://doi.org/10.1016/j. 

actamat.2004.12.006.
[345] Portavoce A, Chow L, Bernardini J. Triple-junction contribution to diffusion in nanocrystalline Si. Appl Phys Lett 2010;96:214102.
[346] Lacon F, Radetic T, Dahmen U. Stability of the chevron domain at triple-line reconstructions. Phys Rev m B 2004;69:172102.
[347] Fedorov AA, Gutkin MY, Ovid’ko IA. Triple junction diffusion and plastic flow in fine-grained materials. Scripta Mater 2002;47:51–5.
[348] Straumal BB, Kogtenkova OA, Gornakova AS, Sursaeva VG, Baretzky B. Review: grain boundary faceting–roughening phenomena. J Mater Sci 2016;51: 

382–404. https://doi.org/10.1007/s10853-015-9341-1.
[349] Tuchinda N, Schuh CA. Triple junction excess energy in polycrystalline metals. Acta Mater 2024;279:120274. https://doi.org/10.1016/j. 

actamat.2024.120274.
[350] Chen Y, Zhu Q, Han J, Huang T, Zhang Z, Wang J. Stress-driven triple junction reconstruction facilitates cooperative grain boundary deformation. Acta Mater 

2025;283:120565. https://doi.org/10.1016/j.actamat.2024.120565.
[351] Gottstein G, King AH, Shvindlerman LS. The effect of triple-junction drag on grain growth. Acta Mater 2000;48:397–403. https://doi.org/10.1016/S1359-6454 

(99)00373-0.
[352] Thomas SL, Wei C, Han J, Xiang Y, Srolovitz DJ. Disconnection description of triple-junction motion. Proc Natl Acad Sci 2019;116:8756–65. https://doi.org/ 

10.1073/pnas.1820789116.
[353] Mattissen D, Molodov DA, Shvindlerman LS, Gottstein G. Drag effect of triple junctions on grain boundary and grain growth kinetics in aluminium. Acta Mater 

2005;53:2049–57. https://doi.org/10.1016/j.actamat.2005.01.016.
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