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ABSTRACT

NATHAN ADAM BEHM. The influence of reinforcement size on the microstructure and
mechanical behavior of a nanostructured aluminum-based metal matrix composite.
(Under the direction of DR. QIUMING WEI)

With increased availability and growing commercial applications, aluminum-
based metal matrix composites show promise as high specific strength structural
materials. Before they can be implemented however, they require thorough
characterization and testing. A novel nanostructured aluminum-based metal matrix
composite (MMC) was characterized through a combination of microstructural analysis
and mechanical testing. Two composites were studied, an aluminum MMC reinforced
with 50 nm boron carbide, (B4+C) and an aluminum MMC reinforced with 500 nm boron
carbide. Transmission electron microscopy (TEM) analysis revealed an ultra-fine grained
matrix with grains on the order of 100 — 300 nm. The quasi-static and dynamic response
of the composites was compared with the behavior of the unreinforced aluminum alloy,
and it was found that the reinforcement resulted in a 30% improvement in strength. The
decrease in the reinforcement size from 500 to 50 nm activated an additional
strengthening mechanism, which further improved the strength of the MMC reinforced
with the 50 nm B4C. Dynamic compression tests were performed at elevated
temperatures up 400 °C on the composites, and it was found that they exhibited
impressive strengths considering the thermal softening prevalent in aluminum. The
reinforcement size was found to play an important role in the strain softening exhibited at
elevated temperature, fracture mechanism, and composite strength. Models to describe

the composite behavior are presented.
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CHAPTER 1: INTRODUCTION

Between limited natural resources and increasing global population, energy
production and management has been an important research area for decades. It is a
complicated issue, and it is important to remember that energy efficiency is nearly as
important as the source of that energy. Clean, renewable energy has been the focus of
many research areas from photovoltaics to organic solar cells to thermoelectric
generation, just to name a few. In addition to increased clean energy production, it is
necessary to reduce the energy consumption requirements that are placed on any nascent
renewable energy infrastructure. One step towards reducing energy consumption is to
make energy intensive tasks more efficient. Efficiency comes in many forms from fuel
use per unit thrust, to aerodynamic improvements, to structural or weight reduction
improvements [ 1, 2]. In the pursuit of weight reduction, aluminum alloys and composites
are an attractive option. High strength aluminum alloys and composites already make up
a significant portion of most modern aircraft (Fig. 1.1), and have started to become more
common in automobiles as well [3]. Perhaps the most significant indicator of the growing
prevalence of aluminum in the auto manufacturing industry is the decision by the Ford
Motor Company to replace the body of the 2015 F-150, America’s highest selling truck,

out of aluminum [4].
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Figure 1.1: Composition of commercial aircraft based on data from Boeing. 747, 767,
etc. indicate plane model number. The prevalence of aluminum is readily apparent [5].

The aluminum industry in the United States is already well developed with
projected demand greater than 11 million metric tons [6], which after accounting for
density is approximately 25% of the projected demand for steel during the same period
[7]. The aluminum market is only going to increase as the global population, and the
transportation and construction projects to sustain them, continue to grow. As can be seen
in Fig. 1.2, aluminum extends well beyond automobiles and aircraft to packaging,
consumer goods, electrical products and more [6]. However, the aluminum used in the
most energy intensive applications, such as the aerospace and automotive industries, is

not in its elemental form but has been alloyed to create a higher strength, tougher



material. Details of the alloying process and the mechanisms involved will be discussed

in section 1.1.

Producer Shipments plus Imports
figures in millions of pounds

Product Form 2013 % of total
Sheet, Plate & Foil 10,634 43.9
Extrusions 4,430 18.3
Electrical Wire & Cable 858 35
Other 561 23
Total Mill Products 16,483 68.1
Ingot for Castings & Other 7,733 31.9

Total Aluminum Demand 24,216 100.0

Figure 1.2: Categories for aluminum usage and approximate
weights for global usage [6].

In addition to alloying, further modification to the strength, elastic modulus,
density and other material properties can be achieved through the use of reinforcement
materials. A composite material consists of at least two phases, the matrix and the
reinforcement material, with the matrix acting as the base material [8-19]. Likely the
most well known composite material is carbon fiber, a shortened name for carbon fiber-
reinforced plastic, a material that has been researched for the better part of 40 years [9,
12, 13, 20-26]. Carbon and glass fiber-reinforced polymer matrices exhibit excellent
specific strengths and specific moduli, surpassing that of comparable metallic aerospace
alloys [27] while also experiencing fewer issues with corrosion when compared to
metallic alloys. However, they do suffer a number of drawbacks such as increased

material cost, highly anisotropic mechanical properties, low damage tolerance and a



susceptibility to moisture and high temperature [27]. As a consequence, metal matrix

composites such as those at the focus of this dissertation may provide an effective means
of creating low density, high strength materials while maintaining isotropic response, and
toughness. One commercial example where discontinuously reinforced aluminum (DRA)

composites have been used is in the high strength ventral fins in the F-16 (Fig. 1.3).

Figure 1.3: F-16 with ventral fins produced from DRA sheet for high
strength and stiffness [28].

The reinforcements used in a composite material come in numerous forms
varying in aspect ratio, dimension, and material composition [29-37], all of which affect
the final properties of the composite. Due to the number of variables involved, fully
characterizing the influence of the various reinforcement parameters on the material

behavior is of critical importance to the commercialization of any composite. The



behavior of a new composite must be characterized so that models can be produced
which enable manufacturers to predict the behavior of the material in their desired
application. Since comprehensive size-dependence studies on the effect of boron carbide
reinforcement on nanostructured aluminum are not readily available in the literature, this
study strives to characterize the influence of reinforcement size, as well as document the
impressive mechanical properties exhibited by this nanostructured aluminum composite.
The finer points of aluminum, its alloys and the metal matrix composite process are
discussed in the following sections.

1.1 Aluminum

As common as aluminum is today, it may be a surprise to discover this was not
always the case. Aluminum was first discovered in 1827 by Friedrich Wéhler [38], but
because it has strong chemical bonds in its natural formations, it was not easy to isolate.
As a result of its limited availability, it became a precious metal and was used in jewelry
as well as for special projects such as the capstone on the Washington Monument in
Washington D.C. [39].

It wasn’t until 1886 that a commercially viable method of isolating aluminum was
found. Paul Héroult working in France, and Charles Hall working in the United States
independently discovered a method of performing the electrolysis of an aluminum salt in
a non-water solvent that produced aluminum instead of aluminum hydroxide [40]. The
following year, an Australian engineer, Karl Josef Bayer developed a chemical method to
extract aluminum from bauxite, a commonly occurring aluminum ore [41]. These

developments, and the creation of new hydroelectric production facilities provided the



necessary electrical capacity for large-scale aluminum production and would see the
beginning of aluminum’s widespread adoption.

The prevalence of aluminum is not hard to explain, as aluminum is an abundant
and therefore affordable metal, it has a low density of 2.70 g/cm? [42], exhibits excellent
ductility and has an electrical conductivity only slightly less than that of copper [42].
Aluminum’s impressive ductility comes from its FCC crystal structure that allows for 12
slip systems [43], and its close-packed atomic structure. While aluminum is frequently
considered as corrosion resistant, this is somewhat incorrect, as aluminum is actually
highly reactive. Due to that reactivity however, a thin film of Al,O3 forms rapidly on the
surface of exposed pure aluminum, and the dense aluminum oxide film that develops is
inert, serving as a protective layer [44]. Corrosion can still occur at high or low pH values
however; so care must be taken when considering the application in question [45]. As an
extension of aluminum’s high ductility, it also has excellent formability that both reduces
production costs and allows for a wide range of shapes and structures to be produced
making it a valuable material for metal forming operations.

While aluminum has many advantageous properties, enhancements can be made
through the introduction of alloying element such as copper, magnesium, silicon, zinc,
and lithium [5, 27, 46-48] to name some of the most common constituents. These
alloying elements introduce strains and distortions in the crystal lattice of the solvent
metal that impede dislocation motion, strengthening the alloy [49], and can also be used
to produce some grain refinement [50, 51]. While each of the alloys benefit from solid
solution strengthening, some of the alloys are also heat treatable, which can result in

greatly improved strength and hardness. Of particular interest to the aerospace industry



have been the heat treatable aluminum alloys that result from the addition of copper, the
2XXX series, and zinc the 7XXX series of aluminum alloys [27]. In contrast to non-heat
treatable alloys which only soften or have reduced solid solubility at elevated
temperatures [52], heat treatable aluminum alloys have increased solid solubility at
elevated temperature [53-56]. As a result, the temperature can be raised during processing
to a value above the liquid transition of the solvent material, placing the alloying
elements in solution. Once the solute atoms are in solution, the temperature is held for a
period of time, followed by a rapid quench which traps the soluble elements in solution
and results in a super-saturated solid solution [57]. This super-saturated solid solution can
be decomposed into a two-phase system either via artificial aging or natural aging.
Artificial aging takes place at an elevated temperature that remains below the solvus line
following the quench. This aging process allows for the diffusion and nucleation of the
alloying elements into fine particles that are distributed throughout the alloy. The
particles provide additional resistance to dislocation movement, both due to their
presence and the strain they induce in the lattice structure, further increasing the strength
and hardness of the alloy beyond that which results from solid solution strengthening [56,
58] alone. Due to the growth the particles undergo with increasing aging duration, the
temperature and length of aging must be carefully controlled to produce the desired
mechanical properties.

The precipitation hardening that occurs in 2XXX and 7XXX series aluminum
alloys [27, 44], those alloyed with copper and zinc respectively, results in strength-to-
weight ratios competitive with the stronger, but heavier titanium and steel. The 7XXX

series, as well as many work hardening alloys, follow a specific sequence during



precipitation hardening, starting with a supersaturated solution, followed by the
development of Guinier-Preston (GP) zones, and then the formation of intermediate
precipitates [27, 58]. While the number of intermediate precipitates and the form that
they take depends on the particular alloy, a similar trend is generally followed. Due to the
importance of precipitation hardening in aluminum and other alloys, efforts have been
made to model the strengthening that will occur based on material parameters [59]. Due
to their high strength and stiffness, the 2XXX and 7XXX series of aluminum alloys have
been of interest to the aerospace industry for some time. Additionally, tempering and
post-processing anneals can be used to tailor the fracture toughness and strength of a
heat-treatable composite, to best suit the application in which they are to be used.

Of particular interest in this investigation are the microstructural features and
mechanical properties of the aluminum alloy series with Mg as its primary alloying
element, specifically Al 5083. The 5XXX series of aluminum alloys is the strongest of
the non-heat treatable aluminum alloys, and it can be work hardened through post-
processing techniques such as rolling, extrusion or equal-channel angular pressing
(ECAP) [60-62]. A considerable body of research has been accumulated on ultra-fine
grain (UFG) Al 5083 and its behavior at both cryogenic and room temperatures [63-65].
At room temperature, UFG Al 5083 undergoes solid solution strengthening and grain
refinement strengthening following the Hall-Petch relationship [66, 67]. As with other
face-centered cubic (FCC) metals, the low thermal activation required for gliding
dislocations allows Al 5083 to maintain its ductility with little to no effect on yield
strength at low or cryogenic temperatures [68]. At elevated temperatures however, it was

found that Al 5083 exhibited a superplastic response [62, 69-71]; with strain rate



sensitivity values of ~0.4 at quasi-static strain rates, and elongations over 300% are
possible at temperatures as low as 548 K [70]. Such superplastic behavior can greatly
reduce costs during forming operations in manufacturing of body sheets, as well as
reduce the number of subsequent processing steps necessary. The process used to create
an alloy is an important parameter as well, with methods of composite processing
including melt processing, mechanical alloying, and cryomilling. The method used to
create the Al 5083 alloy used in this investigation, and a comparison to other techniques,
will be presented in the following chapter.
1.2 Metal Matrix Composites

Carbon fiber reinforced polymer matrix composites, which were discussed earlier,
are an example of polymer matrix composites and as the name suggests, the matrix
material consists of a polymer or epoxy. Similarly, a metal matrix composite (MMC) has
a metal matrix and will be at the focus of this section. Some of the methods for composite
formation and the processing parameters involved will be discussed in this section. While
Al 5083 is the matrix material of the composites studied in this investigation, pertinent
background on multiple types of MMCs will be presented, with specifics to follow in the
next chapter.

The MMC industry has been growing steadily throughout the 21% century, from
around 2500 metric tons in 1999 [28, 72] to 5900 metric tons in 2013 [73]. Of that, 69%
by mass is in the form of discontinuously reinforced aluminum, which is also the class of
material studied in the course of this dissertation. While there are many methods
available to consolidate and form MMCs, some of the most common are liquid-metal

infiltration [74], stir casting [28], and powder metallurgy [75]. Additional methods such
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as spray casting are possible, however the most commercially viable methods fall under
the previous categories as they are cheaper and less complicated. The choice of
processing method is generally dependent upon the matrix material and the type of
reinforcement being used, as they impose restrictions on processing methods available.
Since the material of interest in this study is a discontinuously reinforced aluminum
composite, this brief review of MMCs will focus on particulate reinforcement techniques.
Interested readers are directed to the comprehensive review by Ibrahim and Lavernia [76]
for further information on other reinforcement types and specific details.

One of the driving considerations for the use of MMCs is the improvement they
impart to material strength and stiffness, both of which are useful in structural
applications [28, 77]. Ceramic materials while very strong are also brittle, and the process
to modify them to increase their fracture toughness can be difficult [78, 79]. The high
hardness and stiffness of ceramic materials do however make them excellent candidates
for use in composite materials [33, 80-82]. In order for efficient strengthening to occur,
there must be good interfacial bonding between the reinforcement and the matrix. Poor
bonding leads to early fracture resulting from void nucleation, effectively reducing the
composite strength as compared to the base matrix strength [76, 83]. Commonly used
ceramic reinforcements include carbides and oxides such as SiC, B4C, and Al,O3 due to
their wide availability and contributions to material strength [30-32, 35, 80, 84-95]. The
chosen processing method also has a significant impact on the resultant material
properties as techniques vary in temperature and the phase in which they mix the

constituent materials.
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One common processing method is liquid metal infiltration, which is the process
of introducing a molten alloy to a ceramic preform [96]. While the infiltration can be
allowed to proceed without additional pressure this generally results in a less dense
composite that requires additional processing [75] and as such an inert gas or mechanical
system is often used to pressurize the melt. Wetting of the particulate surface can be
problematic and is a factor of alloy / reinforcement composition, surface treatments of the
reinforcement, temperature and more [96-99]. A somewhat similar processing method
involves the introduction of the ceramic reinforcement into a molten alloy [75]. The low
viscosity of the molten alloy which would otherwise lead to high instances of particulate
agglomeration is overcome by using an impeller to agitate the alloy while adding the

reinforcement, and an example is shown in Fig. 1.4 [27].

Reinforcement
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Figure 1.4: Molten alloy mixing schematic showing the addition of a
to a molten alloy being agitated by a mechanical impeller [27].
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High temperatures and mechanical agitation are used to disrupt films that form around the
reinforcements and helps interfacial bonding. Much like melt infiltration, wetting of
ceramic particles is a challenge, and methods such as reinforcement coatings and the
addition of matrix alloying elements such as Mg are used to help improve matrix-
reinforcement bonding [27, 76, 97]. The last method to be discussed is powder metallurgy
(PM), which involves the blending of rapidly solidified powders with particulates [100-
102]. In contrast to the previously discussed methods, both the matrix and reinforcement
are in the solid phase and as a result, fewer residual stresses and reaction products are
formed in the final product [27, 103]. Powder metallurgy methods all follow a similar
series of steps: mixing of constituent materials, compacting to ~50% density, degassing of
the preform, and then a consolidation method such as hot isostatic pressing, dual-mode
dynamic forging (Fig. 1.5), or some form of sintering [86, 104], often followed by either

extrusion or rolling [33].
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Figure 1.5: Schematic demonstrating a general procedure for the
mixing and consolidation of a powder processed metal matrix
composite [76].

Microstructure plays a key role in the material properties of all materials, and
there are some unique microstructural features of MMCs that influence their mechanical
properties. Of particular importance are the size and volume fraction of reinforcement
particles. One measure of an MMC is the interparticle spacing, which can be derived

from the particle size [105]:

Z=d([x/4v, -1) 1.1

J:\/%-d 1.2
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where d is the mean particle size, V, is the volume fraction of the reinforcement

particles and A is the mean interparticle spacing. When the particulate reinforcement is
smaller than the grain size of the material, then the particles can reside within the grain
and resist dislocation movement. The smaller the particles, the smaller the interparticle
spacing for a given volume fraction and the greater the influence they exert on
dislocations. The additional resistance to dislocation movement by hard particles residing
in the matrix grains is known as Orowan strengthening [94]. An expression for Orowan

strengthening is provided in Eq. 1.3:

In(d/)
Ay _125G,b A

o zN1—v A

1.3

where A0, is the yield strength increase due to Orowan strengthening, G, is the shear

n
modulus of the matrix taken as 27 GPa [105] for this aluminum alloy, & is the Burgers

vector of the matrix, and V is the Poisson’s ratio of 0.33. Additional strengthening can
result from residual strains between the reinforcement and matrix due to elastic modulus

mismatch (Eq. 1.4) [106], that result in geometrically necessary dislocations:

8V.¢,
Aoy, =kG,b bd“ 1.4
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where k is a constant, in this case 1.25, and €, is the yield strain which is taken as 0.2%

or 0.002. A further mechanism that can occur is due to the coefficient of thermal
expansion (CTE) mismatch between the matrix and reinforcement that results in the
formation of additional dislocations, an equation based on material parameters is given in

Eq. 1.5 [77], with the density of dislocations given by Kouzeli [107]:

Aoy = 77Gmb\/f_7 1.5
12VPATACTE
pP=—" "

b=V, o

where Ao is the strength improvement resulting from a CTE mismatch between the

particle and matrix, AT is the difference between the processing temperature and the
testing temperature, and ACTE is the difference between the materials’ coefficients of
thermal expansion.

A trend that has been established over many investigations, and that shows in the
constitutive equations above. Greater increases in strength are obtained as the size of the
particulate reinforcement is decreased, and as the loading volume fraction increases [77,
83, 93, 101, 106, 108, 109]. An example of the relationship between yield stress and the
increase that occurs as reinforcement size is reduced is shown in Fig. 1.6 [107]. In the
case shown in Fig. 1.6, two reinforcement types are shown, Al,O3 on the top and B4C at

the bottom; the labels indicate the approximate size of the reinforcement in micrometers.
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Figure 1.6: Stress strain data from Kouzeli showing the relationship
between decreased particle reinforcement and increased yield strength
of aluminum MMCs [107].

However, the loading volume fraction cannot be increased without limit, as Figure 1.7a
shows both the benefit and drawback of increasing the volume fraction of reinforcement
in a composite [110]. There is a marked increase in the yield strength as the volume
fraction increases, but the percent elongation steadily decreases at the same time. One
reason for the decreased plastic response is the increased agglomeration that occurs when

more particles reside within the matrix. In a study by Hong et. al [35], the Mode I fracture
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toughness was plotted along with the volume % of SiC clusters that formed versus the
volume % of SiC added to the composite Fig. 1.7b.

The impressive mechanical properties exhibited by metal matrix composites have
already been realized by many industries, and MMCs continue to be an important topic of
research. The investigation presented here will focus on a nanostructured DRA composite
with a matrix composed of Al 5083 and reinforced with boron carbide. The
microstructure and mechanical properties of the aluminum composite will be investigated
with special attention paid to the influence of reinforcement size on the mechanical

properties.
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1.3 Adiabatic Shear Bands

Adiabatic shear bands (ASBs) are the name given to highly localized areas of
shear strain that develop in some materials at high strain rates. While the name
‘adiabatic’ is somewhat of an exaggeration, it was used by Zener and Hollomon [111] to
describe the behavior they witnessed during the high strain rate deformation of steel, and
the term stuck. The heating that occurs within the localized shear band while not truly
adiabatic, is still highly localized and mostly confined to the band. The observation of
ASBEs in steel provides some of the best evidence of the significant local temperature rise
that occurs during loading. Two ASB are shown in Fig. 1.8, one that developed in a 2014
aluminum alloy [112], and the other in 1040 steel [113]. While both are areas of highly
localized shear strain, the aluminum alloy developed a deformed shear band, while the
steel exhibits a transformed shear band, so named because the high temperature
developed during deformation results in the phase transformation of ferrite to austenite
which quenches to martensite [113] and produces a white band upon etching. Zener and
Holloman estimated that strains of approximately 5 could result in a temperature rise of
1000 °C, and that the bands they observed in steel could represent shear strains as large as
100 [111]. Multiple equations exist to estimate that temperature rise that occurs in a shear

band, one of which is presented in Eq. 1.7 [114].

AT:LJ‘gf ode 1.7
pC, "

In Eq. 1.7 B is the fraction of plastic work converted to heat, approximately 0.9, p is the

density of the material, C, is the specific heat, and ¢, is the final strain. Eq. 1.7 only
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provides a rough estimate of the temperature rise, as there are difficulties in estimating
the width of the shear band and the strain it undergoes. However, an attempt was made by
Bai and Dodd [115], who performed a perturbation analysis based on the solutions of
equations governing the formation of ASBs, and yielding Eq. 1.8 for the half-width of an

ASB.

T 12
o z[ .* ] 1.8
7*7*

The thermal conductivity of the material is represented by &k , T is the temperature, 7 is
the shear stress and 7 is the shear strain rate. The * subscript indicates that the
parameter represents conditions within the shear band, and 7 has been demonstrated to

be approximately three times the imposed strain rate [116].
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Figure 1.8: Optical micrograph of a deformed adiabatic shear band, exhibiting the
severe strain localization in the area around the band in an aluminum alloy [112] (a)
and a white etched transformed band (b) in a steel 1040 alloy [113].

While ASB are usually observed during the high strain rate deformation of
materials such as during rod impact tests, explosive tests, high-speed tooling, or ballistic
tests under compressive conditions, some exceptions apply at cryogenic temperatures.
Adiabatic shear bands have been found to form at quasi-static strain rates under tensile

loading when the test is performed at near liquid helium temperature, for a variety of
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materials. This low temperature behavior is a result of the greatly reduced specific heat
that is a consequence of the finite phonon energy states available at low temperature as
developed by Debye [117]. Some of the materials that developed ASB at cryogenic
temperatures include Ta-W alloys, stainless steel [118], pure aluminum [119, 120] and
aluminum alloys [121]. The flow curves that resulted from the low temperature tests
exhibited serrated flow resulting from adiabatic heating that softened the material due to
low heat capacity and high thermal sensitivity, which then stabilized as the stress was
relaxed.

More common than low temperature formation, ASB formation has been
observed at room and elevated temperatures in a variety of materials such as steel [111,
122], UFG Fe [114, 123], Ti [104] and bulk metallic glasses [124, 125]. The mechanism
behind ASB formation is essentially a competitive process between strain hardening and
thermal softening [113]. That basic relationship has been used to develop many criteria
for the onset of plastic instability and ASB formation. In the example of high-speed
machining, Recht [126] neglected aspects of strain rate effects and changes in the area of

the shear plane, obtaining Eq. 1.9 for the formation of chips in high-speed machining:

dr Ot Ot do

= 1.9
de 0O¢ 00de

In Eq. 1.9, 7 is the shear stress and @ is the temperature. In another treatment, Bowden
[127] used the empirical parameters of characteristic strain 7* and initial strain
inhomogeneity Ay , found during quasi-static testing, to develop a relationship that

predicts if the strain inhomogeneity will rapidly increase:
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*

D _ o nl X 1.10
7/171 }/ [ij

where 7/,’,? is the strain needed before the strain rate within the band will double, and

7= % where 7, is the applied shear strain rate and G is the gradient of the contours of

constant stress, taken as a constant. On the other hand, Grady [128] took a different
approach, using material properties to develop a “shear band toughness” that functions
similarly to a material fracture toughness. Starting from one-dimensional equations for

rigid planar thermoplastic shear:

6\/, 81’
y 97 1.11
P " ox
00 v, 8%
=L v, ,0Y 1.12

% oC e F o

where v, (x,1), 7(x,1), 0(x,1) are the fields of velocity, shear stress and temperature in
the vicinity of the shear band respectively, and y is the thermal diffusivity. Grady then
made some simplifying assumptions, and taking the constitutive expression for the
thermal softening of the shear stress within the shear band as 7 =7, (1-ab), Grady

developed an expression for the energy dissipated in the shear band, and related it to the

elastic shear modulus to obtain a shear band toughness [129]:
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K,=2G,T, 1.14

where @ is the linear thermal softening, 1", is the shear band dissipation energy, and

K| is the shear band toughness. The shear band toughness for a material gives a

qualitative measure of the likelihood for a material to form an adiabatic shear band during
dynamic deformation. A closer look at Grady’s shear band toughness and a comparison
to experimental values will be presented in Chapter 3.

In addition to high-speed machining, ASB formation plays a very important role
in ballistic impact. Adiabatic shear band formation is important in both penetrators and
armors and early studies looked at several armors such as aluminum, steel, and brass
[112, 130, 131] and penetrators of tungsten and uranium [113]. As one might expect, the
development of plastic instability and localized shearing is not a desired quality in armors
when the shear band is of the deformed type. It was found that aluminum and brass alloys
that developed shear bands also had extensive cracks that traveled through the armor
plate leading to fracture [130, 131]. In contrast, adiabatic shear can be beneficial when
used in ballistic penetrators, as the propensity to shear helps the penetrator keep its point
[132, 133]. Depleted uranium has long been used as a kinetic energy penetrator due to its

high density and ASB-assisted penetration mechanics.
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1.4 Split-Hopkinson Pressure Bar

As mentioned in the last section, adiabatic shear banding is a particularly
important deformation mode when studying the dynamic compression behavior of
materials. In order to facilitate that study a number of techniques have been developed to
impose dynamic strain rates on test specimens including, split-Hopkinson torsional bar
[132], thick-walled cylinder explosive collapse [134], and split-Hopkinson pressure bar
(SHPB). A SHPB is also known as a Kolsky bar in recognition of modifications that
Kolsky [135] made to Hopkinson’s [136] single-bar setup. There are also methods to
prepare samples that promote the development of shear bands, such as hat-shaped
specimens [134] and double-shear samples [137]. If the deformation mechanism of the
material prepared without preferential geometry is already known, such processes can
assist in the study of shear banding. However, if the deformation mechanism is still not
understood for the material being studied, using preferentially shaped samples will not
provide true information regarding the mechanical properties of the material and could be
detrimental and misleading. In the investigation presented in this dissertation, a split-
Hopkinson pressure bar was used along with rectangular samples with an approximate
aspect ratio of 1.25 (for the side dimension with respect to the gage height). The theory
and relevant details regarding the setup will be briefly discussed in the following
subsections.
1.4.1 Considerations Regarding Kolsky Bar Testing

Dynamic compression tests differ from their quasi-static counterparts, and as a
result certain considerations need to be made. One such consideration is related to the

rate at which the loading occurs, and the consequences that arise as a result. For instance,
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if you consider holding one end of a slack rope that is attached to a wall and then apply a
sharp flick of your wrist, you would see a wave begin to travel down the rope, and
possibly travel all the way to the wall. Such an analogy is only appropriate in a
conceptual manner, but it reflects the idea that there is a finite wave that travels along a

medium with a finite speed. In the case of a Kolsky bar experiment, the wave is a
pressure wave and the medium is an elastic bar with a wave velocity of ¢, =+/E/ p

where E and p are the Young’s modulus and density of the bar. Before continuing with
the breakdown and experimental conditions necessary for analysis, a brief description of
the steps that occur during testing would be helpful.

An experimental setup is shown in Figure 1.9, and the main features include a
striker bar that delivers the impact, an incident bar than transmits the stress wave, the
specimen, and the transmitted bar. The strain in the incident and transmitted bars is
measured through the use of electrical resistance strain gages located in the middle of the
incident and transmitted bars. When the test is performed, the gas tank launches the

striker bar, which impacts the incident bar generating a stress wave. The wave travels
down steel bar with a wave velocity of ¢, , until it reaches the incident bar / specimen

interface. When the wave reaches the interface, part of the compressive wave is
transmitted and part of the wave is reflected back, the portion that is reflected back is a
tensile wave and considered to be propagating in the negative direction. The compressive
wave that was transmitted continues to travel through the sample until it reaches the
specimen / transmitted bar interface at which point a portion of the wave is transmitted
and a portion reflected. The transmitted compressive wave is read at the transmitted bar

strain gage, while the incident and reflected waves are collected at the incident bar strain
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gage. With that conceptual framework in mind, further details regarding the use of a

Kolsky bar system can be discussed.

Compression Split-Hopkinson Pressure Bar

Collar Striker Bar Catcher
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Figure 1.9: Schematic representation of a Split-Hopkinson Pressure Bar (SHPB) or
Kolsky bar.

The stress wave velocity is important because an average stress condition within
the specimen is used during data analysis, and an average stress within the specimen is
only reached after approximately three reverberations, as found by Davies and Hunter

[138]. Since plastic deformation is taking place in the sample during loading, it is more

. : . ,d /d S .
appropriate to use the plastic wave velocity ¢,, = fores which is approximately 10%
P

of the elastic wave velocity. Using the plastic wave velocity and the sample dimensions it
is possible to determine when a uniform stress condition will be reached in the specimen.
It is a result of this behavior that stress measurements are made at 4% strain in the
dynamic samples, as will be seen in Chapter 3. The ability to relate the stresses in the bar
to the sample was discovered by Hopkinson who determined that the as long as the

pressure bars (the incident and transmitted bars) remain elastic, the displacements in the
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bar are directly related to the stresses within the bar [136]. It was later expanded upon by
Kolsky who found that if a split-bar method was used that placed the specimen between
the two pressure bars, the stress and strain within the specimen are then related to the
displacements in the pressure bars. It is this relationship that allows for strains that are
measured in the pressure bars to be related to the stress and strain in the sample. The
mathematical analysis is presented in the next subsection.
1.4.2 Calculation of Sample Stress and Strain

First, two assumptions must be made for this analysis to be valid, that the stress
wave is one-dimensional, and that the specimen deforms uniformly. Also, note that in this
analysis, the wave is assumed to travel from left to right, in keeping with the scenario
presented in Fig. 1.9. With those assumptions made, it is now possible to relate the strain
gage measurements to the specimen stress — strain behavior [ 139]. Starting from basic

wave theory, the solution to the wave equation is known:

2 1 2
ox~ ¢, ot
which can also been written as:
u=f(x+ct)+gx—ct)=u +u, 1.16

Giving the displacement of the incident bar, where u is the displacement of the sample, f

and g are functions describing the incident and reflected waves, and ¢, is the longitudinal
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wave velocity in the incident and transmitted bar material. Since 1-D strain is just the

change in displacement over position, is given by:

&E=— 1.17

Then if Eq. 1.16 is differentiated with respect to x, the strain in the incident pressure bar

would be:

e=f'"+g'=¢+¢ 1.18

Taking Eq. 1.16 and differentiating with respect to time then yields:

u=c,(f'-g)=c(s-¢) 1.19

Eq. 1.19 provides the wave velocity at the incident bar-specimen interface. The time

derivative of the displacement in the transmitted bar is then:

u, =h(x+ct) 120
u, =c,h' =c¢, .
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Taking #, and u, to be the displacements of the incident bar-specimen and specimen-

transmitted bar interfaces respectively, and L as the instantaneous length of the

specimen, the strain rate in the specimen is then given by:

= =t) 121
L

Substituting Eqs. 1.19 and 1.20 into Eq. 1.21:
.G
E=—>(g,—-¢ —¢ 1.22
L( 1 r [)

As stated earlier, an average stress state within the sample is assumed, so the following

gives the average stress on the specimen:

__E0+EO
2A

1.23

In Eq. 1.23, F, and F, are the forces at the incident bar-specimen and specimen-

transmitted bar interfaces respectively, and A is the instantaneous cross-sectional area of

the specimen. By definition, the forces are:

F,=EA(& +¢,)
F,=FEAg,

1.24
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E is the Young’s modulus in the pressure bar, and A, is the cross-sectional area of the

pressure bar. Again, because the stress in the specimen is assumed to be constant after

three reverberations, a force equilibrium can be taken which yields:

F=F

g =6+€,

1.25

Plugging the result of Eq. 1.25 into Eq. 1.22 for the strain and Eq. 1.23 for the stress, the

strain and stress in the specimen is given by:

1.26

In this manner the stress-strain behavior of the specimen can be found using strain signals

in the incident and transmitted pressure bars.



CHAPTER 2: EXPERIMENTAL METHODS

This chapter will cover the details of the processes used to produce the materials
under investigation as well as the microstructural and mechanical characterization
methods. Regarding the materials processing, cryomilling and its effects on the
microstructure of the Al 5083 alloy will be discussed in detail, in addition to the
parameters used. Two metal matrix composites were tested in this investigation, Al 5083
reinforced with ~40 nm boron carbide particulates (Al-B4C-1), and Al 5083 reinforced
with ~500 nm boron carbide particulates (Al-B4C-2). Microstructural characterization
techniques in the form of scanning electron microscopy (SEM) and transmission electron
microscopy (TEM) were used to examine the as-received and post-loading conditions.
Mechanical testing was performed using quasi-static and dynamic compression
techniques as well as through the use of a nanoindenter. Finally, the elevated temperature
setup used to test the materials under high strain rate compression will be discussed.

2.1 Materials Processing

My dissertation research has focused on the mechanical properties, elevated
temperature response, and influence of reinforcement size of three aluminum-based
materials. All three materials were developed and produced by Dr. Lavernia’s research
group at the University of California, Davis. The materials processing was solely the

work of Dr. Lavernia’s group and not my own.
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2.1.1 Cryomilling

Cryomilling is a powder metallurgy process that takes conventional high energy
ball milling and modifies the equipment and procedure so that the process takes place at
cryogenic temperatures, usually with the use of liquid nitrogen or some other low
temperature media [49, 140]. While early mechanical alloying (MA) processes involved
the use of elemental powders to form the desired alloy, most current methods use master
alloy powders since the elemental metals are much more reactive which is not conducive
to good interfacial bonding. When milling is performed at cryogenic temperatures, it
prevents the metal from recrystallizing while still imposing large plastic deformation
resulting in a refined internal structure [141]. In the case of aluminum, when cryomilling
is performed using liquid nitrogen, very fine secondary particles of AIN on the order of
10 nm are formed in addition to the refinement of the metal grain structure [142]. These
nanoscale particles help “pin” grain boundaries in the form of Zener pinning [143], where
the particles exert a pinning force against the migration of the grain boundary. When the
forces are in equilibrium, the following expression for the pinning pressure due to all

particles is obtained [144, 145]:

P

2.1
2r

where y is the grain boundary free energy, P, is the pinning pressure, ¢ is the volume

Z

fraction of second-phase particles and r is the average particle radius. This pinning force
allows the cryomilled aluminum to maintain a nanostructured grain structure while

proceeding through the elevated temperature consolidation steps. Dr. Lavernia’s research
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group has used cryomilling extensively in the production of Al 5083 alloys and
composites and have reported on the effects of modifying milling parameters such as
volume of reinforcement material, process control agent composition, and milling time
on microstructural development [33, 89, 146-148].
2.1.2 Aluminum Alloy 5083 and Boron Carbide Composites

Gas atomized aluminum Al 5083 (Valimet, Inc., Stockton, CA), with a -325
mesh particle size, and material composition of (Al-4.5 Mg-0.57 Mn-0.25 Fe in wt. %)
functioned as the master alloying powder (Table 2.1). The aluminum powder was
blended with 5 vol.% B4C powder with average particle sizes of ~40 nm (fabricated by
U.S. Army Armament Research, Development and Engineering Center, Picatinny, NJ) or
~500 nm (HD20 B4C fabricated by HC Stark, Newton, MA) in a V-blender for 12 hours

to homogenize the powders.

Table 2.1: Wt % of constituent elements in Al 5083 alloy
Material Al Mg Mn Fe
Al 5083 94.68 4.5 0.57 0.25

The blended powders were then cryomilled for 12 hours in liquid nitrogen in a modified
Union Process 1S Svegvari attritor with a rotational velocity of 180 RPM, a ball-to-
powder ratio of 30:1 and 0.2 wt. % stearic acid (CH3(CH2)16CO2H) as a surfactant. The
cryomilled powders were then hot-vacuum degassed at 500 °C for 20 hours to form a
green compact. The compact then underwent dual mode dynamic (DMD) forging twice at
400 °C. DMD forging is different from the common consolidation technique of hot-

isostatic pressing (HIP) in that the pressure during forming is uniaxial and not isostatic,
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and the mechanism is shown in Fig. 2.1 [149]. The AI-MMC with 40 nm B4C particles is
designated as Al- B4C -1, and the AI-MMC with 500 nm B4C particles is designated as
Al- B4C -2. A counterpart of ultra-fine grained Al 5083 alloy without reinforcing phase
(NR-AL) was fabricated through an equivalent processing route and characterized as a
control. Sample identifications (IDs) and material conditions are summarized in Table 2.2
and further details regarding the cryomilling process in relation to Al 5083 materials can

be found in previous publications [150, 151].
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Dual Mode Dynamic Forging Sequence

Figure 2.1: Schematic representation of the steps involved in dual mode dynamic
(DMD) forging [149].

Table 2.2: Summary of material conditions and sample IDs for the aluminum MMCs
used in this investigation.

Material Boron Carbide Reinforcement Size (nm)
Al-B4C-1 ~40
Al-B4C-2 ~ 500

NR-AL N/A

2.2 Microstructural Characterization
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Microstructural analysis of the pre- and post-loading samples from both the room
temperature and elevated temperature tests was performed to characterize the changes
that occurred during deformation. Details of the microstructure were evaluated using a
JEOL-2100 (LaB¢ gun) transmission electron microscope operated at 200 kV. TEM
samples were prepared by first cutting a 0.5 mm-thick section of the desired sample for
mechanical polishing. The 0.5 mm slice was then formed into a 3 mm diameter disk
using a Gatan sample cutter, and mounted to a 656 disc grinder (Gatan) to mechanically
thin the sample to ~70 um. The sample was then subjected to further thinning on a 656
dimple grinder (Gatan), before finally being transferred to a Gatan 691 precision ion
polisher system (PIPs) for final thinning to electron transparency. TEM bright field and
dark field images were used in conjunction with ImageJ to assess the grain size and
microstructural features before and after dynamic and quasi-static testing. Twenty to
thirty micrographs were observed for each sample to obtain an appropriate sampling size
of grains.

Surface analysis of the samples in both the as-received and post-loading
conditions was performed using optical microscopy and SEM. SEM analysis was carried
out on a JEOL JSM 6480 SEM operated between 10 and 20 kV. Due to the sub-micron
characteristic features size of the materials being studied the optical images did not yield
much relevant information and only the SEM images will be presented. The scanning
electron micrographs reveal evidence about the formation, or lack thereof, of adiabatic
shear bands during deformation, as well as provide information regarding the heat

generated during ASB formation.
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2.3 Mechanical Testing

Quasi-static tests were performed on all samples using an MTS Landmark Servo
Hydraulic Test System at a constant strain rate of ~1 x 102 s'. The system is equipped
with self-alignment features to maintain parallelism and perpendicularity during testing.
The dimensions of the specimens for quasi-static testing were ~2.5 x 2.5 x 5 mm. The
loading faces and sides of the samples were polished before testing to ensure even contact
and to assist in post-loading examination. Loading surfaces were lubricated to reduce
friction interactions between the sample and the loading platens (MTS 643 Compression
Platens) to eliminate barreling. The strain rate was controlled via modulation of the
crosshead speed.

Dynamic (high strain rate) tests were performed using the Kolsky bar, also known
as a split-Hopkinson pressure bar, system shown in Fig. 2.2. The technical specifications
regarding its use, data processing, and setup were provided in the previous section. The
samples prepared for high strain rate testing measured ~2.5 x 2.5 x 2.0 mm, with the
loading direction parallel to the 2 mm dimension (the gage section). Strain rates ranged
from ~4000 s to ~5000 s™! for the AI-MMCs and ~6000 s™! to ~7000 s™! for the
unreinforced Al 5083 with no prescribed strain in either condition. The higher imposed
strain rate for the unreinforced Al samples was a result of using the same loading

pressure as was used for the AI-MMCs.
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Figure 2.2: Picture of the Kolsky bar, high strain rate compression test setup used in
this investigation.

An instrumented nanoindenter (Agilent G-200) was used to evaluate hardness
values, as well as to derive the strain rate sensitivity (SRS). A series of 10 indents were
performed for each condition in order to illuminate any statistically relevant trends. 20
indents consisting of three strain rates 0.05, 0.007, and 0.001 s™! were performed with an
initial indentation depth of 1100 nm, and a final depth of 2000 nm on the as-received
samples to obtain the SRS. It is assumed that strain rate hardening follows the popular
power law, and as such, SRS is the slope of the double logarithmic plot of hardness
versus the indentation strain rate. Details for using nanoindentation to derive SRS values
can be found in Ref. [152].

Elevated temperature compression tests were performed at dynamic strain rates by

adding an electric resistive heater to the Kolsky bar setup shown above. The heater is
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shown in Fig. 2.3, where a pair of holes allows the sample and bars to pass through the
heater, and insulation is used to maintain the desired temperature. A thermoelectric
control system is used to monitor the temperature inside the furnace and provide
feedback to maintain the temperature within 5 °C of the desired testing temperature. Once
the desired temperature was reached, the sample and bars were inserted into the furnace
and allowed to reach a homogenous temperature over a 5-minute period. The testing

procedure for the dynamic test then proceeded as previously described.

Figure 2.3: Picture of the electric furnace used to heat the dynamic compression
samples in the elevated temperatures tests.



CHAPTER 3: MICROSTRUCTURE AND MECHANICAL PROPERTIES OF AL 5083
COMPOSITES

3.1 Introduction

The use of high performance aluminum alloys in the aerospace and automotive
industries has already been discussed, however there is another industry that also has
need of high strength aluminum alloys and composites, the defense industry [153].
Favorable properties for an armor material generally fall within three categories, high
strength at impact velocities, adequate toughness and low weight [147]. Depending on the
application in question, e.g. vehicular vs personnel armor, different aspects are of greater
importance, for example weight may be of less concern when applied to a vehicle. Most
current armor systems approach the problem by using multiple layers of materials that
address one aspect of the incoming projectile [154]. One layer may be a ceramic with
high strength, followed by a layer of aramid fibers in a polymer matrix, then backed with
a metal plate for force distribution [78, 155]. The limiting factor of such a system is the
weight of each component; as a result it would be very beneficial if two layers could be
combined without loss of performance. Such attempts are currently being made with
UFG and nanostructured aluminum composites due to their low weight and high strength
that is unattainable with conventionally structured aluminum alloys. In the area of
ceramic reinforced aluminum composites, the most prominent reinforcements are SiC

and B4C [32, 147, 156].
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One of the materials that has generated considerable interest, and been the focus
of extensive study is a tri-modal Al 5083 composite, reinforced with micron-sized B4C
[33, 105, 146, 157, 158]. This tri-modal composite was first produced and reported by Ye
et al. [89] and was an extension of earlier work focused on a bi-modal Al 5083 alloy [61].
In both cases the microstructure consisted of a bi-modal distribution of Al 5083 grains,
with grains in the UFG regime and coarse grains around one micrometer. Additionally,
both were formed through powder processing methods and underwent extrusion after
consolidation resulting in strong texture and additional plastic deformation. In the case of
the tri-modal aluminum composite, the boron carbide reinforcement was on the scale of 4
—7 um [157]. Born carbide is an attractive reinforcement material due to its good
interfacial strength with aluminum [80, 148, 157], low density of 2.52 g/cm?® [159], high
melting point of 2445 °C and elastic modulus of 460 GPa [85] which is close to diamond.
I have given specific details of these materials because they were an inspiration for the
composites under investigation in my dissertation, and to highlight some of the
differences between the materials. The composites in my study have an entirely UFG Al
matrix, B4C reinforcements on the nanoscale, either 40-50 nm or 500 nm, and did not
undergo any plastic work such as rolling or extrusion after consolidation. The mechanical
performance of these nanostructured Al MMCs will be compared to some other Al

MMCs from the literature in the discussion.
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3.2 Experimental Results

Figure 3.1: Representative TEM bright field image of Al-B4C-2 (a) with the
corresponding dark field image (b) demonstrating the ring-like pattern indicative of a
polycrystalline sample. While the ring-like pattern is evident in (b), there are a large
number of discrete spots due to strong diffraction of a few grains.

3.2.1 Microstructural Analysis

The microstructures of Al-B4C-1, Al-B4C-2, and NR-AL were analyzed using a
combination of SEM and TEM techniques. A representative TEM bright field (BF) image
is shown in Fig. 3.1 (a) for Al-B4C-2, along with the selected area electron diffraction
(SAED) pattern (Fig. 3.1 (b)). The SAED has a ring-like pattern indicating a
polycrystalline Al matrix grain structure, along with a large number of discrete
diffraction spots from oriented grains. The bright field image in Fig. 3.2 (a) is from Al-
B4C-1 and shows grains with a large number of dislocations. Fig. 3.2 (c) shows the

corresponding dark field image with the diffraction from the {012} plane of B4C

highlighted, as shown in Fig. 3.2 (b). Analysis of the boron carbide reinforcement
indicated that particles were on the order of 40 — 50 nm in diameter.
The microstructure of the unreinforced Al alloy was characterized, and some

representative micrographs are provided in Fig. 3.3 The microstructure for the post-
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loading NR-AL sample is shown in Fig. 3.3 (a) and is indicative of the larger yet
submicron grains that are present in the NR-AL sample both pre- and post-loading, the
provided arrows highlight grain boundaries. Figs. 3.3 (b) and 3.3 (d) indicate the second-
phase particles that presumably formed during cryomilling and are on the order of 10 nm.
The diffraction spots circled in Fig. 3.3 (¢) indicate the diffraction spots that were
highlighted to produce the dark field image. Though close to the aluminum diffraction
ring the spots lie just outside it, and the small size of the particles is below the limits of
the grain refinement performed on the samples. Based on the d-spacing and the findings
of others working on cryomilled Al in liquid nitrogen [94, 146] it is believed these are

AIN particles.
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Figure 3.2: TEM images of Al-B4C-1; the bright field image (a) shows that grains are
highly deformed with many dislocations, and without well-defined grain boundaries.
The SAED (b) indicates the B4C diffraction spot isolated to produce the dark field
image (c). The reinforcing particles are found to be on the order of 40 — 50 nm.

Transmission electron micrographs were used to analyze grain sizes of the three
samples and the grain size histograms are shown in Fig. 3.4. After an analysis of 129
grains from the TEM images, the histogram of the grain size of the Al-B4C-1 matrix is
shown in Fig. 3.4 (a) where the average value was found to be 154 nm. Similar analyses
were performed on the other two materials (Figs. 3.4 (b-c)) and the average grain sizes

were found to be 141 nm for Al-B4C-2 and 218 nm for NR-AL. These grain sizes agree
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well with those provided in [157], where the average grain size of the UFG Al matrix

with micron sized boron carbide reinforcement was found to be 156 nm.

Figure 3.3: The microstructure of NR-AL post-loading (a) exhibits grains on the order
of 200 — 250 nm, approximately 100 nm larger than either composite sample.
Intermetallic particles formed during cryomilling are highlighted in the bright field (b)
and dark field (d). Analysis of the particles reveals that they are approximately 10 nm
in diameter. Their size combined with a d-spacing similar to that of aluminum (c)
makes it likely that these are AIN particles formed during cryomilling, such
dispersoids have been found previously [160].
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Figure 3.4: Grain size distribution of matrix grains in Al-B4C-1 (a), Al-B4C-2 (b),
and NR-AL (c). The distribution and average grain size exhibited in (a) and (b)
closely match those from ref. [157], while the average and max grain size of NR-
AL indicates that some grain growth likely occurred during processing.

3.2.2 Dynamic and Quasi-static Compression Tests

The following section presents the results of the quasi-static (QS) and dynamic
(DY) compression tests for the three aluminum-based materials. Fig. 3.5 shows the
representative quasi-static (a) (~1.0 x 10~ s™') and dynamic (b) (~4.0 x 10° s™)
compression curves for Al-B4C-1, Al-B4C-2, and NR-AL. The yield strengths for the
composite samples under both quasi-static and dynamic conditions are similar with yield

occurring around 850 — 900 MPa. These values are in contrast to the unreinforced alloy
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which exhibits a yield strength around 600 MPa, indicating a 30% improvement in yield
strength for the Al composites. Since all three samples underwent the same powder
processing method, the difference in mechanical properties should be due to the inclusion
of the boron carbide particles, and their effect on the microstructure. The detailed
discussion of the strengthening mechanism is deferred to a later section.

Comparison of the strain experienced by the composites also exhibits similarities,
with unloading occurring around 20% true strain under dynamic compression for Al-
B4C-1, and slightly later for Al-B4C-2. Under quasi-static loading Al-B4C-1 and Al-B4C-
2 experienced failure around 20% true strain before reaching the prescribed strain of
30%. The unreinforced alloy did not form cracks under dynamic loading, while the
dynamically loaded composite samples started to develop shear localization and
subsequently cracks that can be seen under SEM investigation (Fig. 3.6). The stress drop
at the end of the curves in Fig. 3.5 (b) is due to unloading of the samples, and not

necessarily failure of the material.



48

1000 - a b

.,...,“‘
ol f e, wi] RO
[, { .l

@
=1
=]
I

-
8
True Stress (MPa)

400

True Stress (MPa)

-— NR-AI QST I ,
200 -—AI-B,C-1 QS1 [ +—Al-B,C-1
——AMB,C-2QS3 —+— NRAL

-~ A-BC-2

T T T T
T T
0.0 0.1 02 03 0.4 o0 oz ok
True Strain A
True Strain

Figure 3.5: Representative true stress — true strain results for quasi-static (a) and
dynamic (b) compression of the aluminum alloy and composites. The non-reinforced
alloy exhibits strain hardening at quasi-static and dynamic strain rates though the
strain hardening is much reduced at dynamic rates due to thermal softening.
Composite samples undergo strain softening at both strain rates, though softening is
greatly diminished for AI-B4C-1 during quasi-static testing and may be considered
elastic-nearly perfect plastic. Quasi-static tests were stopped at a prescribed strain of
0.3 (~30%), and the composite samples failed during testing. Dynamic tests had no
prescribed strain and the stress drop at the end is due to sample unloading, no failure
was observed.

Note: Al-B4C-2 quasi-static data provided by Hanry Yang of [161] at UC Davis

The unreinforced aluminum alloy consistently underwent comparable or increased
plasticity without failure as compared to both Al-B4C-1 and Al-B4C-2. Under quasi-static
compression NR-AL underwent 25% true strain without failure, while dynamic loading
led to a final strain of 40% and though the sample still did not fail, it underwent
significant inhomogeneous deformation as can be seen in Fig. 3.6 (a). The plastic
behavior of the samples differed as well, with NR-AL undergoing moderate, and minor
strain hardening during quasi-static and dynamic loading respectively while the

composites underwent strain softening during dynamic deformation. During quasi-static
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deformation however, Al-B4C-1 exhibited an elastic-nearly perfect plastic response after
yielding (Fig. 3.5 (a)) with slight yet distinct flow softening. Al-B4C-2 on the other hand
exhibited strain softening consistent with its dynamic softening behavior.

Shear banding-like behavior was observed in the two composite materials, though
only under dynamic conditions. In both MMCs the shear bands were localized to two
conjugate shear planes as highlighted in Fig. 3.6 (c). Both localized plasticity and
cracking were observed along the shear bands, with one sample often exhibiting both
forms of deformation. Due to the localized nature of the shear bands and the time scale of
their formation, they can be classified as adiabatic shear bands [111]. Under quasi-static
loading, Al-B4C-1 fractured along the plane of maximum shear stress, however no
localized deformation was observed, and the fracture appears to be of semi-brittle type as

indicated by Fig. 3.7.
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Figure 3.6: SEM images of (a) NR-AL, (b) Al-B4C-1 and (c) Al-B4C-2 after dynamic
compression. No localized shearing is observed in NR-AL, while both composites
exhibit localized plasticity along shear bands. Enlarged inset in (b) shows significant
localized shear and crack formation. Highlighted sections of (¢) indicate the
conjugate shear planes that develop during dynamic deformation.

3.2.3 Nanoindentation
Nanoindentation hardness and strain-rate-jump tests were performed on the three
aluminum-based materials to provide further insight into their mechanical properties. The

Vickers hardness test was used to provide additional confirmation of the yield strengths
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found for AI-B4C-1, Al-B4C-2, and NR-AL with values of 938 MPa, 909 MPa, and 644
MPa respectively. These values compare favorably with those found during compression
tests, as can be seen in Table 3.1. The Vickers hardness values were converted to the
yield strength through the Tabor law, and the most commonly used form is VHN=3cy,
and VHN is the Vickers hardness number.

Strain-rate-jump tests were subsequently performed at increasing strain rates, to
determine the influence of strain rate on material performance. The results are shown in
Fig. 3.8, which is the double logarithmic plot of nanoindentation hardness versus the
indentation strain rate. It was found that the SRS values of the materials were very
similar, all existing within an order of magnitude, though the SRS of Al-B4C-1 and NR-
AL were slightly higher than that of Al-B4C-2. It should be noted that in Fig. 3.8, the
high strain rate data points from Kolsky bar experiments are also included. The effect of

this practice will be discussed in the next section.
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Figure 3.7: SEM image of quasi-statically loaded Al-B4C-1 exhibiting the
brittle fracture the sample underwent without developing the localized
plasticity observed in the dynamically deformed composite.
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Figure 3.8: Strain rate sensitivity of the aluminum alloy and composites
indicating low rate dependence. The high strain rate data was collected

from dynamic compression, while the low strain rate data points were a
result of strain-rate jump tests performed during nanoindentation.

3.3 Discussion

First of all, it should be noted that the three materials in this study, Al-B4C-1, Al-
B4C-2 and NR-AL exhibit some similarities in their microstructure as a result of having
undergone the same cryomilling and DMD (dual mode dynamic) forging processes. An
important feature of the microstructure is grain size, as grain size refinement is the single
largest contributor to the strength of the materials, which follows the Hall-Petch
relationship [162]. In addition to the elements in the alloy (4 — 5% magnesium, ~ 0.5%
manganese and trace iron) the cryomilling process also introduces oxygen and nitrogen

that can react with other elements to create secondary nitrides within the matrix [105].
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These dispersoids interact with dislocations in the samples leading to additional
strengthening.

In order to account for the transfer of load to the boron carbide, a modified shear
lag model was used. The differences in the coefficient of thermal expansion and elastic
modulus between the matrix and reinforcement and their role in dislocation formation is
discussed in the following sections. It has been predicted that decreasing the size of
reinforcements leads to an increase in dislocation density [163], so it would be expected
that AI-B4C-1 and Al-B4C-2 would contain more dislocations overall, even if there are
fewer dislocations around each particle, as compared to composites with larger micron-
sized reinforcements. Additionally, the Orowan strengthening resulting from the
reinforcing particles and second phase nitrides is considered, with the dislocation
strengthening treated in a quadratic format. Finally, the influence of the boron carbide
reinforcement and processing method on the plastic deformation of the samples is
discussed. In particular, the occurrence of adiabatic shear bands in the composite will be
dealt with in detail in the context of adiabatic shear band toughness.

3.3.1 Grain Size Strengthening via Hall-Petch Effect

Cryomilling is used to reduce the original Al 5083 powder particles down to 100
— 200 nm grains after consolidation. The Hall-Petch relationship dictates the
strengthening of the ultrafine-grain aluminum matrix, which accounts for the majority of
the final strength of the composite. The Hall-Petch relationship states that the yield
strength scales linearly with the inverse square root of the grain size, and is in the form

[105],
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-1/2
AG,, =0, +kd y

where Ao, is the yield strength improvement after taking into account grain size

strengthening; oo is the frictional yield strength (lattice friction, or the yield strength of

coarse-grain material), d is the grain size, and k, is a constant of .22 MPa \/n_z [164] for
Al 5083. In the case of AI5083 ao is ~124 MPa which includes the strengthening from
solid solutes [44], the average grain size was 154 nm for Al-B4C-1, 141 nm for Al-B4C-2

and 218 nm for NR-AL. Using these values, a grain refinement-based yield strength

improvement of Ao, = 560MPa was calculated for the Al-B4sC-1, 586MPa for

Al-B4C-2, and 471MPa for NR-AL. Compared to the strength values of the three
materials listed in Table 2, all the Hall-Petch contributions fall short of the experimental
yield strength values, suggesting that additional strengthening mechanisms should be
considered to reconcile the experimental results and theoretical predictions.
3.3.2 Composite Strengthening

Orowan strengthening is either not significant or is entirely invalid for micron-
sized particulate composites due to the large interparticle spacing [75] and their large size
in comparison to the matrix grains. So while Al-B4C-2 with B4C size ~500 nm will not
undergo significant Orowan strengthening from its reinforcement particles, Al-B4C-1
will, as the 40 nm particles are smaller than the average matrix grain size (~154 nm).
Additionally, the microstructure of these cryomilled materials, both the alloy and
composites, contain secondary particles such as nitrides that also provide Orowan
strengthening [94, 105]. The theoretical value of the Orowan strengthening can be

estimated by:
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where Ao, is the yield strength increase due to Orowan strengthening, G, is the shear

modulus of the matrix taken as 27 GPa [105], & is the Burgers vector of the matrix, and

V is Poisson’s ratio of 0.33. The mean dispersoid size, d and the mean inter-particle
distance A are given by d= ‘,’ % “d and 7 =d(, |7/ 4V, —1) respectively where d is the

particle size and Vp is the volume fraction of the B4C particulate or nitride. In Al-B4C-1
the value of d was taken as 40 nm, and Vp as 5% as indicated from the processing

parameters, while the nitrides were estimated as 10 nm and Vp as 0.5% [94]. To account

for the load transferred to the reinforcing particles Nardone and Prewo’s modified shear

lag model was used, with the particles considered to be equiaxed yielding [82, 165],

Ao, =0, (0.5V,) 3.3

where Vp is the volume fraction of the reinforcing particles, and o, is the matrix yield

stress.

The final strengthening mechanisms to consider are those that that result from a
difference in material parameters between the matrix and reinforcement, namely elastic
modulus and coefficient of thermal expansion differences. Recent discoveries relating to

UFG and NC Al MMCs [166] have indicated that CTE mismatch does not provide a
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significant contribution to material strength. Taken in conjunction with Lloyd’s analysis
that the critical CTE misfit strain cannot generally be reached for particles <100 nm [167]
it was determined that CTE mismatch induced dislocations should be excluded.
Geometrically necessary dislocations due to elastic modulus mismatch however still play

arole, and can be estimated using the equation [106]:

8V &
Aoy, =kG,b bl;z’ :
34

where k is a constant, in this case 1.25, &, is the yield strain taken as 0.2% or 0.002.

Summation by quadrature was used to consolidate the various dislocation mechanisms, as

they act unevenly throughout the matrix [101, 163]:

Ac, = (a0, ) +(80% ) +(A00, ) .

I, . o . .
where AT, is the Orowan strengthening due to nitride particulates and ATy, is the

Orowan strengthening due to the nanoscale reinforcement in AI-B4C-1. The

strengthening in Al-B4C-1 can then be summed as:

o,=Aoc, +Ao,, +Ao, 3.6
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The individual contributions come out as O, = 241MPa +684MPa+17MPa =942MPa

for Al-B4C-1. In Al-B4C-2 there is no Orowan contribution from the boron carbide, and

so it is somewhat lower as 0, = 135MPa+710MPa +17MPa =862MPa . Finally, for the

unreinforced alloy, the only dislocation mechanism is due to secondary nitrides and the
estimated yield strength is O, = 133MPa+595MPa ="128MPa . However, a root sum

square overestimates this strengthening, and a better estimate would be ~40 MPa, leading
a final alloy strength of 635MPa . The estimate of 40 MPa also aligns well with that
found by Cao and Ramesh [105], for nanoparticles in aluminum.

The results of the above calculations and the contributing mechanisms are
summarized in Table 3.3. The estimates resulting from the treatment provided here
closely match the experimentally obtained values, though the unreinforced alloy strength
is considerably overestimated with this method. The experimental and calculated values
of the yield strength also indicate an increased yield strength for Al-B4C-1 reinforced
with the smaller 40 nm boron carbide as compared to Al-B4C-2. The reduction of
particulate reinforcement size has been found to improve yield strength in other
aluminum matrix composites [168], which supports the results found here.

Table 3.2 presents some examples of MMC yield strengths from the literature
along with details regarding the reinforcement used and its approximate size. Due to
limited space, the specific heat treatments and processing conditions could not be
included. However, the yield strengths exhibited by the composites under investigation in
this dissertation hold up well against a variety of reinforcement types and loading volume

fractions.



Table 3.2: A selection of yield strength data from the literature is presented for

lightweight MMCs, along with information regarding the reinforcement material, type
and size. The yield strengths vary significantly based upon reinforcement parameters, but
also the processing technique used and the addition of heat treatments or plastic work
such as extrusion.
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Estimated Reinforcement

Reinforcement Reinforcement

Material YS (MPa) Material Type Size Ref
Vt?;[l'(;) 900 B.C Particle ~50 nm ;t)lils(
AlS s BiC Particle ~500mm IS
AT 579 SiC Whisker SO 6]
Ev/[‘?‘:/:so 275 SiC Particle ~30 nm [170]
i“éi 102 210 SiC Particle ~10 pm [35]
VA;%/?) 371 SiC Particle ~IL.5 um [93]
Al-5 950 B4C Particle ~1-7 um [157]

wt.%
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3.3.3 Rate Dependence and Its Significance

The influence of strain rate on the three materials was investigated using a series
of strain rate jump tests performed on a nanoindenter. Strain rate sensitivity (m) is an
indicator of a material’s yield or flow strength as a factor of strain rate. The strain rate

sensitivity was calculated as [171]:

dinH
m=
dné

3.7

where H is the hardness and £ is the indentation strain rate defined by & = % , with P

being the loading rate during indentation and P being the load. The results are shown in
Fig. 3.8 and include a high strain rate data point from the dynamic compression tests. It
should be noted that unlike conventional coarse grain metals where including high strain
rate data usually brings up the SRS value, in the case of Al-5083 and the two AI-MMCs
in this work, including the high strain rate data points brings down the SRS values for all
the materials. As a matter of fact, the nanoindentation-based SRS values for the three
materials are 0.053, 0.047 and 0.034 for Al-5083, Al-B4C-1 and Al-B4C-2, respectively.
The SRS of coarse grain Al is typical of metals with face-centered cubic (FCC) structure
such as Cu and Ni, on the order of 0.004. Refining the grain size of FCC metals into
ultrafine grain and nanocrystalline (NC) regimes has been shown to increase the SRS
[171]. It is observed from the indentation rate jump experiments that the three Al-based
materials of this work follow the same trend. In other words, the SRS at quasi-static rate,

particularly probed by nanoindentation, is controlled by the Al-matrix phase. However,
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bulk testing such as uniaxial compression at different strain rates shows a different trend
in terms of rate dependence. This observation is similar to those of bulk metallic glasses
(BMGs) and other brittle materials where dynamic loading leads to reduced strength,
primarily because of sensitivity to stress concentration. That being said, it is believed the
bulk SRS indicates under high strain rate loading, the plastic deformation of the materials
are controlled by different factors, such as the presence of reinforcement and initiation of
failure.

From the Hart criterion [172] for a strain rate sensitive material:

_(8_0‘} -1+m<0 3.8
o\ 0g ),

In Eq. 3.8 a greater m value makes the material less susceptible to inhomogeneous
deformation even in the absence of strain hardening. While Hart and others [173, 174]
were interested in the stability during tensile deformation, this stabilizing factor also
plays a role in the likelihood of adiabatic shear band formation during compression [175].
Looking at the m values in Table 3.1 and Fig. 3.8 it can be seen that bulk strain rate
sensitivity of the materials is quite low, similar to that of coarse grain FCC metals such as
copper [176, 177].

The m value for these UFG aluminum materials is unusually small if the high rate
data point is included, as m tends to increase with grain refinement for FCC metals.
Carreker and Hibbard [177] were one of the first to discover the grain size dependence of
the strain rate sensitivity, with values ranging from ~0.004 for coarse grain copper to

~0.0072 for slightly more refined grains. Further investigations such as those by E. Ma
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[178] on UFG copper, and J. May [179] on UFG aluminum found that relatively large m
values of 0.03 and 0.014 respectively, could be obtained. As such, the low strain rate
sensitivity of the three UFG materials in this investigation is uncommon, though similar
values have been reported previously [180]. The low m values found here contribute to
the deformation behavior that will be discussed in the following section.

3.3.4 Plastic Deformation and Shear Band Formation

Looking at the behavior of the three materials after yielding, there is a clear
difference between the composite and alloy behavior, as well as the quasi-static and
dynamic behavior. The unreinforced alloy strain hardens under both quasi-static and
dynamic strain rates, while AI-B4C-1 is elastic-nearly perfectly plastic in the quasi-static
regime both AI-B4C-1 and Al-B4C-2 strain soften during dynamic loading. In regards to
the microstructure, the composites and alloy are very similar, as both are stabilized by
Zener pinning that results from by-products formed during cryomilling [94, 142, 151].
The difference between the composite and alloy behavior is therefore due to the addition
of boron carbide.

As strain softening is often a result of microstructural damage, the difference in
the plastic response of Al-B4C-1 between quasi-static and dynamic loading is
microcracking that occurs at the reinforcement-matrix interface. While this process
would occur at both quasi-static and dynamic strain rates in the composites, at dynamic
rates the addition of thermal effects results in overall strain softening. As seen in Fig. 3.5
(a), when thermal softening is not a factor due to low strain rates, any microstructural

damage leads to an almost steady state, perfectly plastic deformation.
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When considering ASB formation, low strain rate sensitivity, low strain hardening and
high thermal softening are all known to make materials more susceptible to the
development of ASBs [175]. Due to the strain hardening that occurs in the unreinforced
alloy as well the lack of microstructural damage, no ASBs are seen at either quasi-static
or dynamic strain rates. Conversely, the composite samples exhibited ASB formation
during dynamic loading due to the transient strain hardening and significant strain
softening that occurs. However the strain hardening, though limited, that occurs in the
composites at quasi-static strain rates along with the additional time for thermal diffusion
are sufficient to prevent the formation of ASBs. The formation of two conjugate ASBs
exhibited by Al-B4C -1 and -2 is in contrast to aluminum MMCs that consist of larger,
micron-sized reinforcements [157] where shear banding occurs, but is distributed
throughout the specimen. It has been shown previously that the introduction of
reinforcing particles can inhibit ASB development [169], though based on the
observation of these nanometric reinforced MMC:s, it appears that by reducing the
particle size to the nanoscale, ASB formation is no longer repressed.

The mechanical behavior of Al-B4C-1 under quasi-static loading is quite
interesting as it exhibited a strain to failure of over 15%, only slightly less than that
exhibited during dynamic loading. In comparison, a similar aluminum alloy reinforced
with micron-sized boron carbide and coarse-grained matrix material to aid in
deformation, was tested at the same quasi-static strain rate and sustained less than 5%
strain [157] before failure. Previous investigations have found impressive strain to failure
of up to ~25% in other aluminum based nanocomposites [86], however the composites

Al-B4C -1 and -2 do not contain any coarse-grained matrix material and did not require
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the further step of undergoing extrusion. The significant variation in strain-to-failure at
quasi-static strain rates indicates the importance of reinforcement size on the deformation
of these types of composite material.

A common phenomenon in ceramic reinforced composites is microcracking,
where small cracks form at the interface of the metal matrix and reinforcing material, and
it has previously been suggested [157] that this process is the source of the improved
strain-to-failure at dynamic strain rates. While no microcracks at the interface between
the matrix and B4C were observed in this investigation, enhanced plasticity at dynamic
strain rates was observed and it is an area that will receive further analysis.

In the interest of predicting the likelihood of adiabatic shear band formation, an analysis
in the form of that taken by Grady [129] was performed. In this treatment the shear band
is considered as a two-material system; the shear-band process zone which exists at the
front of the shear band and propagates along the shear plane, and the thermally-softened
material behind the process zone where the flow stress relaxes to zero and well-lubricated
shear slip occurs. This analysis is actually an analogy to mode II fracture, in which the
shear band nucleates and progresses with a finite growth rate and does not form along the
full shear plane simultaneously [132]. Such behavior is supported by post-loading surface
analysis of the composite samples as shown in Fig. 3.6 (b) and 3.6 (c). Shear localization
1s more concentrated at one end of the shear band, and the amount of deformation
decreases progressing along the band.

In order to make the model more accessible and quickly applied, a two-
dimensional approach is simplified to a one-dimensional analysis, but the time variation

of temperature and stress is retained. A specific model of thermoplastic shear
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deformation is used to calculate the dissipation within the shear-band process zone, and
while the key equations will be presented, a thorough analysis can be found in the
literature [128, 129]. In this model, it is assumed that the stress and dissipation rate only
differ from zero in the process zone, and that the shear band has a defined thickness
within which temperature and shear strain are constant. Linear thermal softening is

assumed, and takes the form:

r=1,(l-ab) 3.9

where & is a softening coefficient, 7, is the shear flow stress, taken as 57% of the

compressive yield stress following a von Mises yield criterion, and 0 is the temperature
excursion above ambient temperature. Solutions where the flow stress relaxes to zero due

to thermal softening are sought, when the material has surpassed a critical shear
displacement, ¥, . An implicit expression for the critical shear displacement can be

formed:

3
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The global shear strain rate is represented by j and the properties %, =21 /a* and

¢, =pcal? are the areal heat transfer and areal heat capacity, where ¢ and ¥ are the

bulk specific heat and thermal diffusivity coefficients. The critical displacement can be
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related to the plastic dissipation within the shear band through the relation I'.=1 We /2 ,

and for an optimum shear band thickness @, the shear band dissipation energy is:

1/4

pcl9 p3 o2 Z3

L= —(3—2 3.11
al ta’y

The shear band dissipation energy calculated in Eq. (3.11) based on one-dimensional

analysis, provides the shear band dissipation energy expended within the process zone

I'., =T, . A shear band toughness, approximating the susceptibility of a material to ASB

formation, can then be introduced with the relation K, =/2G,I', . The material

parameters and the resultant toughness values obtained are provided in Table 4. Based on
Eq. 3.11, it can be seen that increases in density, specific heat capacity, and thermal
diffusivity are stabilizing factors, while increases in flow stress result in a greater
susceptibility to ASB formation.

In order to determine the influence the B4C reinforcement had on the material parameters
of the composites, the rule of mixtures was used. Boron carbide has a slightly higher
specific heat capacity than Al 5083 at room temperature, and a somewhat lower density,

yielding little change to the calculated toughness. Even the low thermal conductivity of
17 (W / Km) compared to Al 5083°s 117 (W /K- m) has a small effect once the
volume fraction of boron carbide is taken into account. A thermal softening factor of

a=8x10" was chosen for the three materials based on those used by Grady [129] and

the increased microstructural stability imparted by secondary nanoscale particles. As a
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result, the largest factor contributing to the shear band toughness is the yield stress of the
material, which was highest in the composite materials. While the resultant shear band
toughness values are not significantly different, they do match the trend observed during
dynamic loading.

3.4 Summary and Concluding Remarks

The effects of boron carbide reinforcement on the microstructure, plastic
deformation and mechanical properties of a high strength aluminum alloy have been
investigated. The addition of B4C regardless of size (40 nm or 500 nm), has been found to
improve the yield strength of the metal matrix composites by 30% while also providing
stiffness improvement as compared to the unreinforced alloy. Results also suggest that
the further reduction of the reinforcement dimension from 500 nm to 40 nm produces a
composite with a higher yield strength. Models have been proposed to estimate the yield
strength based on material microstructural features and have been found to approximately
agree with the experimental results. Additionally, the improved strength and moderate
plasticity of the Al composites are exhibited at both quasi-static (1 x 10~ s™!) and
dynamic (4 x 10° s™) strain rates. This improved strain to failure at quasi-static strain
rates 1s a considerable improvement over aluminum alloys reinforced with micron-sized
B4C, though it does come at the cost of reduced yield strength.

In addition, the introduction of nanoscale boron carbide results in the
development of adiabatic shear banding under uniaxial high strain rate compression. This
behavior is not observed in the unreinforced alloy as its greater ability to strain harden,
and the increased time for thermal diffusion removes this deformation pathway. The

occurrence of adiabatic shear banding under dynamic loading can be rationalized from a
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mechanistic model that analogized the initiation and propagation of ASB to those of a
model II crack. A simple estimation indicates that the un-reinforced aluminum alloy
exhibits the highest ASB toughness. The ASB toughness of the reinforced materials is
reduced, making these materials more prone to ASB. Exhibiting excellent plasticity at
dynamic and quasi-static strain rates considering the UFG nature of the composites, and
demonstrating increased strength, these nano-reinforced MMCs are of great interest for

continued study.



CHAPTER 4: COMPRESSIVE BEHAVIOR OF AL 5083 COMPOSITES AT
ELEVATED TEMPERATURES
4.1 Introduction
Microstructural stability is an important parameter for any material being

considered for structural applications. It is of even greater importance if the part spends
part of its lifecycle at elevated temperatures. As mentioned in the Introduction, high
strength aluminum alloys and composites have found uses in both the aerospace and
automotive industries. In both cases elevated temperatures are frequently experienced
through frictional heating resulting from tooling contact or air friction. A particularly
important example of the later can be found in the development of the SR-71 Blackbird
[181]. Initial tests using aluminum alloys found that the frictional heating that occurred
above Mach 2 made the aluminum unstable, and Ti alloys were eventually used instead.
While [ am not proposing the materials at the focus of my dissertation work for use in
supersonic aircraft, the anecdote does stress the importance of characterizing the
performance of new materials over a wide range of temperatures.

Based on the work by Lloyd et al. [75] and others [182-184], the greatest
influence on the fracture mechanics of the Al MMC:s is due to the matrix. As the
aluminum matrix has a much lower melting temperature than the boron carbide
reinforcement, 660 °C compared to 2445 °C, and makes up 95% of the composite, this is
reasonable. However, the reinforcement can still affect the deformation of MMCs at

elevated temperatures even when the volume fraction of the reinforcement is quite low.
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Lloyd et al. looked at the influence of the volume fraction of Al,O3 at temperatures
between 100 °C and 300 °C for an Al 2014 alloy [75]. In their investigation, he found that
particle volume fraction played an important role in the fracture mechanics at elevated
temperature, and the existence of a transition temperature where the primary damage
mechanism changes from particle cracking to interparticle voiding, which is shown in
Fig. 4.1. In my study, dynamic compression tests were performed at elevated
temperatures of 100, 200, 300, and 400 °C on Al-B4C-1 and Al-B4C-2. The results of
those tests and an analysis of the role of the boron carbide reinforcement in the fracture

mechanics will be presented in this chapter.
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Figure 4.1: The transition of the primary damage mechanism from
particle cracking to interparticle voiding due to the reinforcement
volume fraction %. As the volume fraction increases, interparticle
void formation becomes more likely [75].
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4.2 Experimental Results
4.2.1 Elevated Temperature Compression Tests

The results from the dynamic compression tests performed at 100, 200, 300, and
400 °C on Al-B4C-1 and -2 are presented in the following section. The strain rates
imposed on the samples are similar to those used in the room temperature dynamic tests
that were previously covered. While the exact strain rate experienced by the specimen
differed somewhat from test to test, they were all on the order of 10 s! with an average
strain rate around 5.0 x 10° s!. At least three tests were conducted at each temperature
and representative results for the two composites along with the room temperature (RT)
behavior are shown in Fig. 4.2. As before, the point at which the true stress-true strain
curve ends is not indicative of sample failure but sample unloading.

First of all, it is readily apparent that a decrease in the yield strength occurs at
each progressively higher temperature. The exact amount of the decrease varies from
sample to sample, but overall both composites undergo a softening of about 200 MPa
from RT to 400 °C, with Al-B4C-1 dropping from a yield stress of ~900 MPa to ~700
MPa and Al-B4C-2 dropping from ~850 to 650 MPa using a 4% offset to allow for stress
equalization. Additionally, the softened microstructure allows for greater deformation as
the temperature increases, and while not true for every trial, a trend is established where
the amount of strain the specimen undergoes increases with increasing temperature.

The behavior of the composites after yielding produced some interesting results.
In the case of Al-B4C-1, with some exceptions, the strain softening that occurred after
yielding is consistent. Qualitatively this can be seen in Fig. 4.2a as each flow curve is

approximately equidistant from those above and below it. Comparing this to the behavior
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exhibited by Al-B4C-2 in Fig. 4.2b, it can be seen that the RT, 100 and 200 °C curves are
all very similar after yielding and almost overlap, and it is not until the tests at and above
300 °C that significant flow softening develops. In order to quantify the flow softening,
points along the curves were taken and a rough linear value was obtained for the flow
softening occurring in each composite at the various testing temperatures, the results are

provided in Table 4.1, and were plotted in Fig. 4.3 to aid in visualization.

Table 4.1: The approximate strain softening that occurs in the composite samples at
temperatures ranging from RT to 400 °C during dynamic loading. Al-B4C-1 exhibits
greater strain softening at all temperatures, with nearly equivalent strain softening after
the temperature is increased. Al-B4C-2 shows less strain softening until 300 °C at which
point it is approximately equivalent to AI-B4C-1.

Testing Temperature RT 100°C 200°C 300°C 400°C

do/de of Al-B4C-1 (MPa) -675 -841 -702 -932 -888
do/de of Al-B4C-2 (MPa) -437 -370 -382 -841 -677
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Figure 4.2: The elevated temperature dynamic response of Al-B4C-
1 (a) and Al-B4C-2 (b) from RT to 400 °C. Significant strain
softening is exhibited by both composites, though Al-B4C-2
underwent less strain softening at temperatures below 300 °C.
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Figure 4.3: Strain softening exhibited by Al-B4C-1 and Al-B4C-2 under dynamic
loading at room, and elevated temperatures. Al-B4C-1 undergoes significant strain
softening at all temperatures with a small increase in average softening at 300 °C.
Al-B4C-2 undergoes consistently lower strain softening until 300 °C when
softening increases dramatically, possibly indicating a critical softening
temperature.

It is now easy to see that the strain softening that occurs in Al-B4C-1 is more
consistent over the range of temperatures that tests were performed. Al-B4C-2 on the
other hand undergoes less flow softening until temperatures rise above 200 °C, or about
50% of aluminum’s homologous melting temperature. Eventually Al-B4C-2 begins to
undergo softening comparable to that exhibited by Al-B4C-1 though still slightly less
severe. A visual representation of this can be seen in Fig. 4.4 that presents flow curves
from both composites. In Fig. 4.4 the effect of the differences in flow softening can be
seen, as Al-B4C-1 yields at a higher stress than Al-B4C-2 and so a gap between the curves
exists at low strains, but by the time unloading occurs, the two composites have either

reached an equivalent stress or AI-B4C-1 has softened below that of its contemporary.



77

—— AI-B,C-1100C
—=— AI-B,C-1200C

Al-B,C-1300C
—=— AI-B,C-1400C

—e— AI-B,C-2100C
—e— AI-B,C-2 200C
—e— AI-B,C-2 300C

= —— AI-B,C-2400C
o

=

3 =4 6x10°s"
ah) E = ¥ X S
)

()

=

|—

0 I L 1 i | v I ¥ 1
0.0 0.1 0.2 0.3 0.4

True Strain

Figure 4.4: Representative flow curves for both composites comparing their response
to dynamic loads. The differences in flow softening identified earlier are more
pronounced here. In addition to strain softening, progressive flow softening as a result
of increased temperature is readily apparent.

4.2.2 Post-loading Surface Examination

Surface examinations were performed using an SEM to help characterize the
deformation that takes place during loading. As shown in Fig. 4.5 and 4.6, every Al-B4C-
1 specimen formed cracks during loading and as evidenced by many of the magnified
images, in the areas of highly localized shear along the ASB the sample experienced

temperatures great enough to cause the sample to melt (4.5b, 4.6b). Evidence of large
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shear localization is apparent in the magnified images in 4.5d, and 4.6d. In addition to the
primary shear bands that form, additional secondary cracks tend to form along the sides

of the bands, with their size dependent upon the number of microcracks that coalesced.
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Figure 4.5: SEM surface evaluations of Al-B4C-1 at 100 (a-b) and 200 °C (c-d) after
dynamic loading. Enlarged images of the highlighted areas in (a) and (b) are shown in
(b) and (d) respectively. The high temperatures that develop along the ASBs are severe
enough to cause melting as evidenced in (b), and the large strain localization and flow
lines are easily seen in (d).
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Figure. 4.6: Similar to the observations at lower temperatures, the SEM surface
analysis at 300 (a-b) and 400 °C (c-d) reveals that significant strain localization and
heating continues to occur.

The deformation exhibited by Al-B4C-2 was similar (Fig. 4.7 and 4.8), however
there were some marked differences. The cracks that formed were not as extensive or
numerous, and the specimen deformation was not as affected by the elevated
temperatures. Looking at the deformation of Al-B4C-2 at 300 °C shown in Fig. 4.8a-b,

very few cracks formed and no major shear bands developed.
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Figure 4.7: The post-loading SEM images of Al-B4C-2 at 100 (a-b) and 200 °C (c-d)
show that ASBs still form, though they are less pronounced than those in Al-B4C-1.
Additionally, the strain localization resulting in the formation of the ASBs is not
apparent on the specimen surface. The significant heating is still visible in the melted
matrix along the shear band as seen in (d).
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Figure. 4.8: The elevated temperature SEM analysis of Al-B4C-2 at 300 (a-b) and 400
°C (c-d) 1s shown here. While the 400 °C sample displays the greater softening and
cracking expected at higher temperatures, the 300 °C sample shown in (a-b) exhibits
very little cracking.

4.3 Discussion

In this section I will evaluate the compressive behavior of the aluminum
composites at elevated temperatures. Properties such as material strength and
deformation mechanism have been discussed in Chapter 3, and will not be repeated here.
Specifically the effect, if any, which the size of the reinforcement has on the dynamic

response of the MMCs will be discussed. The behavior observed during experimentation
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consisted of a decrease in material yield strength, increased strain softening, and
generally greater crack formation and plastic deformation. The evolution of
microstructural damage is intimately related to each of these behaviors, and as will be
shown, the size of the reinforcement likewise influences the development of
microstructural damage.

Damage in metal matrix composites is regarded as taking two main forms, either
particle cracking or void formation at the particle-matrix interface [182, 184-188]. The
influence of particle size on particle fracture, fracture toughness and void growth has
been studied [183, 189, 190], and it was found that particle size does not significantly
influence the onset of crack formation [188], while larger particles are at greater risk of
particle fracture and provide additional routes for material softening. Arsenault and Flom
were examining fracture toughness, and as such crack formation refers to a propagating
failure and not microcracks at the reinforcement interfaces. As particle cracking primarily
occurs under tensile loading, no particle cracking was observed in the post-loading
samples in this study. The findings of Arsenault and Flom [188] regarding the lack of
particle size effects on the onset of crack formation may seem to indicate a particle size
insensitivity, however the results of this investigation show that is not the case. The
experimental results show that Al-B4C-1 exhibited greater flow softening than Al-B4C-2,
and the flow softening reached a maximum value at 100 °C that then persisted. As the
only difference between the two composites from a material standpoint is the size of the
reinforcement, it must be playing a role in the different deformation behavior.

Before continuing the discussion of the observed behavior, it is important to

discuss certain fundamental concepts that will aid in the description of the composite
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behavior. The first concept to address is the condition for void nucleation, which has been
treated in two primary ways, with an energy-based criterion [191, 192] and with a critical
stress criterion [182, 189, 193] which will be the basis used in this investigation. The
critical stress which governs unstable cavitation growth is defined by Wu and Ramesh

[182, 189, 193] as:

O

2 ©
pc=§ Y+J.gymd8 4.1

where 0, is the yield stress, T, is the effective stress, and &, is the yield strain defined

as &, =0, / E _Itis important to note the absence of particle size in this treatment,

primarily because they were interested in modeling the growth of a void regardless of
origin. However, when considering the dynamic compression of these aluminum MMCs,
a supercritical loading condition where the applied stress exceeds the critical stress can be
assumed. In that case, it is accepted that voids will form and what is of interest is the rate
of void growth, and hence the rate of damage that occurs. Under supercritical conditions,

an equilibrium void growth rate is obtained [186]:

dc=\/2(p”pp—pc)/3p 42

where p™” is the applied stress and p, is the critical stress as defined in Eq. 4.1. What

can be seen from Eq. 4.2 is that under supercritical conditions, the initial void size does
not influence the rate of void growth. This is also represented in Fig. 4.9 [182] that shows

how the void growth rate quickly equalizes regardless of initial void size, with the
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exception of the 10 nm void which stops growing due to heat conduction. In my case, the

smallest void formed would result from 40 nm particles and therefore behave similar to

the 30 nm voids provided in Fig. 4.9.
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Figure 4.9: After a void is nucleated in a matrix material, the results from Wu and
Ramesh indicate that as long as the void is above a minimum size of 10 nm, it will
quickly grow to an equivalent void size with void growth equalizing [182].

So if the initial void size does not greatly influence void growth under dynamic

loading, what explains the difference in the flow softening between the twvo MMCs? The

answer lies in the loading volume fraction and the size of the reinforcements used. While

crack formation is not influenced by particle size, the number of voids formed at the

particle / matrix interface depends on the volume fraction of reinforcement particles and
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consequently the particle size. For a given volume fraction of reinforcement, each particle
will occupy a volume that scales with 7, so even though the radii of the two
reinforcements in this investigation only differ by an order of magnitude, the resultant
number of particles differs by three orders of magnitude. Correspondingly, there are a
much greater number of void nucleation sites in Al-B4C-1 compared to Al-B4C-2, and so
a greater rate of microstructural damage. What is intriguing is the saturation in the
number of voids formed that occurs in AI-B4C-1, as indicated by the nearly constant
strain softening exhibited from 100 °C to 400 °C (Table 4.1, Fig. 4.3). In contrast, Al-
B4C-2 follows a trend more consistent with other studies where the damage increases
with increasing temperature as shown in Fig. 4.10a and 4.10b [189]. When Al-B4C-2 is
tested above 200 °C, it exhibits a strain softening value similar to that of Al-B4C-1, and
there seems to be a maximum void formation/damage rate in these composites where
strain softening does not continue to increase with increasing temperature. The difference
in initial strain softening rates is likely due to the larger number of nucleation sites
available when the reinforcement size is reduced, and consequently Al-B4C-1 reaches
saturation much more rapidly. This is not a concept I have seen addressed directly in the
literature, and may be a topic for future study.

Additionally, while metals are known to lose significant strength above 0.4 Typ,
the significant increase in softening observed in Al-B4C-2 from 200 to 300 °C, and shown
in Fig. 4.3, indicates the existence of a critical temperature. Upon exceeding 0.5 Twp the
aluminum matrix has softened sufficiently such that void formation requires less energy

and the rate of void formation in Al-B4C-2 increases, quickly reaching “saturation.”
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Figure 4.10: The transition temperature where the primary fracture
mechanism switches from particle cracking to void nucleation (a).
While (b) demonstrates the flow softening and increased strain

softening that occurs at elevated temperatures of an aluminum MMC
[189].
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In terms of the plastic deformation demonstrated by the SEM surface analysis, the
plastic response of the composites was very similar to the RT behavior. Cracks formed
along the planes of maximum shear and shear localization was evident. However, the
width of the localization was greatly decreased, with shear strain apparent in only a very
limited area around the ASB. In some cases, the strain localization was barely evident at
all as shear instability promptly led to extensive crack formation. This behavior was
expected, as the softening of the matrix at elevated temperatures reduces the interface
strength and makes strain localization more likely.

4.4 Conclusion

Aluminum MMC:s reinforced with nanometric and half-micron boron carbide
underwent dynamic compression at temperatures ranging from 373 K to 673 K. The
composites exhibited a decrease in flow strength with increasing temperature consistent
with matrix-controlled softening. Commiserate with the decrease in flow strength, Al-
B4C-2 reinforced with half-micron boron carbide, underwent progressively larger strain
softening at higher temperatures, with maximum flow softening occurring at
temperatures above 473 K. In contrast, Al-B4C-1 reinforced with 50 nm boron carbide,
exhibited maximum strain softening at the first elevated temperature of 373 K, at which
point the rate of softening did not increase at higher temperatures. The softening of each
MMC seems to saturate to approximately the same rate and then plateau, and the cause
for this plateau may be an interesting area for future study.

The MMCs performed as expected of metals that are susceptible to thermal
softening, and pronounced cracks developed during loading at elevated temperature. The

number and severity of the cracks increased with increasing temperature, as the energy
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required for void formation at the particle-matrix interface was lowered. While these
MMCs have significant microstructural stability as a result of nitrides produced during
processing, and in the case of Al-B4C-1 additional nanometric reinforcement. The pinned
grain boundaries do not significantly affect the mechanical behavior at elevated
temperatures with a marked degradation in material performance evident with increasing

temperature.



CHAPTER 5: INFLUENCE OF REINFORCEMENT SIZE ON COMPOSITE
PERFORMANCE
5.1 Introduction

There are two main methods of improving composite performance, with changes
due to the material properties of the reinforcement. Or due to the effect the reinforcement
has on the matrix microstructure. An example of the former can be seen when
considering thermal conductivity improvements that result when carbon nanotubes
(CNT) are added to a metal matrix, and their unique properties assist in thermal transport
[20]. The latter mechanism can be observed in the development of dislocations that result
from CTE mismatches [33] between the matrix and reinforcement. In addition,
parameters such as reinforcement size and aspect ratio affect mechanical performance
[83, 168, 194].

In the previous chapters, the mechanical properties and plastic response of boron
carbide reinforced Al MMCs have been presented. In the course of those discussions, the
influence of the reinforcement has been mentioned. However, in this chapter I will
provide an in-depth analysis of the role reinforcement size and morphology play on the
mechanical properties and plastic response of metal matrix composites. Theoretical
models outlining the role of reinforcement size will be provided for each property. The
section on mechanical properties will cover how reinforcement morphology influences

material strength, elastic modulus and fatigue behavior while the section following it will
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cover the impact of reinforcement size on ductility / fracture and the development of
shear bands.
5.2 Size Effects in Mechanical Properties

The role of reinforcement size in the resultant strength of composites was briefly
covered in Chapter 3. While the mathematical models were provided in detail, the
underlying mechanisms were left for this chapter. In order to make the analysis more
convenient, the final forms of the strengthening model equations will be duplicated here.
The strengthening mechanisms due to reinforcement are Orowan, isotropic and kinematic
strain gradient contributions, and coefficient of thermal expansion mismatch [77, 92, 105,

107] represented by Equations 5.1-5.3 respectively.

1.25G, b ln(% )

Ao, = = 5.1
N IRV )
8V &
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A condensed version of the strain gradient equations were used to produce Eq. 5.2. It may
seem odd that the CTE mismatch is provided here as a strengthening mechanism while it

was excluded from Chapter 3. The microstructural basis behind the strengthening
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mechanisms, and the reason for the exclusion of CTE strengthening in these aluminum

MMCs will now be discussed.

In discontinuously reinforced MMCs the microstructure consists of a

comparatively soft metal matrix and hard reinforcement particles. When stress is applied

to the material, defects in the form of dislocations move through the matrix along slip

planes. If an impenetrable particle lies along the slip plane, then the dislocation must bow

around it, as it cannot shear through it. This dislocation bowing takes additional stress,

which is what produces the strengthening aspect of Orowan strengthening. The

mechanism that takes place as a dislocation bows around an impenetrable particle is

shown in Fig. 5.1 [43].
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Figure 5.1: A schematic for the process of dislocation bowing and the generation of
dislocation loops around small impenetrable particles in a ductile matrix [43].
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The stress required to cause this bowing can be estimated through some simple equations
and knowledge of the relevant material properties. The energy of a dislocation is

generally taken as [43]:

54

Then, with the assumption that the line tension of a dislocation is equivalent to a bowed
dislocation, this can be related to the distance separating two hard particles, that pin the

dislocations, R:

2
F= 31192 5.5

The Peach-Koehler equation is used to relate the force applied to a dislocation to a stress,
and it takes the form of F =7b. Using this relation, and Eq. 5.5, a simple form of the

Orowan stress can be determined:

Gb
2R

To get the Orowan strengthening formula used in Eq. 5.1, a modification by Ashby was
used that takes into account the particle radius. A TEM image courtesy of Meyers’s
Mechanical Behavior of Materials showing the activation of dislocation bowing is shown

in Fig. 5.2 at locations labeled B.
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Figure 5.2: A TEM micrograph demonstrating examples of dislocation bowing in an
alloy with in-situ particles. Areas labeled A show dislocations interacting with the
particles while B shows the formation of dislocation loops [43].

As can be seen in Fig. 5.2, the particles that cause dislocation bowing are quite
small. Not only must the dislocations be able to bow around the particle, there is an
additional requirement in that the hard particle must lie within the matrix grains.
Reinforcement particles are frequently found at the matrix grain boundaries where it
would be unable to interact with mobile dislocations. As a result, Orowan strengthening
is often considered in the form of in-situ precipitates that form as a result of heat
treatment or other processing techniques [94, 105, 148]. However, when the
reinforcement size is small, such as in the case of AI-B4C-1 composite, the reinforcement

may also reside within the grain structure, further contributing to Orowan strengthening
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mechanisms. From Eq. 5.1 it can be seen that for a given volume fraction, decreasing the
particle size results in an increase in the resultant strengthening which is due to a smaller
interparticle spacing.

The next two strengthening mechanisms to be discussed are both a result of
dislocations that form due to strains at the matrix-reinforcement interface. Again, these
dislocations are activated by deformation of the plastic matrix. However instead of the
need for additional stress to move dislocations around small particles, the strengthening is
a result of dislocations that become stored at the reinforcement interface [77, 107] and
can interfere with other mobile dislocations, resulting in work hardening. The
dislocations are stored at the interface to accommodate the difference in the elastic
modulus between the two constituents [106]. Since the dislocations are a result of
geometric incompatibilities that result from differences in deformation, they are known as
geometrically necessary dislocations (GND). A schematic of GNDs forming at a

reinforcement interface is shown in Fig. 5.3 [106].

Figure 5.3: A simple schema for the generation of geometrically necessary dislocations
at the matrix/particle interface [106].
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The dislocation density, and the size dependence, as shown in Eq. 5.2 can be reached
through some simple relationships. Since the dislocations that are formed are a result of
strain gradients, the population of dislocations will increase proportionally with
increasing strain. Additionally, as they form at the particle-matrix interface, the number
of dislocations will increase proportionally with particle volume fraction. Taking the
reinforcement size into account is also relatively straightforward as decreasing the
particle size for a given volume fraction increases the number of interfaces where elastic
strain gradients would form.

CTE strengthening is very similar to that of elastic strain-GND strengthening,
however the cause of dislocation formation arises not from differences in how the
materials respond to strain, but differences in how they respond to thermal changes.
Recalling the powder processing route for these composites I discussed in Chapter 2, the
composite constituents undergo cryomilling at liquid nitrogen temperatures, before
undergoing consolidation at 400 °C and then cooling to room temperature. Due to the
high temperature of consolidation, any thermal mismatch dislocations and strains from
cryomilling would be relaxed, while those that develop during cooling from 400 °C
would become stored. This is the mechanism behind the development of CTE-based
dislocations, and while the exact mathematical model is different, comparing Eq. 5.2 and
5.3, there are many similarities.

The interesting aspect is why CTE strengthening does not play a role in the
observed composite strengthening of these aluminum MMCs. The answer, as is
frequently the case, lies within the microstructure. An investigation by Vogt et al. [166]

found that the dislocations actually are being formed at the interface, but they are
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confined. They found that around the boron carbide reinforcement, was a layer around
100 — 200 nm thick consisting of small matrix grains, ~40 nm in diameter. Outside of this
interface layer, the matrix grains were larger and mostly dislocation free, while inside the
layer the small grains had high dislocation densities. In order to determine if they were
dislocations formed from elastic strain gradients, they put multiple samples through
anneals to relax residual strains and found the dislocations were still there. What appears
to be happening is that CTE mismatch dislocations are forming, but they are stopped
from spreading further into the metal matrix by the large number of grain boundaries
presented by the nanocrystalline grains in the interface layer. Prevented from interacting
with the specimen at large, the dislocations are unable to contribute to work hardening or
yield strength improvements of the composite. This was verified by performing multiple
quenches with varying temperature differentials, which if the CTE mechanism was
affecting the specimen at large, would result in different yield strengths. As shown in Fig.
5.4, the yield strength of the composite did not change when varying the quenching
temperature. With the findings of Vogt et al. and those by Arsenault [195] that indicate
CTE mismatch does not play a role when reinforcements are under 100 nm, it was
determined to exclude CTE strengthening from the mechanisms involved in the

aluminum MMCs in my study.
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Figure 5.4: A diagram for a particle residing in a metal matrix (a) and the dislocations
that form around the inclusion (b) leading to a punch out structure. Also shown are the
experimental results for the yield strength of aluminum composites with varying
quench differentials. The different quenching temperatures should lead to differences
in yield strength, but an absence of CTE mismatch hardening is observed instead

[166].

Reinforcement materials are frequently used because of the large improvements to

material stiffness that they can impart. An improved elastic modulus is significant in

airspace frames, and glass fiber reinforced epoxy composites have become widely used.

This improved stiffness extends to metal matrix composites as well; however the extent
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of elastic modulus improvement is not meaningfully influenced by reinforcement size.
Instead, the change in Young’s modulus is almost entirely a result of reinforcement
volume fraction, with some influence resulting from reinforcement morphology. A model
from Ravichandran characterizes the relationship between the reinforcement volume

fraction and the resultant change in composite stiffness [196]:

CE E +E)(1+c) —E2+E E,
, (I+¢) ,
(cEp+Em)(1+c)2

E =

c

5.8

where c is a non-dimensional quantity describing the unit cell, while £, and E, are the

elastic moduli of the matrix and particle respectively. I have decided to include the elastic
modulus in this chapter despite its size independence, as the elastic modulus and the
reinforcement size both influence the fatigue behavior of composites.

The fatigue behavior of materials is an important characteristic for many
structural applications. Considering the impressive mechanical properties of MMC:s, it is
not surprising that the fatigue behavior of aluminum and magnesium discontinuously
reinforced MMCs has been well studied. Studies by Chawla [168], Vaidya [197], Ding
[198], and Hall [199] all found the same relations between reinforcement particle size,
volume fraction of reinforcement and fatigue behavior. As the particle size decreases, and
as the volume fraction of the reinforcement increases, the fatigue performance improves.
The relation can be easily seen in Figure 5.5 from Hall, showing the results of tests

performed on aluminum 2124 reinforced with SiC particles.
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Similar results were found by Vaidya [197] in his investigation on magnesium
reinforced with SiC particles. However, his analysis went further, using not only S-N
fatigue behavior, but also elastic strain amplitude, which is the stress amplitude
normalized by the elastic modulus. When normalized by the elastic modulus, the
composites no longer exhibit improved fatigue behavior as compared to the monolithic
magnesium alloy (Fig. 5.6). The improved fatigue properties of composites are therefore
directly related to the elastic modulus improvement imparted by the reinforcing material.
Referring back to Eq. 5.8, the dependence of fatigue behavior on the volume fraction of
reinforcing material corresponds to the volume fraction dependence of the elastic
modulus improvement. Somewhat less clear is the relationship between fatigue behavior

and reinforcement size.
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The answer lies in the microstructural damage that occurs during fatigue cycle
loading and the effect of reinforcement size on the critical condition resulting in unstable
fatigue crack propagation [198]. The damage that is done to the microstructure is
primarily a result of the formation of fatigue cracks and their progression through the
specimen. Most investigations report that the fatigue crack growth is independent of
particle size [81, 200, 201], while both the threshold for fatigue crack growth and the
fatigue strength are influenced by particle size. An exception to this generally accepted
relation is given by Arsenault and Flom who found that propagation fracture toughness
increases with larger reinforcement size. Their explanation was that when the particle
size 1s larger there is greater interparticle spacing, which allows for more plastic
deformation to be accommodated by the matrix [195]. Some great work in this area has
been done by Allison and Jones [200] including findings that powder metallurgy

composite fatigue shows improvements over ingot metallurgy techniques.
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A model to determine composite fatigue strength and the development of fatigue
damage has been developed by Ding and Biermann [198]. The model accurately reflects
experimental trends and the influence of reinforcement size and volume fraction on
fatigue behavior. In this model, the progression of fatigue cracks in the microstructure is
represented by a fatigue-damaged region. It is assumed that the growth of this region

follows Paris’ law [198], relating the stress intensity factor AK to the crack growth rate:

5—]‘\1] =K(a)=AAK" = A(YAc /2)" a"? 5.9

da . . .
In Eq. 5.9, ﬁ is the growth of the fatigue-damaged region per cycle, A and n are

material constants, Y is a geometric correction factor for the crack, a is the size of the
fatigue-damaged area, and Ao /2 is the cyclic stress amplitude. Using a method from
Hahn and Rosenfield [202], the fatigue fracture toughness can be calculated by the

following failure criterion:

K, =(20,ExCTOD)"” 5.10

where o is the matrix yield strength, and the crack tip opening displacement (CTOD),

ys
represents a region of large deformation. In the analysis presented here, the CTOD is
replaced with the length of the matrix between particles that have decohered near the

crack-tip, meaning that Eq. 5.10 can be modified to:
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2
K, =[20,E(x/6)%d, | f,~" 5.11

In Eq. 5.11, d,, is the particle size and f, is the particle volume fraction, while E is the

Young’s modulus of the matrix. Then, the critical condition where a fatigue crack will

propagate unstably is given by rearranging Paris’ law (Eq. 5.9) to give:

5.12

K, T _20,E(x/6)"d,
YAG/2)  (YAc/2) f)

a(Aoc/2)= [
So from Eq. 5.12 we can see the influence of both the reinforcement particle size and the
volume fraction of the reinforcement on the final stages of fatigue crack growth.
Decreasing the reinforcement size and increasing the particle volume fraction, with
particle size as the dominant factor, can delay unstable crack growth. Due to the involved
nature of its derivation, the full model for the fatigue strength will not be presented
though it is available in [198], however, a comparison of the model to experimental data
is provided in Figure 5.7. While there have been many studies regarding the influence of
reinforcement size on mechanical properties, there is a significant lack of studies of that
nature for reinforcements in the nanoscale. Such a study would be of significant value as

MMCs with nanometric reinforcement become more easily available.
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Figure 5.7: Comparison of the model from Ding [198] to experimental results, trying
to understand and predict the size effect of the reinforcement on fatigue performance.

5.3 Influence of Reinforcement Size on Plastic Response

In UFG metals the plastic response is primarily determined by how much plastic
strain the matrix can accommodate. When grains are more refined there are a greater
number of grain boundaries, which act as barriers to dislocation movement, as well as
sinks for dislocations. However, the rapid generation and annihilation of dislocations
means that little strain hardening can occur and as a result the Considere criterion is
fulfilled rapidly and strain localization occurs shortly after yielding and plastic

deformation quickly results in failure. Improvements can therefore be made by
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introducing larger grains into the microstructure to aid in deformation, other methods
such as low temperature deformation can also help [203].

In discontinuously reinforced composites however, plastic response and the onset
of failure is only determined by the microstructural damage incurred by the reinforcement
[188]. The matrix composition will of course influence the resultant performance of the
composite, however if the matrix is taken as a constant, the parameter of interest is the
rate of microstructural damage. This damage takes three primary forms, nucleation of
voids at the matrix-particle interface such as that discussed in Chapter 4 and the previous
section, particle cracking [183] and clustering effects [35]. Since clustering is largely
volume fraction sensitive and not particle size sensitive it is being left out of this
discussion, especially as the volume fraction of reinforcement was constant in both Al-
B4C-1 and Al-B4C-2. Additionally, as the effect of particle size on void nucleation was
discussed in the previous section, I will focus on the influence of reinforcement size on
particle cracking. Ceramic particle cracking can be considered to occur when the Griffith

criterion is exceeded [77]:

o’ =K/Jd 5.13

In Eq. 5.13 K is related to the fracture toughness of the particle as well as some geometric
considerations, and ¢ is the stress required to crack the particle. What is readily
apparent from Eq. 5.13 is that as the particle size decreases, a greater stress is required to
cause particle cracking. This is beneficial to composite performance as particle cracking
leads to a decrease in composite yield strength and additional sites for fracture initiation

[183]. As pointed out by Nan and Clarke [77], when the flow strength is reduced, this
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leads to the Consideére criterion being fulfilled at a lower strain and earlier strain
instability. Fig. 5.8a shows the increase of particle cracking with increasing particle size
as well as the earlier onset of plastic instability. While the difference in strain localization
in Fig. 5.8b is depicted as due to the volume fraction of reinforcement, the cause of the
change is the increased particle cracking that occurs at greater volume fractions and

larger particle sizes.
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number of sites for void nucleation or particle cracking [77].
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While particle cracking is a common damage mechanism in discontinuously
reinforced composites, it is primarily active under tensile loading. As the MMC:s studied
in this dissertation have not yet undergone tensile testing, it is unclear if the order of
magnitude size difference between the reinforcements would lead to a difference in

global particle fracture. Considering the values of K used in Nan and Clarke for SiC and
Si in heat-treated aluminum matrices, of 2.4 MP G\M and 2.8 MPCI\/E , a modest

estimate for B4C in an UFG matrix could be around 3 MPa\/Z . Using a K of 3 in Eq.
5.13 along with the particle sizes used in Al-B4C-1 and -2, fracture stresses of 15 GPa
and ~4.3 GPa are obtained. Matrix yielding would occur well before tensile loads on the
particle reinforcement could reach the stresses necessary for particle cracking. This
would need to be experimentally verified, but following the Griffith’s criterion, particles

under 1 pm would be unexpected to fracture, unless their K was low as a result of poor

toughness or geometrical complications. This means that the most important mechanism
in the evolution of microstructural damage in these MMCs comes from the nucleation of
voids or micro-cracks at the particle-matrix interface. Not only can these micro-cracks
coalesce leading to fracture, they also assist in the formation of plastic instabilities in the
form of ASBs.

ASB formation is the result when a plastic instability forms and propagates
through a material. Consequently, ASB formation is primarily dependent upon the
material properties of the matrix material in a composite. As covered in Chapter 3, factors
such as strain hardening, thermal softening and specific heat capacity all affect the
susceptibility of a material to ASB formation with strain hardening assisting in

retardation of ASB formation while high thermal softening and low specific heat capacity
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increase the likelihood of formation [204]. The material properties of the reinforcement
are therefore less important to ASB formation than how the reinforcement affects the
matrix.

In an attempt to quantify how the size of the reinforcement affects the propensity
of a DR MMC to form ASB, Yilong Bai et al. [205] developed a strain gradient-
dependent shear instability criterion. The strain gradient constitutive equation takes the

form:

o, =0, (+In) 5.14

where 0, and o,, are the yield strength of the composite and matrix respectively, v is a

dimensionless constant, and [ = 3a’b(G, / 5, is a material length with a as a

dimensionless parameter. 77 is the effective strain gradient (Fleck 1997):

n= \/ CMacM e T CoMlac M + G i 5.15

where ¢,,¢,,¢; are the effective strain gradients and 77, are the incompressible third rank

strain gradient tensors. The effective strain gradient is a measure of the number of
geometrically necessary dislocations for compatible deformation with dissimilar

materials. The three constants are given by:
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In Eq. 5.16 [ is on the order of unity and f, and d, are the volume fraction and size of

the reinforcement respectively. As can be seen from Eq. 5.16, decreasing the particle size
and increasing the volume fraction will increase the strain gradient. When the strain
gradient increases, the flow stress of the composite increases and additional plastic work
is dissipated resulting in greater heat and thermal softening [205]. Experimental evidence
in the literature supports this analysis [169, 206]. In the aluminum MMCs studied in this
dissertation, there is not a clear difference in the propensity for ASB formation. Since

both reinforcements are under 1 um and the literature shows that when the
reinforcement is under 3 um [175, 205] (Fig. 5.9), ASB formation is able to proceed,

any difference may be too small to observe experimentally.
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Figure 5.9: Post-loading micrographs depicting the dependence of shear band
formation on the size of the reinforcing particles. When the particles are larger they
“get in the way” and impede the formation of ASB. However, once the reinforcement
is small enough ASB formation can proceed (a) [205].
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5.4 Conclusion

In this chapter, the influence of the reinforcement size on various mechanical
properties has been examined. Reinforcement size has a considerable impact on
composite strength with improvements stemming from elastic modulus mismatch and the
generation of GNDs, and when the reinforcement is small enough as is the case in Al-
B4C-1, Orowan strengthening can also play a role. While the particle size does not
change the elastic modulus, it does influence the fatigue behavior of composites. It was
found that by decreasing the size of the reinforcement gains could be made in the fatigue
strength and fatigue life.

The matrix primarily determines the plastic response of a MMC, and as such
reinforcement size effects only affect behavior by how they change the matrix
microstructure. For instance, larger particles are more prone to cracking under tension
which decreases fracture toughness and makes plastic instability more likely. However,
as shown in Chapter 4, when the reinforcement size is decreased it also greatly increases
the number of sites available for void nucleation. Adiabatic shear band formation is
likewise promoted when the particle size is reduced. With the exception of particle
cracking and fatigue performance which have not yet been investigated, the experimental
work performed in this investigation has been in agreement with the literature and the

theoretical models proposed.



CHAPTER 6: SUMMARY

As the aluminum industry has expanded and aluminum alloys and composites
have become more widespread, the development of new materials for demanding
applications has flourished. However, in order for them to be implemented, they must be
fully characterized so that their behavior is understood and predictable. The impetus of
this dissertation was to investigate the microstructure and mechanical performance of a
novel, nanostructured aluminum MMC and the influence of the reinforcement size on its
behavior. The MMC under investigation consisted of a cryomilled Al 5083 matrix
reinforced with 5 vol.% boron carbide with an approximate diameter of either 50 nm or
500 nm.

The microstructural characterization that was performed determined that the UFG
matrix formed during cryomilling persisted through subsequent consolidation. Nitrides
that formed during cryomilling along with the nanometric boron carbide acted as pinning
sites at grain boundaries. The dynamic compression tests performed with the Kolsky bar
system revealed that the addition of boron carbide resulted in a significant improvement
to the yield stress, with a 30% improvement over the unreinforced alloy. In addition to
providing increased thermal stability, the nitrides and reinforcement produced increased
material strength in the form of Orowan strengthening. This mechanism resulted in the

Al-B4C-1 having a slightly higher strength than Al-B4C-2 while producing more sites for
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void nucleation resulting in more severe strain softening. Nanoindentation hardness tests
confirmed the yield strengths found during dynamic testing, and strain rate jump tests
found the increased sensitivity common to UFG aluminum was also present. However, it
was also found that when extended to high strain rates, the SRS was less pronounced.

Post-loading analysis of the specimens found that the composites formed
adiabatic shear bands after undergoing dynamic compression, while ASB were not
formed during quasi-static loading. The unreinforced alloy did not form ASB at either
quasi-static or dynamic strain rates, but did exhibit inhomogeneous deformation at high
strain rates. The formation of ASB in the composites is consistent with the ASB
toughness model proposed by Grady, as the higher yield stress of the composites would
make them more susceptible than the alloy. In addition, the numerous nucleation sites
provided by the reinforcement make strain localization much more likely.

Finally, elevated temperature dynamic compression experiments were performed
on the composite samples to determine their high temperature performance. The
composites maintained moderately high strength and stiffness even at 673 K, but the
severe strain softening they exhibited indicates that any plastic deformation will rapidly
deteriorate the mechanical behavior. Comparing the response of the two composites, it
was found that Al-B4C-1 exhibited greater flow softening than Al-B4C-2 at all
temperatures, though at 573 K and above, the rate of strain softening was approximately
equivalent.

The findings of this investigation can be summarized as follows:

e A novel nanostructured MMC tested at both quasi-static and dynamic strain rates

and was found to exhibit impressive strength compared to the unreinforced alloy.
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e Strain rate sensitivity was found to increase with decreasing grain size at quasi-
static strain rates, while SRS was reduced at high strain rates.

e FElevated temperature compression tests determined that while the microstructure
has good thermal stability, the composites undergo significant strain softening at
elevated temperatures.

e The size of the reinforcement played a role in many mechanical behaviors, with
decreased particle size linked to increased strength, significantly improved plastic

response at quasi-static strain rates, and a higher strain softening rate.

The composites studied in the course of this investigation exhibit improved mechanical
properties as a result of their processing and reduced reinforcement size. While there are
still many forms of characterization required before they could be considered for

commercial applications, what has been revealed so far has been promising.



CHAPTER 7: FUTURE WORK

While many areas have been characterized in the course of my dissertation, there
are still aspects that require additional investigation, and some of those are summarized in
this chapter.

Although compressive tests have been performed at both quasi-static and dynamic
strain rates, the tensile behavior of the composites has yet to be studied. At present this
has not been performed as the samples are of very small dimensions, and we do not
possess a micro-tensile testing setup. However, valuable information would be obtained
from tensile tests such as differences in deformation and if the prediction that particle
cracking would not occur due to their small size proves correct. This is a core
characterization technique and one of the most important areas for future study.

Aluminum 5083, and aluminum alloys in general are known for their low
temperature performance. Now that the elevated temperature response of these
composites has been studied it would be beneficial to test their cryogenic temperature
properties. Due to the reinforcement particles, it is possible that the composites would no
longer perform as well at cryogenic temperatures, instead suffering from early fracture as

a result of void nucleation and coalescence.
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