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ABSTRACT

PAVITRA KRISHNAN. Effect of confined rolling on structure-property relationships of
Mg-Al based alloys
(Under the direction of Dr. QIUMING WEI)

High performance, light weight alloys are need-of-the particularly in the defense,
automotive and aerospace sectors. Magnesium is a prime candidate since it is the lightest
structural metal having a mass density of 1.74g/cm?® and is the sixth most abundant element
in the Earth’s crust. But, as a metal with a Hexagonal close packed (HCP) crystal structure,
it exhibits poor formability, yield asymmetry, edge cracking in rolling, and low ductility at
room temperature. Activation of non-basal slip planes, suppression of twinning, and
promotion of recrystallization mechanisms leading to texture randomization have been a
few key strategies incorporated during alloy design to achieve better properties. In this
study, the effect of thermo-mechanical processing i.e., confined rolling on three Mg-Al
alloys namely AZ31B, Mg-6%Al and Mg-9%Al was analyzed. Extensive microstructural
analysis using advanced electron microscopy techniques revealed the occurrence of either
partial (in case of Mg-9%Al) or complete dynamic recrystallization which in turn refined
the grain size, improved both strength and ductility under compression and randomized
texture. Correlation of rolling temperature, strain rate, %Al content with texture, twinning,
recrystallization kinetics, deformation mechanisms, precipitation kinetics and morphology
have shed light on creating the best processing route for each of these alloys to achieve

optimal microstructure and improved compressive mechanical behavior.
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CHAPTER 1: INTRODUCTION
High performance, light weight alloys are required particularly in the automotive,
aerospace, and sports industries. A lot of effort has gone into developing strong and
light-weight alloys in the materials research community. Magnesium (Mg) becomes a
prime candidate since it is the sixth most abundant element in the Earth’s crust and
lightest structural metal with a mass density of 1.74 g/cm?® giving it high specific
strength. This chapter discusses about the history and development, physical
metallurgy, deformation, recrystallization and precipitation mechanisms of
magnesium and its alloys. Towards the end of this chapter, the scope and objectives
of this dissertation will be discussed.
1.1 History and development of magnesium alloys

Magnesium is a unique structural element which can be extracted from the
hydrosphere (ocean) or the lithosphere (Earth’s crust). Humphrey Davy, in 1808, first
produced magnesium amalgam by electrolyzing magnesium sulphate on a Mercury
cathode from which magnesium metal was distilled. Later, in 1828, Bussy produced
small globules of magnesium by reducing magnesium chloride with potassium metal.
It was a German scientist, named Robert W. Bunsen who demonstrated commercial
production of magnesium through electrolysis by dehydrating magnesium chloride in
a KCl bath in 1852. Commercial production on a larger scale was started in 1886 about
the same time as the beginnings of Hall-Heroult cell process for aluminum. Molten
carnallite electrolysis which is still used for its production till date was initiated by
Aluminum and Magnesium Fabrik, Germany in 1886 and further developed by I.G.

Farben in the twentieth century [1, 2].



WWII brought the silico-thermic reduction of magnesium oxide to the forefront. At

rd
that time, production of magnesium was almost § of that of aluminum worldwide

after which the demand for it took a precipitous drop due to stringent performance
requirements. Advanced steels and age hardenable aluminum alloys took precedence
over magnesium alloys in a variety of applications. Due to the ever-increasing need
for light weight structures, magnesium alloys became the focus of renewed research
since the 1990s. Initially, research was channeled towards alloy design and
development with alloying elements ranging from aluminum to more recently, rare
earth (RE) elements. In parallel, efforts have turned to novel processing methods such
as equal channel angular extrusion (ECAE), accumulative roll bonding (ARB), high
pressure torsion (HPT) etc.[2].

Although there is an appreciable interest in the use of magnesium alloys in the
automobile industry (~10-15% increase in usage per year over the past 15 years), the
percentage of use in a vehicle (for example, a passenger vehicle) seems to only be
around 3%. Some magnesium alloys have managed to find use in structural
applications, but their use in ballistic applications has not yet been easily accepted.
Hence, much scientific effort has been directed towards understanding the role of
deformation mechanisms, alloying elements, fabrication processes and heat treatment
for achieving optimal mechanical properties suitable for certain applications. In these
upcoming sub-sections, all the above research aspects that were studied and discussed

in literature by the materials community will be discussed.



1.2 Physical metallurgy of magnesium

1.2.1 Crystal structure

Magnesium has a hexagonal close packed (HCP) crystal structure with a c/a ratio of
1.62354 and a small stacking fault energy (SFE), for example, 36 ergs/cm? for the
basal plane. Due to the low SFE of magnesium, activation energies of climb and cross-
slip of dislocations [1, 2] are high. Also, having a lower SFE leads to a broader
dislocation core width and restricted ease of dislocation motion thereby favoring
twinning deformation. Thus, any attempt to impart ductility to magnesium through
alloying or thermo-mechanical processing must involve an understanding of SFE and
dislocation core properties. Having an HCP crystal structure, Mg doesn’t meet the
von-Mises criterion at room temperature. That is, it lacks at least five independent slip
systems required for plastic deformation for uniform plasticity for polycrystalline
aggregates, hence giving rise to mechanical anisotropy and preferred texture.
Additionally, its low symmetry hinders plastic compatibility thereby inhibiting slip
across the grain boundaries. A detailed explanation of various slip systems,
deformation mechanisms and the reasons for lack of isotropy of magnesium alloys is
provided in the upcoming sections [3].

There are six slip systems available in HCP metals : basal {0001} <1120>, <a>
{1010}<1120>, <a>{1011} <1120>, <c+a> {1122} <1123>, <c> {1010}<0001>
and <c> {1120}<0001> as shown in fig. 1.1. The predominant slip mechanism during
room temperature (RT) deformation is the basal slip. However, it provides only two

independent slip systems which are insufficient for uniform plastic deformation of

polycrystalline metals. Non-basal slip systems such as prismatic or pyramidal slips



either get activated at elevated temperatures or at higher stresses [4, 5]. For example,
ECAE processed AZ31B samples have shown tremendous room temperature ductility
(~45% [6, 7] and even 55% [7, 8]) in specific orientations but exhibit much lower
ductility in other directions due to its mechanical anisotropy.

Besides deformation by slip, HCP metals also deform by deformation twinning. The
relatively large interatomic distances in the magnesium lattice and the low Peierls

stress between the slip planes and larger Burgers vectors facilitate twinning.

(0oo1) {10-10} {10-11} {11-22}
Basal Slip Prismatic Slip First_—Order‘ Secon;l—Orde_r
Pyramidal Ship Pyramidal Slip

b

<1011>I b=<11-26>/3 b=<10-12> b =<11-23>/3

{10-12} {11-21} {10-11} {11-22}
Tension Twin (TT1)  Tension Twin (TT2) Compression Twin (CT;) Compression Twin (CTz)

Figure 1.1: Schematic of the HCP unit cell showing all possible slip and twin
systems [10].

The following twin modes {1011}, {1012}, {1013}, {1014}, {1015}, {3034},
{1121} and {1124} can operate in magnesium alloys [9, 10]. However, formation and
growth of the commonly observed {1011} extension twins lead to an extension along
the c-axis and {1011}, {1013} and {1014} twins cause contraction along c-axis and
hence, referred to as contraction twins. Also, secondary twin nucleation within the

primary twin lamella can also accommodate large strains during deformation and is

referred to as double-twinning.



There is no clarity in literature to see if twinning is detrimental or beneficial to the
mechanical behavior of HCP alloys. Some researchers claim that twinning
deformation is unfavorable since twin boundaries act as a barrier to slip movement in
the grain structure and limit their ductility. They also suggest that twinning causes
rotation of basal poles towards the loading direction resulting in rapid hardening and
nonlinear mechanical response of materials [11-13]. However, few other researchers
claim that mechanical twins can also result in improved mechanical properties due to
grain refinement due to twin lamellae subdividing grains [13]. Table 1.1 represents the
critical resolved shear stress, i.e., the component of shear stress required to initiate slip
in that direction (CRSS) of various deformation modes of pure magnesium and
magnesium alloys [14].

Table 1.1: CRSS values of basal and non-basal slip systems of Mg-Al based alloys

[14]
Metals Conditions CRSSpasat  CRSSiwin  CRSSprism CRSSiwin/  CRSSprism/
(Mpa) (Mpa) (Mpa) CRSSpuawt  CRSSpacal
Mg SC 0.81% 0.76" 2" 39.2¢ 25-44 48 -87
0.45% 0.65%;
0.52¢
Mg 0.5 at. pct Zn  SC 2.7-2.8"
AZ3IB PC, VPSC, XRD 45! 15 10’ 0.33' 24
AZ3IB PC. EPSC, ND 10 30 55 ¥y 5.8
AZ3IB PC, Taylor, XRD * 1-2.4*
AZ31B PC, TEM L
AZ3IB PC, ND, Schmid factor 25-35™
AZ61 PC, XRD 152"
Mg 7.7 at. pet Al PC, ND 65-75°

SC, single crystal; PC, polycrystal; XRD, X-ray diffraction; ND, neutron diffraction; VPSC, visco-plastic self-
consistent model: EPSC, elasto-plastic self-consistent model: Taylor, Taylor model.

1.2.2 Effect of alloying
Several studies have indicated the effect of alloying elements either as micro or macro

quantities in increasing the plasticity of Mg alloys by reducing the differences in CRSS



between slip modes or influencing twinning response within grains during
deformation. Mg alloys are designated based on their alloying elements into different
series based on ASTM standard alloy designation system. This comprises of four
parts. For example, consider the Mg alloy, AZ61E-T6 where the first part designates
the two primary alloying elements (Aluminum and Zinc in this case), second part
designates the percentage of primary alloying elements (6% Al and 1% Zn in this
case), third part E, differentiates alloys with the same amount of primary alloying
elements and the fourth part refers to heat treatment condition of the alloy (tempered
in this case). Some primary alloying elements and respective alloy designations are as
follows: AZ (Aluminum-Zinc), AM (Aluminum-Manganese), AE (Aluminum- Rare

earth), ZE (Zinc- Rare earth), ZK (Zinc-Zirconium) and WE (Zirconium- Rare earth)

etc. [15, 16].
80
W basal slip (b)
70 prismatic slip (a,c)
Aa m pyramidal Il slip (e)
60 4 {10-12} twinning (b) |1
- " A{10-11} twinning (a,d)
§ 50 —x {1013} twinning (d) |]
» 40+ =
b A
O 30
20 ‘
b ¢
»
10 3 m =
0 : : : BV
0 100 200 300 400 500

Temperature (°C)

Figure 1.2 Effect of temperature on the CRSS values of basal and
non-basal slip systems [17]

From table 1.1, it can be inferred that addition of alloying elements such as Al and Zn
increases the CRSS of all slip/twin modes. However, it reduces the ratio between them.
For instance, CRSS of basal slip (10-45 MPa) and twinning (15-35 MPa) is roughly

equal whereas for pure Mg, CRSS of twinning is twice as that of basal slip. Similarly,



CRSS of prismatic slip is 1-5 times that of basal slip for AZ31B in comparison to 48-
87 times in case of pure Mg. CRSS is also dependent on temperature. CRSS values
obtained during channel-die compression at various temperatures is given in fig. 1.2.
Previously published data suggested that the CRSS values are evidently temperature
dependent going from widely distributed at RT-100°C to a narrow distribution above
350°C [17-22].

Various measures to improve formability of Mg alloys target any or combination of
these factors: grain refinement, texture modification, reduction in c/a ratio, and
activation of non-basal slip through alloying, severe plastic deformation, shear
deformation methods, etc. Alloying with elements such as Li, Ca, Y, Gd, Ce, Nd, La
and Sm has shown to improve ductility by modification of c/a ratio [21-23]. Addition
of RE elements have been reported to modify the texture of Mg alloys by promoting
non-basal slip during deformation retarding dynamic recovery and recrystallization
processes and promoting the growth of non-basal oriented grains. [24]. However, the
role of non-RE alloying elements such as Al, Zn, Mn in the formation of initial
deformation texture is not completely understood. Additionally, alloying also helps in
modification of texture by modifying deformation behavior especially, the twinning
response [25-28].

Addition of aluminum (Al) promotes the formation of the f-MgizAl1> phase. This
intermetallic phase which forms at higher concentration of aluminum affects
formability by weakening basal texture through pinning of grain boundaries and
resisting the movement of twin boundaries. Hence, alloys with higher concentration

of Al are most preferred for engineering applications [29, 30]. The effect of Al addition



on the formability of various AM alloys was studied by Huang et al. It was observed
that alloys with higher concentration of Al (>6%) improved strength while lower
concentrations of Al (<6%) improved in formability and exhibited weak texture [31].
Fig. 1.3 shows the binary Mg-Al phase diagram. The melting point of pure Mg is
650°C and pure Al is 660.45°C. Due to the relative atomic radii of Al and Mg atoms
(ratio of radius of Al to Mg is 1.12), suggesting high solid solubility. The maximum
solubility of Al in Mg is 12.7wt.% at 710K and 0.5wt.% at room temperature. Mg-Al
alloys system shows eutectic behavior and eutectic reaction (as given in equation

(1.1)) takes place at 437°C. The most common phases available in Y'-Mg17Al12 and -

Mg.Als.
L & o (Mg) + B (Mg17Al12) (1.1)
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Figure 1.3: Phase diagram of Mg-Al binary phase diagram
Zheng et al. studied the effect of adding varying amounts of aluminum to magnesium

through gradient hot rolling and found that grain refinement occurred much faster due



to dynamic recrystallization in pure Mg than AZ31 alloy. Additionally, they also
found that due to finer size and higher volume fraction of Mgi7Ali2 precipitates in
AZ91, Zener pinning pressure increases significantly thereby affecting dynamic
recrystallization adversely.

Presence of zinc (Zn) in AZ series influences the extrudability of these alloys. The
ternary Mg-Al-Zn phase in these alloys has a low eutectic temperature and therefore,
affects the processing temperature of the alloy [32]. Also, the addition of Zn to this
system reduces the solid solubility of Al in Mg thereby increasing the number of
precipitates formed during aging and causing a moderate increase in strength [32-34].
Yu et al. observed the effect of Zn content on laser welded ZK alloys. With increase
in Zn content, the amount and mean size of Mgs1Znyo precipitates along grain
boundaries in the fusion zone increased coupled with a change in morphology from
cellular to equiaxed to dendritic. Also, mean grain size in the fusion zone decreased,
thereby achieving higher tensile strength of 312 MPa [35]. AM series alloys containing
aluminum and manganese such as AM30, AM40, AM50, or AM60 generally have
higher extrudability in comparison to AZ alloys due to the absence of Zn containing
eutectic ternary phases and show better mechanical properties in comparison to alloys
with the same Al contents (AZ31 and AM30 for instance) [36]. Huang et al. reported
higher stretch formability in AM60 alloys compared to AZ61 alloys due to weak basal
textures and basal pole splitting in AM60][31, 36] .

Addition of RE elements has been reported in the literature to improve mechanical
properties by promoting the growth of non-basal oriented grains through retardation

of dynamic recovery and recrystallization processes [27, 28, 37-40]. Wang et al. [37]
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reported the improvement in mechanical properties of AM50 alloys by addition of Y
and Ce both at room and elevated temperatures. Al11Cesz and Al2Y precipitates formed
during processing promoted grain refinement by retarding grain growth. Li et al.
studied the effect of Y on the mechanical properties of an Mge7Y2Zn; alloy (processed
by ECAE) at different strain rates. They noted an improvement in strength and
isotropic deformation behavior due to reduction in texture intensity by randomized
orientation of grains in the Mg matrix and presence of fragmented LPSO phases [38].
Several Mg alloys were developed with a combination of RE elements known as
misch-metal (MM) following their success as alloying elements. On studying the
microstructural and mechanical properties of Mg-5Y-5Gd-xNd-0.5Zr alloy, Li et al.
found island compounds along grain boundaries such as Mg24Y's, Mga1Nds, MgsGd
led to an improved tensile strength and elongation of 380 MPa and 9% respectively
through precipitation hardening [39]. The quasi-static and dynamic compression
behavior of Lanthanum doped Mg alloy, AZXE7111 was studied by Shen et al. They
attributed the significant increase in strength to nanoscale Al.Ca and Alilas
intermetallic compounds acting as dislocation barriers leading to finer grains.
Additionally, the extensive twinning observed in these alloys has been attributed as
the major reason for the increased strain hardening at higher strain rates than lower
strain rates [41].

Magnesium- lithium (Li) based alloys with high concentration of lithium (>11%) are
also light weight and can be made with 25% lesser density compared to other Mg alloy
series [42]. Drozd et al. [43] observed the decrease in c-axis lattice parameter making

non-basal slip activities easier thereby reducing the flow stress required for
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deformation in LA43 and LA45 alloys. A few lithium lean alloys were also studied in
the literature. One such interesting research was done by Zou et al. [44] on texture
development in dual phase Mg-Li alloys (low Li content such that both o and B phases
coexist). The strength and ductility of these alloys were improved by thermo-
mechanical processing mainly due to the basal and non-basal activities in the Mg-rich
o phase during hot deformation and contribution of fiber texture from the B phase.
Also, ternary alloy additions to Mg-Li alloys have been reported to form coherent
metastable precipitates thereby improving mechanical and chemical properties [42,
45]. Although other elements such as Ca etc. are also used, the alloying elements
discussed above are the most predominantly used and structurally effective.

1.2.3 Effect of severe plastic deformation (SPD)

Severe plastic deformation is defined as “any method of metal forming under an
extensive hydrostatic pressure that may be used to impose a very high strain on a bulk
solid without introducing a significant change in the overall dimensions of the sample
and able to produce exceptional grain refinement” [46]. The seminal work by P.W.
Bridgeman developed the scientific grounds for materials processing through a
combination of hydrostatic pressure and shear deformation [47, 48]. Such techniques
have evolved and gained popularity owing to their ability to produce considerable
grain refinement and better properties in bulk form, which are some promising aspects
when used as structural materials. Several SPD techniques such as equi-channel
angular extrusion (ECAE), hot forging, high pressure torsion, cold/hot rolling have

been extensively researched in the previous years. ECAP has proved to improve
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ductility in Mg alloys since simple shear evokes a specific kind of texture in HCP
metals [7, 49-51].

Ding et al. reported improved strength through ECAP route A due to the absence of
texture softening components unlike routes B; and C where these components cancel
the grain refining effect [52]. A combination of higher tensile strength and better
ductility was achieved by Valiev et al. in Titanium processed through ECAP [51].
Similar results (~50% elongation-to-failure) have been reported by Mukai et al. with
annealed/ECAPed AZ31 [7]. Significant strain hardening and large uniform
elongation was achieved in comparison to the extruded alloy as shown in fig. 1.4.
However, the associated texture-related reduction in the yield strength acts against the
Hall-Petch-type strength enhancement due to grain refinement [53, 54]. Similarly,
ZK60 alloys responded with tensile elongations stretching to superplastic deformation
regime primarily due to randomization in texture [55-57]. Some authors also recorded
superplastic behavior of AZ91 alloy processed through ECAE at a lower temperature
of 448K. Although this behavior was attributed to grain boundary sliding and viscous
glide of dislocations, the stronger dependence of mechanical properties on initial grain
size (sample with small grain size of 1um exhibited much lower flow stress and much
larger elongation in comparison to the sample with grain size of 37um) remained

unclear [57].
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Figure 1.4 Stress-strain curves of annealed/ECAPed AZ31B compared to the same
alloy processed by direct extrusion [57]

The potential to improve the strength of Mg alloys through high pressure torsion was

explored by Livia et al. who studied the process on commercially pure Mg (CP-Mg)

and three alloys namely, AZ31, AZ91 and ZK60. Peak hardness values of the alloys

were larger than any sample processed by conventional techniques and comparable to

that obtained with alloys containing RE elements [58]. Similarly, increase in hardness

and tensile strength has been reported by a few authors in pure Mg (99.9%) and Mg -

9%A\l alloy (measured elongation of 810% during tensile testing as shown in fig. 1.5)

[59, 60]. Despite the efficiency in grain refinement and improvement in mechanical

properties, this method is primarily used for research purposes due to the limitation in

the size of samples that can be processed (typically 10-15mm in diameter and 1mm in

thickness).
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Figure 1.5 Nominal stress vs strain for cast Mg-9%Al specimens processed by HPT
for 5 turns at and tested at different strain rates [59].

Although ECAP process poses a lot of advantages, the shortcoming of ECAP as a
batch process (unless integrated with extrusion as suggested by Orlov et al. [57]) and
the process’ inability to produce nanocrystalline (<100nm grain size) material
increased the prospect of rolling as a severe plastic deformation (SPD) method for
manufacturing Mg alloys. Flat rolling is considered as the most feasible deformation
processes for continuous production of bulk sheets. Currently, approximately 90% of
all metals are rolled at some point during the manufacturing process. Conventional
rolling or extrusion are proven methods that produce highly textured alloys. Therefore,
the predominant mechanisms depend on direction of loading as well as loading mode
(tension or compression) with respect to the c-axis of the polycrystalline material [61-
64]. Zarandi et al. studied the effect of varying Al content on the rollability of AZ
series alloys. They determined that increasing the Al content to 6% promotes edge
cracking and ~3-4% Al addition is ideal for rolling satisfactorily. They pointed out

that dislocation creep at lower temperatures and solute drag creep/grain boundary
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sliding at high temperatures were the primary operating deformation mechanisms.
They also concluded that ~3-4% Al in low Mn alloys improved tensile elongation at
low strain rates and yield strength at high strain rates due to different mechanisms
(dislocation creep and grain boundary sliding at low and high strain rates respectively)
operating at those regimes whereas increasing the Al content to 6% degraded both the
properties [65].Some studies that compare ECAP with conventional rolling reveal that
the former method produces a homogeneous microstructure but a higher average grain
size whereas latter produces bimodal structure with lesser average grain size in
comparison. Although the textural intensity is reduced, basal texture is still preserved

in hot rolled AZ31 and AZ61 alloys [66-68].

Zheng et al.[69] studied the effect of varying thickness reduction on the competition
between twinning induced nucleation and inhibition of recrystallization by Zener
pinning of second phase particles in hot rolled AZ31 and AZ91 alloys. They found
that twin dynamic recrystallization occurred in {1011} — {1012} double twins but as
Al content was increased, propensity of twin nucleation decreased due to Zener
pinning pressure (Fz) increasing significantly due to the presence of increase in
volume fraction of fine Mgi7Al: precipitates. Wang et al. investigated the effect of
initial texture related to rolling geometry on dynamic recrystallization of AZ31 alloy
during rolling at 573K. They found that in plates aligned perpendicular to the normal
direction (ND plates), dislocation glide and {1011} — {1012} double twins were the

main deformation mechanisms whereas for the plated aligned perpendicular to the

Transverse direction (TD plates), {1012} extension twins were the dominant
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deformation mechanism. Dynamic recrystallization was retarded in TD plates due to
the reduced dislocation glide and hence, stored energy [70].

In addition to symmetric rolling, asymmetric rolling was also studied extensively in
the literature. Asymmetric rolling introduces a shear component shifting the texture
by 5-10° in addition to the plane strain compression of conventional rolling thereby
giving rise to better ductility at the cost of giving up some strength [71-74]. A relatively
new technique called as differential speed rolling (DSR) involves deformation by
varying the rotational speed of the upper and lower rolls imposing unequal rolling
velocity and shear strain on the sheet. This method is proven to achieve both grain
refinement and control of deformation texture affecting the anisotropy of mechanical
properties. Various researchers have found the great impact DSR has on reducing the
intensity of basal texture and improvement in the ductility of these alloys. They
established that by increasing the shear deformation either by changing the roll speed
ratio or rolling reduction, random texture was generated by weakening the basal slip
and activating non-basal slips [73-77]. Several other conventional hot rolling studies
where samples have been successfully rolled to 80% reduction in a single pass have
been effective in reducing the grain size from 12um to 2.2um along with increase in
tensile strength from 275 to 300MPa along with improvement in elongation [78]. A
recent paper by Xu and coworkers compared and effects of different rolling methods
on the microsctural evolution and mechanical properties of various binary Mg-alloys

and concluded that differential speed rolling has a number of advantages[79] .
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1.2.4 Dynamic recrystallization

Recrystallization is the formation of strain-free new grain structure in a deformed
material by the formation and migration of high-angle grain boundaries (HAGBS)
driven by stored energy introduced during plastic deformation [80]. It may occur
heterogeneously with (i.e., discontinuous) or homogenously without (i.e., continuous)
clear nucleation and growth stages. The recrystallization process during annealing is
commonly referred to as static recrystallization (SRX) whereas that occurring during
deformation at elevated temperature is referred to as dynamic recrystallization (DRX).
The driving force for recrystallization is the amount of stored energy within the
metallic material. This energy (a bulk of which dissipates as heat with only a fraction
of remaining energy getting stored) arises from the crystalline imperfections
especially, dislocations and lattice strains due to crystal defects generated in the
material during its processing [81]. For sub-grains to become new grains, it is
necessary to have a high angle of misorientation as well as an energy advantage (a
larger sub-grain created by strain induced boundary migration, SIBM, due to bulging
of part of pre-existing HAGB leading to sub-grain growth or sub-grain coalescence).
Incubation time, that is, the time needed to form these larger sub-grains such that the
stored energy is sufficient to overcome the boundary curvature was initially coined by
Bailey and Hirsch [82] to indicate the initiation of recrystallization during SRX
became no longer convenient for defining DRX. Thus, critical strain (e,.) or critical
dislocation density (p..) is used as the key terminology to indicate onset of

recrystallization.
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lon et al. studied the microstructural evolution during hot deformation of Mg-0.8%Al
alloys and found that dynamic recrystallization occurred only above 425K. They
determined the mechanism to be dynamic polygonization of rotated lattice regions
along the grain boundaries, a similar mechanism observed in minerals especially
quartzite. At temperatures <600K and higher rates, deformation became
macroscopically inhomogeneous leading to finer grain regions being confined to shear

zones and geometrically softer than the rest of the specimen [83].
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Figure 1.6 Semi-quantitative diagram showing the variation of deformation as a
function of temperature and strain [83]

There are two types of static recrystallization, (a) discontinuous and (b) continuous
static recrystallization:

a. Discontinuous static recrystallization (DSRX) is where fine dislocation free

crystallites are formed by static recovery during early stages of annealing.
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Figure 1.7 Schematic diagram representing discontinuous static recrystallization
(DSRX) taking place during annealing of strain hardened materials[86]

These nuclei then grow and consume the entire strain hardened matrix driven by stored
energy associated with dislocations and/or sub-grains (fig. 1.7) [84-86].

b. Continuous static recrystallization (CSRX) is where grains are formed by gradual
localized migration of sub-grains formed during severe deformation when subjected

to annealing as shown in fig. 1.8 [84-86].

Subgrains Recrystallized grains

Dispersed particles

Figure 1.8 Schematic diagram of continuous static recrystallization (CSRX) [84-86]
In contrast, during deformation, the most common type of recrystallization, that is,
dynamic recrystallization (DRX) is categorized into three types, (a) discontinuous
DRX, (b) continuous DRX, and (c) geometric DRX.

a. Discontinuous DRX (DDRX):
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The schematic representation of the process of new grain formation is given in fig.
1.9, wherein (a) represents boundary corrugation accompanied by dislocation sub-
boundary evolution at low strains; (b) grain boundary sliding leading to further
development of local strain gradients during further straining, and (c) part of serrated
grain boundaries getting bulged out accompanied by evolution of strain induced sub-

boundaries at high Z or twin boundaries at low Z [82, 85-88].
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Figure 1.9 Schematic diagram showing the nucleation of DDRX grain [85]

b. Continuous DRX (CDRX):

In CDRX, nucleation of small particles occurs by progressive rotation of sub-grains

(fig.1.10).
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Figure 1.10 Schematic diagram of deformation and dynamic recrystallization
in grain boundaries [83, 85]

Local shearing initially develops near grain boundaries due to the onset of non-
uniform deformation, as shown in (a). As the shearing proceeds, lattice rotation occurs
near grain boundaries and dynamic recovery (DRV) can initiate as shown in (b).
Eventually, as observed in (c), small amounts of sub-grain boundary migration led to
coalescence of boundaries and formation of new grains with HAGBs [83, 89-91].

A comparison of the characteristics of discontinuous and continuous dynamic
recrystallization is given in the table below.

Table 1.2. Comparison of DDRX and CDRX characteristics [86]

Metals Conditions CRSShuat  CRSSyin  CRSSpism  CRSSwi/  CRSSprin/
‘Mp‘” (MP"U (MPJ) CRSShu\II CRSSI\‘NH
Mg SC 0.81% 0.76" 2" 39.0¢ 25-44 48-%7
0.45% 0.65%;
0.52¢
Mg 0.5 at. pct Zn  SC 2.7-2.8"
AZ31B PC, VPSC, XRD 4s' 5 10’ 0.33' 24
AZ31B PC, EPSC. ND 10 30 55 ¥y 5.5
AZ31B PC. Taylor, XRD 2 1-2.4¢
AZ3IB PC, TEM LI
AZ31B PC, ND, Schmid factor 25-35™
AZ61 PC, XRD 152"
Mg 7.7 at. pet Al PC, ND 65-75°

SC, single crystal; PC, polycrystal; XRD, X-ray diffraction; ND, neutron diffraction; VPSC, visco-plastic self-
consistent model: EPSC, elasto-plastic self-consistent model: Taylor, Taylor model.
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c. Geometric DRX (GDRX):

At small deformations, the grain boundaries flatten with well-defined substructure in
the matrix. As deformation progresses, the serrated HAGBSs (thick black lines shown
in fig. 1.11) become closer, although the size of the sub-grain remains almost constant.
Eventually, HAGBs impinge resulting in a microstructure comprising mostly of
HAGBs [86]. GDRX aids in formation of equiaxed grains during hot deformation by
(a) migration of HAGBs to form serrations. (ii) thinning of grain thickness, and (iii)

impingement of serrated grain boundaries when approaching 1-2um sub-grain size.

(b) (©)

Figure 1.11 Schematic diagram showing GDRX with (a) The grain boundaries
flattening (b) the serrated grain boundaries becoming close; and (c) a microstructure
consisting of mainly HAGBs forming [86].

Fig. 1.12 summarizes the various DRX mechanisms previously discussed in a nutshell
[85]. lon et al., were the first to provide a mechanism for DRX consisting of a
succession of twinning, basal slips, and lattice rotations at grain boundaries forming
sub-grain boundaries which lead to the formation of recrystallized grains having
HAGBSs. They called it rotational DRX (RDRX) since it involves progressive rotation

of sub-grains [83].
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Figure 1.12 Summary of various dynamic recrystallization mechanisms in a nutshell

[85]
Humphreys and coworkers identified both CDRX and DDRX mechanisms operating

in magnesium alloys and found that the transition temperature for these mechanisms
was ~600K [92, 93]. Galiyev et al. and Sitdikov et al. made the best effort to correlate
DRX with deformation mechanism. By studying activation energies, they found that
CDRX is linked to deformation caused by cross-slip and DDRX is linked to
deformation controlled by climb [81, 82, 88]. Microstructure to mechanical property
mapping on AZ31B was done by Barnett et al. They found that the progress of
recrystallization was dependent on crystalline orientation with respect to the c-axis.
While DRX volume fraction was dependent, recrystallized grain size was independent
on the deformation conditions [94-97].

Del Valle et al. [98] compared the effect of texture on DRX and deformation
mechanisms of rolled and ECAPed AZ31B. They found that at moderate
temperatures, deformation induced DRX is significantly higher in rolled samples
compared to ECAPed ones while at higher temperatures, DRX tends to be similar in
both. It was also found that fiber texture stimulates DRX through enhancement of

multiple slip thereby producing heterogeneities in the microstructure which aid in
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creation of nucleation for DDRX. While some authors claimed there is no direct link
between DRX and deformation mechanism [98], few others strongly correlate the
effect of deformation on DRX mechanisms as shown in fig. 1.13 [99]. Although the
previous correlation is yet to be clearly established, effect of initial texture on DRX
and deformation mechanism during rolling and extrusion was clarified by Wang et al.
[98]and L.i et al. [99] respectively.

The former study revealed that in the normal direction (ND), dislocation glide

associated with {1011}- {1012} double twins led to a faster stored energy

accumulation in comparison to the transverse direction (TD) where the stored energy

was small due to {1012} extension twins having basal texture with the c-axis nearly
parallel to the ND and hence, retarding DRX [82]. The same was confirmed by the
latter study revealed that dislocation slip was attributed as the main reason for
extensive DRX due to higher stored energy in the extruded annealed alloy in
comparison with the lower stored energy in the rolled annealed alloy due to profuse
{1012} extension twinning in Mg alloys.

Galiyev et al. [99] also did a similar kind of study on ZK60 alloy and the results were
interesting. The mechanisms were roughly divided based on similar temperature-strain
rate regions. At temperature below 473K, twinning, basal slip, and (c+a) dislocation
slip promoted the formation of HAGBSs and low temperature DRX (LTDRX). In the
intermediate temperature range of 473-523K, a power-law creep regimen was
observed associated with cross slip of dislocations according to Friedel-Escaig
mechanism resulting in CDRX. At the high temperature range of 523-723K,

dislocation climb controlled by self-diffusion was proposed to provide conditions of
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DRX [94]. Based on deformation conditions, the deformation mechanisms map are

given by fig. 1.13.
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Figure 1.13 Schematic diagram showing deformation and DRX mechanisms [99]
Depending on composition and properties, Mg alloys can be classified into two
groups. First group includes Al as alloying element, and second group doesn’t. The
first group of alloys are characterized by low cost of manufacture and hence, they can
be industrialized and commercialized easily. Their properties such as age-
hardenability, strength, castability, weldability, corrosion resistance etc. is not
satisfying. For example, strength of AZ91 is high but its ductility is low whereas for
AMBGO0, it is vice-versa [31, 36]. The second group of alloys contain rare earth elements
as predominant alloying elements and generally possess better mechanical properties
in comparison to the first group of alloys. But their cost of production is very high and
hence, commercialization is quite difficult. Owing to the easier manufacturability and
scope of improvement in mechanical properties through additional alloying, heat
treatment, thermo-mechanical processing etc. leading to grain refinement,
precipitation strengthening, texture randomization etc., Mg- Al system takes

precedence and will be discussed further.
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1.2.5 Precipitation in Mg-Al alloys

The equilibrium solid solubility of Al in Mg is 11.8 at% at the eutectic temperature
and reduces to 3.3 at% at the temperature of 473K. The Mg-rich portion of Mg-Al
binary phase diagram has two phases namely a-Mg and -Mgi7Al12. The B phase has
a Body Centered Cubic (BCC) crystal structure with a lattice parameter of a ~1.06nm
[100, 101]. The thermodynamic driving force to generate large number of f precipitates
by aging at 473K (equilibrium volume fraction becomes 11.4%) gives a lot of
opportunities to exploit. But the distribution of the precipitates remains relatively
coarse due to the relatively high diffusion rate of Al atoms in Mg and a probability of
defects (vacancies) being higher in the a-Mg matrix, although they are resistant to
dislocation movement. As a result, the age-hardening response is not significant as
expected [102-105].

Two types of precipitation occur based on the location of their occurrence.
Continuous precipitates are those that occur inside the grains and discontinuous
precipitation are those which initiate along the grain boundaries and grow towards the
center of the grain in a cellular form. The cellular form is formed by the reaction in
which the super-saturated solid solution o decomposes to an o phase, with less
concentration of Aluminum and structurally identical to the o phase and the
intermetallic B phase. Both kinds of precipitates compete and occur simultaneously
during isothermal aging of Mg-Al alloys[106].

Many researchers have studied the nature of precipitation and found contradicting
results. Duly et al. proposed that continuous precipitates were favored at low and high

aging temperatures whereas discontinuous precipitates were favored only at
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intermediate temperatures. This was due to the dominance of volume diffusion of
solute preventing nucleation and growth of the cellular structure at high temperatures
and low driving force due to early occurrence of continuous precipitates at lower
temperatures [107]. Contrastingly, Braszczynska-Malik et al. observed only
discontinuous and only continuous precipitates at lower temperatures (423K) and
higher temperature (623K) respectively. At intermediate temperatures (523K), they
recorded the co-existence of both types of precipitates [108].

The B phase adopts the exact Burgers orientation relationship of (011)g || (0001),,
(111); ]| (2110), and usually has a plate morphology with its broad surface parallel to

(0001) [109]. Although this phase is often described as incoherent, experimental

evidence suggest otherwise [106, 110, 111]. There is another orientation relationship

(110)p || (1100),, (111)g || (0001), wherein the precipitates presume a rod shape with
their long axes parallel to (0001), and hexagonal cross-section [109]. Precipitates with
rod morphology have proven to be better at impeding dislocation than (0001),
precipitates and hence, the methods to promote the former and suppressing the latter
IS under extensive research.

There are pockets of research which claim success in enhancing the age hardening
response by imparting cold work after solution treatment prior to aging. The
improvement in aging kinetics was attributed to increased number density of
dislocations, twins formed during cold work, and lattice defects where the
heterogenous nucleation of [ precipitates occurred. Recently some efforts were
focused on creating fine precipitates with high number densities in Mg alloys using

deformation by introducing defects such as dislocations and vacancies within grain
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interiors thereby precipitating fine nanoscale precipitates [112-115]. During thermo-
mechanical processing, mobile dislocations form a complex sub-structural
environment leading to few and smaller solute clouds which ultimately multiply to
produce fine precipitates [116]. Prameela and co-workers correlated the observed
enhancement of precipitate nucleation during dislocation driven precipitation to
increased rate of dislocation multiplication [117].

Effects of second phase particles on recrystallization are summarized as follows:

1. The stored energy and hence, the driving pressure for recrystallization may be
increased.

2. Large particles may act as nucleation sites for recrystallization.

3. Particles, if closely spaced may exert a pinning effect on LAGB and HAGBs.
While the first two effects tend to promote recrystallization, the last effect retards it.
The kinetics of recrystallization, that is, the resulting grain size and texture depends
on which mechanism dominates. The size, distribution, and volume fraction of
precipitates controlled by the chemical composition and processing determine the
microstructure and texture of the recrystallized alloy. The effect of particles on the
overall dislocation density and inhomogeneity of deformation in the matrix, along
with the nature of deformation structure in the particles’ vicinity are the three main
aspects of deformation which are salient in determining the behavior of material
during subsequent processing.

Research indicates that the transition from accelerated to retarded recrystallization is
primarily a function of the volume fraction of particles, fy, and particle radius, r. 1to

et al. suggested that f,/%/r which is equivalent to the critical value of particle spacing
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(A) may be an indicator for the transition. Acceleration of recrystallization was
attributed to increased driving force from dislocations generated by particles during
deformation. This kind of acceleration is rarely found in Al alloys with fine grains
rather than Cu since the large amount of dynamic recovery in Al leads to reducing the
number of geometrically necessary dislocations (GNDs) created at the particles.
Particle stimulated nucleation (PSN) is observed in these alloys. PSN is typically
defined as recrystallization at or near the surface of coarse (> 1um diameter) particles
caused by the enhanced deformation required to maintain strain compatibility near the
particle. Thus, PSN is responsible for either texture weakening or formation of a new
texture component depending on the material category and type of processing [92, 118].
Typical PSN features include LAGBs forming in contact with the precipitate
connected to other grain boundaries.

In addition to PSN, the presence of a larger volume fraction of particles may pin grain
boundaries through the mechanism of Zener drag. Particle pinning due to solute
segregation results in reduction of grain boundary mobility which may alter the
activity of other recrystallization mechanisms. For example, discontinous DRX
(DDRX) where nucleation occurs at pre-existing grain boundaries through grain
boundary serration and rotation of the resulting sub-grains is inhibited due to reduced
grain boundary mobility [119]. As such, the improvement in the strength of Mg-9%Al
alloys can be attributed to various factors such as refined DRX grains and Mgi17Al12
precipitates. The influence of these precipitates in pinning dislocations through
Orowan strengthening mechanism has been studied and reported widely. The

presence of Mg17Al12 particles contribute to accommodate local strain to reduce stored
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deformation energy leading to a lack of sufficient stored energy available for
stimulating recrystallization. Fine precipitates dispersed in the grain interior or at
grain boundaries could also produce the pinning effect on grain boundary migration
to restrict recrystallization.

The interface between the matrix and second phase particles is also an important factor
for pinning dislocations in Mg alloys. The plate-shaped Mgi7Al12 phase generated in
the grain interiors was almost parallel to the {0001} as basal precipitates. However,
neither large nor thin basal precipitates are effective for pinning dislocations, but the
spherical precipitates refined from rod-shaped particles along grain boundaries have a
dominant influence in inhibiting recrystallization [120]. In the case of spherical
particles, size and volume fraction are the two important factors. There is an important
criteria for the occurrence of recrystallization, i.e., the driving force for
recrystallization (Fq) must be greater than the Zener pinning pressure (F). In the case
of AZ91, as calculated by Jin et al., the F, value increases from 1.4x10° to 8.8x10°
Nm with increase in deformation, but Fq ranges from 0.8-1.0x10° Nm. Since the
F, value is higher than Fq during both the initial and subsequent (due to variation in
precipitate morphology) deformation stages, it implies that there is a strong pinning
effect of precipitates on grain boundaries and consequent inhibition of complete DRX

of the microstructure [120].


https://www.sciencedirect.com/science/article/pii/S1005030219301355#!
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1.3 SEM- EBSD studies

EBSD is a technique to study crystallographic orientations, misorientation, texture and
grain boundary angles on a sub-micron level in the scanning electron microscope. It
Is a sensitive technique collecting information from only tens of nanometers. In simple
terms, incident beam electrons get scattered between crystal planes and form cone of
diffracted electrons which when intersecting a phosphor screen appears as pair of lines
(Kikuchi patterns). Each pair of lines known as Kikuchi lines represent planes in the
crystal. The electron backscattered diffraction (EBSD) Pattern which forms as a result
contains information about angular relationship between planes, crystal symmetry,
orientation and misorientation between the planes. EBSD data can be presented and
visualized at the micro and nano scale using various qualitative and quantitative
parameters [121].

A grain is a 3D crystallite that is uniform internally and differs in crystallographic
orientation from its neighbors. Grain size is an important attribute to understand the
physical and mechanical properties of metallic materials especially through Hall-Petch
relationship where strength is inversely proportional to square root of grain size. To
measure grain size accurately, all the grain boundaries need to be detected. Therefore,
the highest degree of grain delineation is required from the technique. Although,
traditionally light optical microscopy was used to measure grain size, there is a limit
to its resolution hence making EBSD technique a viable alternative to measuring grain
size. Grains can be identified by assigning a critical misorientation angle and grain

boundaries are those ‘pixel pairs’ which have misorientation angle higher than the
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critical value. Once individual grains are detected, statistics of grain measurements
such as size, aspect ratio etc. can be identified [121].

Generating grain boundary map is also critical in visualizing microstructure. Grain
boundaries influence the properties of material in several ways. They can act as a
source of corrosion initiation, a site for precipitate nucleation or influence creep
mechanisms. Smaller grain size and higher number of grain boundaries can also
improve mechanical properties by disrupting dislocation movement and hence,
techniques such as grain boundary engineering is employed to improve mechanical
properties. Grain boundaries are characterized based on the misorientation angle
between the two grains. Generally, LAGBs or sub-grain boundaries and HAGBs are
those with misorientations <5° and >10° respectively. In addition to them, special or
twin boundaries also called as coincident lattice sites (CSL) occur where the crystal
lattice share a fraction of sites on each side of the boundary. In the misorientation
distribution plot, distinctive peaks of same misorientation angle will be observed
giving a quick overview of the boundary occurrences in the sample. Along with
misorientation angle, misorientation axis can also be calculated. This means that
EBSD can provide information by using a combination of both misorientation angle
and axis such as identifying twin boundaries etc. Other parameters such as Grain
orientation spread (GOS) and Kernel average misorientation (KAM) can also provide
information on recrystallized area fraction/strain partition between two different
grains belonging to different phases and stored strain energy/ strain localization along

the grain boundary present in the materials respectively. For GOS calculation, the
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average orientation is first calculated for each grain and each pixel in the grain. The
spread is the average misorientation between the previously obtained two values [122].
A kernel is a set of points of prescribed size around the scan point of interest. The
kernel size is generally described to the nth nearest neighbor. For KAM calculation,
the misorientation between the neighboring points of the kernel are averaged. If grain
boundary is present inside the kernel, then some of the misorientation values will be
quite large. Thus, to exclude the grain boundary effect, misorientation within a specific

tolerance value will only be included during the averaging calculation.

neighbor
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Figure 1.14 Schematic of computation of (a) GOS and (b) KAM where g and 0
represent the orientation and misorientation angle respectively [122, 123]

Pole figures are used for displaying the overall sample texture. They enable 2D
understanding of orientation instead of 3D by converting crystallographic orientation
direction into points. Pole figure is a stereographic projection meaning orientations
are plotted as two-dimensional projections. Poles i.e., the normal to a lattice plane for
a selected family of planes are plotted with respect to the reference axis of the sample.

Reference axes of the sample are given in fig. 1.15 below.
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Figure 1.15 Sample reference axes.
This plot can be made for different family of planes. For example, plotting of <100>
poles are shown in fig. 1.16 below. Firstly, lines are projected corresponding to the
chosen poles to the hemisphere above the projection plane. Secondly, lines are
projected from the point where the poles in the previous step meet the reference sphere
to the bottom of the sphere. Lastly, a point is plotted where the lines in the second step
meet the equatorial plane. For each measurement on the sample, due to different grain
orientations, various points are plotted corresponding to the intersection of projected
positions of poles on to the equatorial plane. Hence, a pole figure with many different
measurements plotted (highly populated) is very useful for understanding orientation

distribution [123].
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Figure 1.16 (a) Schematic principle of pole figure projections and (b) orientation
distribution in a highly populated pole figure [123].
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The orientation data can be spatially shown in Euler map or Inverse Pole Figure (IPF)
maps. IPF maps can be used as an indicator of favored orientation or texture
(characterized by single or similar colors in the map). It is a visualization tool that can
be used to understand how specific texture is distributed spatially. They use the color
scheme from the IPF color key that is designated based on the viewing direction and
computed orientation. The color key has three major corners and colors such as red,
blue and green assigned to each corners of the figure with smooth progression of colors
in between. Individual orientation measurements can be related to a distinct color in
the color key (fig. 1.17). It is easy to visualize the cubic material through following
[123]:

¢ Red color signifies face of the crystal {100} lying parallel to the surface.

e Green color signifies edge of the crystal {110} lying parallel to the surface.

¢ Blue color signifies corner of the crystal {111} lying parallel to the surface.

[111]
Crystal Axis

(001] [101]

Figure 1.17 Inverse pole figure color key [123]
1.4 Scope and Objective of the Dissertation
In this dissertation, magnesium alloys were investigated since they are promising as

lightest structural materials. The three Mg alloys of AZ31B, Mg-6%wt.Al, and Mg-
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9%wt. Al were investigated and evaluated in terms of their mechanical behavior under
quasi-static and dynamic compressive conditions. All three alloys in the as-cast
condition were rolled in a confined manner.

Confined rolling is a novel method where the bar/sample is enclosed inside a hollow
tube and sealed on both sides. The tube (with the sample enclosed) was then rolled
until 60-65% reduction in thickness was achieved. Two advantaged are identified for
this method of rolling particularly for hard to work and easy to oxidize metals. First,
it provides a confinement to the work piece, mitigating the tendency to cracking during
rolling. Second, it provides some protection to the work piece from oxidation.
Confined rolling was successfully used to roll tungsten at temperatures as low as 673K
without obvious cracking[124-126]. Chen et al. [127] examined the effect of rolling W
samples confined in a stainless-steel canister. With the volume of work piece being

constant, the following equation can be derived

In (hio) +1In (:—0) + In (i) =0 (1.2)

where h, b and | are thickness (normal direction (ND)), width (transverse direction
(TD)) and length (rolling direction (RD)) respectively. For conventional rolling, the
first term i.e., the decrease in thickness is generally compensated by the second and
third terms representing width and length increment respectively. But, in the case of
confined rolling, due to the constraint along TD, there would be an increase in the
third term therefore giving rise to shear stress accumulation. They assumed that this
hypothesis combined with the strain accumulation due to thickness reduction and
confinement of the canister was large enough to cut the grains along TD leading to

grain refinement. They observed the same through the presence of low angle grain
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boundaries and sub-grains in W ribbons. They concluded that confined rolling was
effective in terms of grain refinement in comparison to conventional rolling [127]. In
addition to this, a different micro texture could be generated due to limited grain
rotation due to deformation confinement. Also, confined rolling posed other
advantages such as inhibition of cracking and oxidation of the specimen. Next, to
choose a canister material suitable with the specimen, their physical properties must
be compatible as well.

Table 1.3 Physical properties of different canister materials [128]

Coefficient Modulus of
: Density | of thermal L Melting |Hardness
Material . Elasticity A
(g/cc) expansion Point (°C) | (HRB)
. (GPa)
(um/m-°C)
Mg alloys | 1.77 26 44.8 605-630 49
Low
Carbon [7.75-8.08 | 10.1-16.6 183-213 ~1430 86-562
Steel
Stainless 1400-
Steel 8 17.3 193-200 1455 123
Aluminum | 2.84 24.1 73.1 543-660 117
Brass 8.49 20.5 97 885-927 | 70-140

After keen observation of the physical properties of various metals in table 1.3, brass
was selected as a viable option having higher density and melting point, moderate
hardness, and similar coefficient of thermal expansion to that of magnesium. Hence,

brass was a chosen canister material for confined rolling of Mg alloys.
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After confined rolling, the following aspects were analyzed:

1. Effect of Aluminum content on microstructure evolution in Mg-Al alloys,

2. Effect of second-phase particles (size and volume fraction) on dynamic
recrystallization in the material,

3. Macroscopic and microscopic effect of precipitates on the mechanical properties of
the material, and

4. Systematic study of the deformation mechanisms and activation of different slip

modes in the material.

A multitude of research has happened over the past decades studying the commercial
alloys such as AZ series, WE series, etc. But very few researchers have worked on
binary alloys, particularly, the Mg-Al system. Even then, the focus has been primarily
on the aging studies, particularly aging kinetics and mechanisms to conclude that the
age hardening response is poor since they are not oriented to block basal slip
effectively and both their inter-particle distance and size are large [102]. They also
suggested the use of cold work before aging to enhance the age hardening response
since it would increase the number density of the dislocations and number of twins for
heterogenous nucleation in the lattice defects. Also, some research has been oriented

towards nucleation and growth, morphology, location and orientation of precipitation

[107, 117, 129, 130] and interaction of twinning with the precipitation[131-133]. Only
pockets of research have focused on severe plastic deformation of the alloys but very
few of them studied the mechanical behavior of the alloys under uniaxial
conditions[107, 108, 134, 135]. Hence, a dedicated effort to correlate the effect of strain

imposed by thermo-mechanical processing on the precipitation kinetics, dynamic
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recrystallization and mechanical properties of these alloys is needed. This research
work is intended to give the overall picture of the relationship between thermo-
mechanical processing and structure-properties.

The rationale behind choosing to compare a commercial alloy, AZ31B, with the
two binary model alloys is that no new phase forms in Mg-Al-Zn alloys if the Al to
Zn ratio is greater than 3:1. Beyond this ratio, addition of Zn would aid in the larger
scale processing of the AZ61 and AZ91 alloys which are based on the Mg-6 wt.% Al
and Mg-9 wt. % Al binary alloys, respectively, with additions of 0.5-1wt% Zn and
0.3wt% Mn [105, 136]. That is, the comparative processing-structure-properties
relationships developed herein will be beneficial in delineating similarities and
differences among the three systems that will allow for greater commercialization and
utilization of magnesium and its alloys.

1.5 Organization of the dissertation
In this section, structure of the chapters of the dissertation will be described. In Chapter
2, the experimental methods used in this study will be discussed which included
material preparation, thermo-mechanical processing, specifics of material
characterization techniques and mechanical testing along with a description of the
physics behind Kolsky/split-Hopkinson Pressure Bar (SHPB). In Chapters 3, 4, and 5,
experimental results with respect to AZ31B, Mg-6%Al and Mg-9%Al along with the
discussion will be presented, respectively. Each of these chapters would exhibit the
results in the following order: (a) optical microscopy (OM), (b) scanning electron
microscopy (SEM) with electron back scattered diffraction (SEM-EBSD) results

which describe in detail the texture, grain size, grain boundary character distribution
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(GBCD), grain orientation spread (GOS), Schmid factor (SF), deformation
mechanism, and dynamic recrystallization (DRX), (c) transmission electron
microscopy (TEM) results which describe the effect of precipitation such as
distinguishing the types of precipitates, particle stimulated nucleation (PSN), Zener
pinning and their morphology, and (d) mechanical properties under compression at
quasi-static and dynamic strain rates along with the interpretation of strain hardening
rate and strain rate sensitivity. The last chapter of the dissertation will include a
discussion and conclusions of the dissertation and will provide ideas about potential

future work.
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CHAPTER 2: EXPERIMENTAL METHODS
In this chapter, the material processing, microstructural characterization and
mechanical testing of samples studied in this dissertation will be addressed. This work
primarily focuses on three Mg alloys: AZ31B (Mg-3%Al-1%Zn), Mg-6wt.% Al and
Mg-9wt.% Al. These materials were solutionized, then hot rolled in a confined manner
and quenched. Microstructural characterization using optical microscopy (OM),
scanning electron microscopy (SEM) with electron backscattered diffraction
technique (EBSD) and mechanical properties under quasi-static (strain rate ~1.0x10®
s'1) and dynamic (strain rate ~1x103s™) Kolsky bar compressive loading conditions
were investigated for samples confined rolled at different temperatures.

2.1 Material processing

Three different Mg alloys were procured, processed through severe plastic
deformation, i.e., confined rolling, and analyzed in this study. AZ31B was procured
from Magnesium Elektron North America, Inc. as ingots, the binary alloys of Mg-6
wt.% Al and Mg-9 wt.% Al were prepared by Dr. Zhigang Xu’s group in NC A&T
State University. Although these materials were procured from an external
source/collaborator, it is worth mentioning that all the further processing,
microstructural characterization, and mechanical testing was done by the author along
with the analysis and discussion of results. The detailed processing steps for these
alloys are as follows:
2.1.1 Melting and casting of binary alloys
Mg-x Al (x=6,9) alloys were fabricated by melting high purity Mg (99.97%, US Mg)

and Al (99.99%, Alfa Aesar) at 1003K and cast into a pre-heated steel permanent mold
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(fig. 2.1). Both melting and casting operations were performed in an ultra-high Argon
environment chamber (commonly referred to as glove box). Pure Mg ingot was
completely melted at 983K before soaking pure Al ingot for 10min without stirring.
Then the whole mixture was stirred for 15min continuously for homogenization after
which temperature was raised to 1003K and held for a further 30 minutes. After this
step, it was poured through a ceramic filter into a horizontal steel mold (preheated at

523K). The cast structure was allowed to cool down in the same argon atmosphere.

Figure 2.1 Schematic of the steel permanent mold used for casting the binary alloys
2.1.2 Solution treatment
The following procedure was the same for all three ingots. The as-received ingots were
first solutionized at 723K for ~24 hours in a muffle furnace under Argon atmosphere
(to prevent oxidation of the samples), quenched and checked for microstructural
homogeneity in an optical microscope subsequently. Then, they were cut out into 50
mm (L) x 10mm (W) x 10mm (H) specimens for the subsequent confined rolling
process. It was made sure that the edges of the sample were rounded by grinding to

prevent the sharp corners acting as stress concentrators. Each sample was placed inside
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a brass tube of ~14mm diameter such that edges of the sample were in contact with

the inner surface of the tube and hammered to seal on both the ends.

Front view

Brass tube

Figure 2.2 Schematic illustration of confined sample in brass tube

A schematic illustration of the confined rolling setup is given in figure 2.2. This
sample-tube set-up was then heated in a muffle furnace at various temperatures such
as 423K,448K, 473K, 523K, and 573K for AZ31B; and 473K, 523K, and 573K for
the binary alloys respectively. An allowance of 288K was given to account for the
temperature drop when the set-up was transferred from furnace to the rolling machine.
The samples were rolled until a total of 55%-60% thickness reduction was attained in
stages, comprising of 2% thickness reduction per stage, and soaking of samples for 5-
10 minutes in the furnace in between the rolling stages to ensure uniformity of
temperature throughout the sample and process. Once the rolling was done, the sample
was quenched to room temperature. Once the samples were extracted from the tube,
they were cut into various sizes as given in table 2.1 below for microstructural

observation and mechanical testing from the location provided in fig. 2.2. The sample
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from outer 0.5-1mm from all the sides was discarded and not taken for microstructural
characterization and mechanical testing as shown in fig. 2.3.

Table 2.1 Size of samples required for microscopy and mechanical property testing

Purpose Size
Optical microscopy 5x5x5 mm
SEM and EBSD studies 3x3x5 mm
Micro-hardness measurement 3%3x5 mm
Quasi-static compression testing 2.5%2.5%X5 mm
Kolsky bar compression testing 2.5%2.5%2 mm

- — Rolled sample ———

— Cut sample

Top view (ND)

. Side view (TD)

Figure 2.3 Schematic illustration of sectioning of a sample from rolled samples

Side view (RD)

2.2 Material characterization and mechanical testing
2.2.1 Optical microscopy (OM)
The cut samples underwent grinding and polishing to attain a mirror finish before
etching to observe the microstructure through OM. Firstly, the samples were manually

ground progressively using abrasive papers purchased from LECO Corporation with
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SiC particles from grit size of 320 (~35um), 400 (~22um) and 600 (~15um). They
were ground in linear motion in one direction (90° to preexisting scratches) until old
scratches were removed and new scratches were formed in the perpendicular direction.
Grinding was followed by polishing using Ecomet polishers with a wheel speed of
100rpm. First, the sample was polished with SiC abrasive paper with grit size of 1200
(~5um) using anhydrous alcohol (as a water-free polishing lubricant and rinsing agent
to prevent oxidation) followed by polishing on an imperial polishing cloth using
0.3pum Al>Oz suspension until a mirror finish was obtained. Both the polishing cloth
and suspension were purchased from LECO Corporation. These two steps were
followed by etching using picric-acetic solution (10ml acetic acid, 4.2g picric acid,
10ml distilled water, and 70ml Ethanol for AZ31B; 5ml acetic acid, 6g picric acid,
10ml distilled water and 100ml Ethanol for Mg-6%Al; and 1ml Nitric acid, 30ml
Isopropyl alcohol for Mg-9%Al). The etched surface was then observed through
Olympus BX51 optical microscope.

2.2.2 Scanning electron microscopy (SEM)- Electron Backscattered Diffraction
(EBSD)

The procedure for preparing samples for SEM-EBSD was done in 3 steps: polishing,
etching, and ion milling. The samples were polished on a diamond lap disc containing
30pm, 15um, 9um, 6um, 3um, and 1pm particles progressively, followed by
polishing using a polishing cloth with 0.3um Al>Os particles as suspension using the
Allied High Tech Techprep 8" polishing grinding system & Multiprep head #15-2000.
These steps were followed by further polishing in the ion milling with an accelerating

voltage of 3kV and 3°, and 2kV for 20min (Fischione, Model1061 SEM Mill). EBSD
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observation was conducted on a HITACHI SU8000-SEM equipped with an OXFORD
SYMMETRY system operating at 15kV with a step size of 0.5~1.5um. Fractography
or post-loading examination of the samples was also conducted using JEOL JSM 6480
SEM operated at 20kV. Different failure mechanisms based on deformation
mechanisms would be discussed in terms of microstructure and fracture modes of the
failed samples.

2.2.3 Transmission electron microscopy (TEM)

The confined rolled samples were examined through a JEOL JEM 2100 TEM operated
at 200kV. They were studied in both the bright field (BF) and dark field (DF) mode
and selected area diffraction (SAD) patterns were also taken to identify the zone axis
and phases. They were first cut into ~1mm thick samples using a diamond saw and
followed by mechanical grinding up to a thickness of 60-80um after which they were
sectioned into 8mm discs using a mechanical cutter. The discs were dimpled using a
Cu wheel with diamond paste containing 9um particles up to a thickness of 25-30um
and polished further to mirror finish using a leather wheel with diamond paste
containing 0.5um particles (Model 656, Gatan). This was followed by final thinning
to electron transparency using a Precision ion polishing system (PIPS, Gatan) with a
gun angle of 5°.

2.2.4 Mechanical testing

Three different types of mechanical properties were tested: micro-hardness, quasi-
static compression, and dynamic compression. Micro-hardness measurement was
done using Wilson series 400 Knoop/Vickers micro-hardness testing system at a load

of 0.5kg. Quasi-static (Strain rate of 102 s) compression tests were done using
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INSTRON model 5582 Universal Testing Machine. The constant strain rate in this
case was achieved by controlling the velocity of lower compression head by giving
the desired moving distance and time while holding the upper compression head.
Dimension of quasi-static compression sample was 2.00mmx2.00 mmx5.00mm with
a gauge length of 5mm. A lubricant was applied at both the loading faces to reduce
the effect of friction. MTS Test Suite software was used to record the load and
displacement in this experiment. Dynamic compression (strain rate of ~103s™) tests
were done using desktop compression Split-Hopkinson Pressure Bar (SHPB) or
Kolsky bar system. Dimension of dynamic compression sample was 2.5mmx2.5
mmx2.00 mm with a gauge length of 2.00mm. A similar lubricant was used for this
test as well to prevent friction effects. For each shot, the incident, reflected, and
transmitted signals were recorded. To ensure repeatability and minimize experimental
error, at least 6-8 samples were tested in the same conditions for both the tests to
reduce experimental error. Since the theory behind common optical/electron
microscopy techniques and mechanical testing methods are well known, only the
working principle of dynamic compression testing is chosen henceforth to be
discussed in detail in the upcoming section.

Working principle of SHPB or Kolsky bar system

In quasi-static deformation, a static equilibrium is present, that is, any element in the
body has a summation of forces acting on it close to zero. When deformation is
imparted from the outside at a higher rate, one portion of the body gets stressed and
other portion is not stressed yet (stress must travel through the body). Dynamic

deformation involves wave propagation, whereas quasi-static deformation can be



48

considered as a series of equilibrium states that can be solved by equations of
mechanics of materials. The compression version of Kolsky bar was the original set-
up by Herbert Kolsky in 1949. The Kolsky bar in compression is also widely known
as split-Hopkinson pressure bar (SHPB) in memory of John Hopkinson who
conducted rupture tests of an iron wire by impact of drop weight in 1872 and his son,
Bertram Hopkinson who invented a pressure bar to measure the pressure produced by
high impact explosives or high-speed bullets in 1914. However, Kolsky was the first
person to extend the Hopkinson bar technique to measure the stress-strain response
under impact loading conditions. At that time, stress waves in the bars were measured
using condenser microphones. A standard measurement technique, that is, the strain
gage technique was developed to measure the stress waves. Also, the same group used
a gun to launch the projectile (striker bar) to impact the incident bar, thereby
generating a trapezoidal shaped pulse [137-141].

There are three major components to a Kolsky bar system: a loading device, bar
components, and a data acquisition and recording system as schematically shown in

fig. 2.4.

Compression Split-Hopkinson Pressure Bar

Callar X Striker Dar Eatehir

7 / Epooimen
}_' rl 0 Ingident Bor

S ol Y T

Wheatstone

Mome
Tromemitted Bor 0 DH“'“""' Trng

I Oscilloscope ]

Figure 2.4 Schematic diagram of the major components of the Kolsky bar system
[139]
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The most common method for dynamic loading is to launch a striker impacting on the
incident bar. The striker is launched by a sudden release of compressed air or a light
gas in a pressure storage vessel (gas gun) and accelerates in a long gun barrel until it
impacts one end of the incident bar. This dynamic loading method provides a
controllable and repeatable impact on the incident bar in comparison to the static
loading method where the incident bar is preloaded. The loading duration is
proportional to the length of the striker. The bar components consist of incident bar,
transmission bar and momentum trap device at the end. Since the stress waves in the
bars are measured by surface strains, the bar material should be linearly elastic with a
high yield strength. The incident bar should be at least twice as the striker to ensure
incident and reflected waves do not overlap. The specimen is sandwiched between the
incident and the transmitted bars aligned with the common axis of the bar system. For
data acquisition, two strain gages attached symmetrically on the incident and
transmitted bar conditioned by a Wheatstone bridge in turn connected to an
oscilloscope. The incident and the reflected pulses are measured by the strain gages in
the incident bar whereas the transmitted pulses are measured by the ones in the

transmitted bar [138, 139]
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Figure 2.5 Schematic diagram of the strain components in Kolsky bar system [138,
139]

If the stress waves propagate in both the incident and transmission bars without

dispersion, particle velocities at both the ends of the specimen related to the three
measured strain pulses (through one dimensional stress wave theory)

v1= Cg(&1-€R) (2.1)

v2= Cper (2.2)

where I, R, T represent the incident, reflected, and transmitted pulses respectively (fig.

2.5). The average engineering strain rate and strain in the specimen are

e = U1L— V2 _ E_B (er-er-€T1) (2.3)
s S

é= fot edt = i—ifot(Sl‘SR'ST) dt (2.4)
where Ls is the initial length of the specimen. The stresses in both the ends is calculated
with the following elastic relations.

01:A—B .Eg(e1+ €r) (2.5)
As

62=2E Ep. &1 (2.6)
As
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where Ag and As are cross-sectional areas of bar and specimen respectively and Eg is
the young’s modulus of the bar material. Since the specimen is assumed to be under

stress equilibrium in a Kolsky bar test,

61=62 (2.7)
€1+ er=eT (2.8)
g= -2 gq (2.9)

Ls
_ _oC t
e=-2 . J, edt (2.10)

Thus, averaged specimen stress is given as,
1 1A4p
G:_(O-l +02) :__'EB(SI-I_SR +ST) (211)
2 2 Ag
All the above equations were derived based on conservation of mass and momentum
along with the assumption of one-dimensional wave propagation [137]. It should be

noticed that dynamic mechanical properties of Mg alloys have drawn interest from the

community only until recently [142-145].
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CHAPTER 3: AZ31B
In this chapter, the research work on rolled AZ31B will be discussed in detail in the
context of its microstructure using optical and electron microscopy followed by
mechanical behavior under compression in quasi-static and dynamic strain rates.
The material will also be studied for texture, deformation and dynamic
recrystallization mechanisms using EBSD technique. Since volume fraction of
precipitates is expected to be quite low for these alloys, effect of precipitation will
not be studied elaborately in comparison to the next two chapters about Mg- 6 wt.%
Al and Mg- 9 wt.% All. Also, since it is a commercial alloy, extensive research has
already been made on this subject and hence, the results would be specific only to
the effect of confined rolling on these alloys.
3.1 Optical microstructure

Fig. 3.1 depicts the optical microstructure of AZ31B before and after rolling at
different temperatures ranging from 150°C to 300°C along the normal direction
(ND). The average grain size of the baseline solutionized sample was coarse
(~100um). The average grain size of the rolled samples were observed to be smaller
in comparison to the baseline sample and progressively increases as rolling
temperature increases. Initial observations of samples rolled at lower temperatures
(£200°C) showed extensive twinning in the material. The twins can also be noticed
to host dynamically recrystallized fine grains. Also, new dynamically recrystallized
grains were observed along the grain boundaries. Typically, grain boundaries act
as initiation points for recrystallization followed by expansion into the un-

recrystallized grain volume. Fluctuations in grain boundaries in the form of
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serrations and bulges develop followed by which new grains get generated. This

microstructure is commonly known as necklace structure.
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Figure 3.1 Optical micrographs of AZ31B alloys (a) before rolling and after
confined rolling at (b) 150°C, (c) 200°C, (d) 250°C, and (e) 300°C along normal
direction (ND)

Consistent with the schematic illustrating the microstructure development during
necklacing process [146, 147] as shown in fig. 3.2, it can be observed that the

samples rolled at 150°C (fig 3.1b) adorned a necklace structure with equiaxed
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recrystallized grains along the grain boundaries. The mechanism of necklace
structure development is as follows: At low temperatures, twinning and basal slip
occur preceding other mechanisms to accommodate deformation. As strain
increases, dynamic recrystallization (DRX) occurs in areas of high misorientations
due to accumulation of dislocations at defects such as twins and grain boundaries.
These newly formed fine grains deform more easily than the grain core and hence

repeatedly undergoing recrystallization.

original grain boundary

parent grain
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Figure 3.2 Schematic representation of microstructural evolution by necklace
formation: (a) Only the parent grain is present at strain e<ec (b) First layer of
necklace structure forms at grain boundaries (c) Second layer of necklace
structure expands the recrystallization to the core of the grain (d), (e) expansion of
necklace structure to consume whole interior of the grain and (f) the
corresponding flow stress curve [147].

Barnett et al.[95] reported the effect of initial grain size and strain on average grain
size of dynamically recrystallized grains. They established that with a high enough

strain and fine-grained baseline material, impingement of necklace grains on the
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opposite side of the grain resulted in a fine-grained microstructure. In this case,
initial fine grain size increases the kinetics of DRX while coarse grains cause higher
working loads and partially recrystallized microstructures. Necklace structures are
quite common in Mg alloys and were reported by a few other authors as well [148-
150]. The size of the dynamically recrystallized grains at lower temperatures cannot
be determined accurately due to the resolution limitations of the optical microscope
and hence it was deemed that an SEM-EBSD technique was needed to resolve
them.
3.2 SEM- EBSD studies

This section consists of results that can pertain to grain orientation, average grain
size, texture, grain boundary distribution, recrystallization and deformation
mechanisms etc. ND-IPF maps in fig. 3.3 show basal texture i.e., c-axis of most of
the grains are parallel to the normal direction. The color bar shown in fig. 3.3

represented as s standard stereographic triangle corresponds to the crystallographic

orientation of each grain (red, green and blue represent (0001), (1210) and (0110)
respectively. The micrographs from the samples rolled at 150°C and 200°C seem
to draw more interest due to fine grains nucleating along the grain boundaries
(necklace structure) in the former to a fully recrystallized structure in the latter. In
the case of this sample, to attain a fine fully recrystallized microstructure, a rolling
temperature between 150°C-200°C should be chosen to attain better mechanical
properties. The ND-IPF maps show similar trend as optical micrographs for all the

rolling temperatures. There is a considerable decrease from the baseline grain size
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after confined rolling and progressive increase in grain size as rolling temperature

increases (fig 3.4).

1PF Coloring || Z0
Magnesium
0001 -12-10

01-10

Figure 3.3 ND- Inverse pole figure (IPF) maps of AZ31B alloys confined rolled at
(a) before and after confined rolling at (b) 150°C, (c) 200°C, (d) 250°C and (e)
300°C

Although there are a lot of discrepancies in the literature regarding grain sizes
depending on processing parameters (reduction ratio, for instance), initial texture,
etc., the average grain size of this alloy is in good agreement with the range of grain
sizes obtainable from other severe plastic deformation methods such as equal-
channel angular pressing (ECAP), Friction stir processing (FSP), etc. for AZ31B

alloys as shown in fig. 3.5[151-153].
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Figure 3.4 Grain size measurements along ND plane of AZ31B alloy
confined rolled at (a) before rolling and after confined rolling
at (b) 150°C, (c) 200°C, (d) 250°C and (e) 300°C.
This along with the average recrystallized grain size has been explained

using Zener-Holloman parameter (Z) which gives the collective influence of strain

rate (¢) and deformation temperature (T) as shown in equation 3.1 and 3.2.
Z = € erT (3.1)

DDRX = CZ(E_l) (32)
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where R is the gas constant and Q is the activation energy required for

deformation [95, 96, 149]
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Figure 3.5 Relationship between various thermo-mechanical processing
techniques with Z parameter and grain size for AZ31B alloys [95, 96, 149]

3.2.1 Texture

{0001} and {1010} pole figures of the baseline and as-rolled plates are given in

fig. 3.6. The pole figures indicated a strong basal texture that was stabilized during

processing which is characteristic of rolled Mg alloys [7, 151, 153-155]. There were

no signs of randomization of texture although a slight shift in basal texture was

observed. The textural intensity given in terms of multiple intensity of random

orientation (MRD) number above the color bar next to the pole figures is the

normalized probability density of a given orientation. The higher the number, the
stronger texture and vice-versa. This value for samples rolled at 200°C was the
lowest again reiterating the fact that the deformation assisted dynamic

recrystallization is almost complete when rolled at this temperature.
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Figure 3.6 Texture intensity of {0001} and {1010} planes of AZ31B alloys (a)
before and after confined rolling at (b) 150°C, (c) 200°C, (d) 250°C and (e) 300°C
along ND

At 150°C, there was still a large portion of the microstructure that is deformed and
yet to recrystallize hence the strong basal texture, although overall grain size is
small (~1.6um) due to extremely fine recrystallized grains adorned in the form of
necklace structure. It can be observed that the strong texture was slightly shifted
towards the rolling direction (RD) for all sampled rolled above 150°C. This may be
because of confined rolling accommodating thickness reduction along the rolling
direction (RD) and restriction of movement along the transverse direction (TD).

Textural intensity increased with increase with rolling temperature due to the easy
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movement of non-basal slip systems promoting grain rotation along the direction

of deformation [156].

3.2.2. Grain boundary character distribution (GBCD)
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Figure 3.7 (a) Grain boundary distribution and (b) Kernel average misorientation
distribution of AZ31B samples rolled at 150°C, 200°C, 250°C and 300°C along
ND

The GBCD maps of confined rolled AZ31B alloys in fig. 3.7(a) showed a
slightly wide variation in the proportion of low angle grain boundaries (LAGBs-
grain boundary angle <15°) to high (HAGBs- grain boundary angle >15°). The
fraction of low angle grain boundaries was the highest at 150°C and progressively
decreased upto the rolling temperature of 250°C but then increased again at 300°C.
The higher number of LAGBs at 150°C could be attributed to the early onset of
recrystallization and necklace structure formation with the subsequent decrease
attributed to grain growth. But the reason for increase of LAGBs in samples rolled
at 300°C is still under speculation.

Kernel average misorientation (KAM) is generally used to assess local
plastic strain or lattice distortion which correlates directly to the density of
geometrically necessary dislocations, p and the associated stored energy (equation

3.3).
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ZKAMaveTa e
p= Tg (3.3)

It is a pixel-based deformation coloring schemse and the value is a commonly used
metric to quantify local lattice distortion or misorientation in the material. Average
KAM values of all samples with rolling temperatures ranging from 150°C - 250°C
were below 1 (fig. 3.7b) indicating that the structure contains DRX grains because
these grains form at the cost of stored energy provided by the sub-structures and for
samples rolled at 300°C is 1.4 indicating high density of sub-structures formed in
deformed grains. Although KAM values at 300°C were expected to be reduced due
to grain coarsening and dynamic recovery, the values tend to be slightly higher and
the reason needs further probing [157, 158].
3.2.3 Average misorientation

Fig. 3.8 represents the misorientation angle distribution of confined rolled
AZ31B samples. The relative fraction of grains with misorientation angle <50° is
higher in comparison to grains with misorientation angle >50° corroborating the
theory that confined rolling helps in breaking coarser grains to form a finer
microstructure. As temperature increases, grains with 30+5° misorientation
progressively increase with grains having misorientation of ~90£5° decreases. The
fraction of 30+£5° [0001] grain boundaries correspond to newly formed deformation

induced dynamic recrystallization occurring in materials. The presence of 86+5°
tensile twins (TTWSs) {1012} < 1011 > formed to accommodate extension strain

along the c-axis [159]
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Figure 3.8 Misorientation angle distribution showing progressive increase and
decrease of 30£5° misorientation and 8615? twin boundaries respectively as rolling
temperature increases.
3.3 Deformation mechanism

This section attempts to study in detail about the dynamic recrystallization

mechanisms involved and possibility of slip or twin systems aiding in the slight

texture modification of this alloy rolled at various temperatures. The extent of

recrystallization can be analyzed using the grain orientation spread values obtained

through EBSD. This material also exhibited twin based recrystallization along with

the grain-based recrystallization mechanisms which will be discussed further in this

section.

3.3.1 Grain Orientation Spread (GOS):

GOS is the average difference in orientation between orientation at each point in

the grain and the average orientation of the grain. For example, accumulation of

dislocations leads to higher average orientation deviation in the grain, thereby

characterized by high GOS value and vice-versa for well- annealed materials where
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low GOS value is observed due to grains being free of excessive dislocations due

to annihilation and rearrangement of dislocations.
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Figure 3.9 (a) — (d) GOS map and (e) — (h) corresponding recrystallized area
partitioned using GOS <5° criterion of samples along ND rolled at 150°C, 200°C,

250°C, and 300°C respectively
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Although GOS value < 2° is a well-documented approach to identify newly
recrystallized grains as per literature, GOS < 5° will be used in this thesis since it
doesn’t consider coarsening of grains which have recrystallized at earlier stages of
deformation. As seen in fig. 3.9 (a), samples rolled at 150°C exhibited the same
average grain size as that of recrystallized grain size proving that recrystallization
of AZ31B is near completion close to this temperature. Recall, at 200°C, complete
recrystallization was apparent from the optical and SEM micrographs. Hence,
175°C could be an interesting temperature to be chosen for achieving better
microstructure to achieve the desired properties. From fig. 3.9 (b)-(d) it can be
deciphered that the average recrystallized grain size increases as rolling
temperature increases. Also, the average GOS value increases with increase in
rolling temperature indicating grain coarsening as temperature increases. There are
still pockets of unrecrystallized areas due to the possibility of uneven distribution
of stored energy prior to hot rolling required to initiate recrystallization.

3.3.2 Dynamic recrystallization (DRX) mechanism:

The variation of DRX mechanisms with temperature is shown in fig. 3.10.
Continuous dynamic recrystallization (CDRX) mechanism which involves
recovery through rearrangement of dislocations to form sub-grains and continuous
absorption of dislocations in LAGBs to form HAGBs and eventually newly
recrystallized grains was not found predominantly during confined rolling of

AZ31B.
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Figure 3.10 (a), (c), (e), (g) HAGB map of AZ31B samples rolled at 150°C,
200°C, 250°C and 300°C and (b), (d), (f), (h) the corresponding line profile of
misorientations along the line AB in (a)-(d) respectively along ND

On the other hand, discontinuous dynamic recrystallization (DDRX) which is

related to strain induced boundary migration involves nucleation at bulged and
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serrated HAGBs and grain growth through grain boundary migration was
prominent as seen in fig. 3.10.

A few authors reported that at intermediate temperatures of ~200-250°C,
CDRX acts as the controlling mechanism whereas at a higher temperature of ~300-
450°C, DDRX dominates the deformation process. But significant change of
texture was not reported due to DRX irrespective of whatever mechanism occurs
[150, 160, 161] making it an even tougher challenge to solve. Contrastingly, other
authors reported the weakening of texture due to CDRX during extrusion of Mg-
rare earth alloys and since the orientation of DDRX grains was ensuing from the
parent grain, it was expected to retain the strong basal texture of the starting
microstructure [162-165]. However, few other authors observed that rotated
orientation of DDRXed grains from their parents’ grains led to randomization of
texture [163, 166]. Slight randomization of texture and lowering of textural intensity
was observed in AZ31B alloys confined rolled at 150°C.

Apart from DDRX, twinning observed in the samples rolled at 150°C also
contribute to the randomization of texture due to reorientation of the parent grains
by ~86.3° [166]. Copious number of twins formed during deformation divides
coarse grains by intersecting them. Such fragmented grains act as dislocation
barriers which during further deformation influence grain rotation. In summary,
both twinning and DDRX are believed to be two major contributors to the formation
of non-basal textures and texture randomization.

Twin DRX was also observed in the alloys rolled at 150°C. Twins possess

much higher stored energy (since dislocations cannot penetrate through twin
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boundaries) in comparison with the matrix and hence act as favorable sites for DRX
[166]. In the current study, the microstructure contains mostly 86° <1120> tensile
twins as observed from the section 3.2.3. Since the average grain size is very close
to the average recrystallized grain size, the general assumption is that some of these
grain inside the twin region have also been recrystallized. These findings are
substantiated by the work of Al Samman et al. (fig. 3.11a) with a good evidence for
DRX inside twins and some un-recrystallized twins [160]. They found that those
twins that recrystallized contained some amount of pre-existing LAGBs due to the
dynamics of the process which would incorporate dislocations during further
deformation and fragment the twin to form newly recrystallized grains. It was also
remarked that those twins which did not recrystallize were either not favorably
oriented for deformation and lacked LAGBs to multiply and form new HAGB:s. In
the current study, apparently most of the twins were favorably oriented for

deformation and hosted recrystallized ultrafine grains as shown in fig. 3.11b.
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Figure 3.11 Evidence of recrystallization inside twins (marked) in AZ31B alloys
(a) extruded at 200°C [160] and (b) confined rolled at 150°C in RD (this work).
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In addition to twin DRX, the necklace structure which was discussed in
section 3.1 of this chapter also contributed to texture randomization. Al Samman

and co-authors defined this phenomenon as “Low temperature DRX.” They
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observed the presence of serrated grain boundaries of coarse grains which
discontinuously recrystallized by bulging. At higher temperatures, subsequently
necklace layers formed and eventually caused complete DRX. It was speculated
that this low temperature DRX was promoted due to the lack of easily activated slip
systems, low stacking fault energy of magnesium, high grain boundary diffusivity
etc. [160].
3.3.3 The special case of confined rolling at 175°C

The promising results of samples rolled at 150°C and 200°C raises curiosity
about behavior of the material when rolled at an intermediate temperature between
the two given temperatures. The rolling temperature was chosen to be 175°C and
these samples were characterized with the necklace structure of DRX grains and
contained numerous twins (which sub-divide the structure and recrystallize
themselves) in turn refining the microstructure (fig. 3.12 (a)). Grain boundary map
in fig 3.12 (b) revealing higher volume fraction of LAGBs (<15°) ~79% in
comparison to HAGBs (>15°) and IPF maps along ND in fig. 3.12 (c) illustrate the
almost completely recrystallized microstructure with some deformed and mostly

DRXed grains sweeping the entire microstructure.
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Figure 3.12 (a) Optical micrograph (b) grain boundary distribution (c) inverse
pole figures with deformed and fine DRX grains along ND of AZ31B alloys
rolled at 175°C

Looking at the duplex microstructure, this sample posed an interesting
opportunity and it was expected to exhibit better mechanical behavior of these
samples in terms of higher compressive strength and larger strain to fracture. A
comprehensive analysis of the effect of rolling temperature on the mechanical
behavior of this alloy is described in the upcoming section.

3.4 Mechanical properties under compression
3.4.1 Stress-strain behavior at different strain rates under compression
Fig. 3.13 represents the quasi-static and dynamic behavior of AZ31B alloys
confined rolled at various temperatures. At quasi-static strain rates, there is a steep

increase in strain hardening rate whereas in dynamic strain rates, it was at a gradual
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pace. In comparison to the baseline alloys at quasi-static rates, the rolled alloys

exhibited 1.5 times higher compressive strength, but malleability was halved.
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Figure 3.13 (a) Quasi-static and (b) dynamic compressive behavior of AZ31B
alloys rolled at different temperatures along ND

Most of the rolled samples except the ones rolled at 175°C either didn’t exhibit change
(samples rolled at 150°C and 250°C) or exhibited strain rate softening i.e., decreased
in compressive strength (samples rolled at 200°C and 300°C) with increase in strain
rate. The behavior at 200°C is an outlier and may be attributed to the presence of
inherent defects or flaws created in the material itself during casting. Usually,
magnesium alloys demonstrate excellent strain rate hardening due to less time available
for plastic deformation mechanisms to kick in and the abundant availability of
deformation resistance force generated by the nature of the material [127, 167, 168] but
in this alloy, it shows no strain rate dependence. However, increasing the strain rate
increases the ductility of the alloy. Along with that, this alloy could be observed to
deform significantly by twinning at both the strain rates signifying those non-basal

planes were not evoked to accommodate plastic deformation.
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3.4.2 Strain hardening rate and coefficient
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Figure 3.14 (a) Strain hardening rate and (b) Strain hardening coefficient of the
AZ31B alloy under quasi-static conditions along ND.

Strain hardening rate of AZ31B confined rolled samples (fig. 3.14 (a))
decreases initially, then increase again slightly and finally decline with increase in
strain. Similarly, the magnitude of strain hardening exponent of AZ31B alloys rolled
at 150°C was the highest and possessed the maximum amount of plastic strain in quasi-
static rates whereas other samples showed similar strain hardening tendencies.

At dynamic strain rates, the value of strain hardening exponent shows
decreasing trend and lower values of plastic strain. The higher value of strain hardening
exponent in samples rolled at 150°C at quasi-static rates can be attributed to the
presence of extension twins. It was observed in literature that the extension twins grow
quickly and consumed the whole grain and are not effective in refining grain size
through Hall Petch effect. Therefore, their contribution to strain hardening is mainly
through texture hardening rather than Hall-Petch kind hardening since they rotate
grains into orientations with c-axis parallel to loading axis. Contribution of deformation
twinning to strain hardening can be divided into three stages: (a) Strengthening by grain
size reduction by forming twin boundaries, (b)glissile to sessile dislocation

transformation in the twinned region, and (c) texture hardening or softening within new
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twinned orientations. Few authors provided experimental evidence of improvement of
flow strength from 115MPa to 150MPa around strain~0.065 where extension twinning
was highly active [19, 169]. Presence of substantial amount of extension twins in
confined rolled AZ31B alloys could be a rationale for their strain hardening behavior
at lower temperatures.

3.4.3 Strain Rate Sensitivity (SRS)

As illustrated in fig. 3.15, the strain rate sensitivity of AZ31B alloys rolled at
150°C is the highest. The general trend is the decrease of SRS until 200°C after which
it increases followed by its decline for samples rolled at 300°C. The drop in SRS trend
from 150°C to 200°C can be attributed to the occurrence of extensive twinning
produced to accommodate deformation in addition to basal slip in the absence of non-
basal slip systems [170]. At increasing rolling temperature, the increase of SRS
indicates completion of dynamically recrystallized grains formed due to the stored
energy through activation of both basal and non-basal slip systems. Given the m values
for this alloy (m<0.2), it can be safely concluded that dislocation creep, i.e., dislocation
motion in the lattice during deformation operates as climb controlled. Dislocation creep
may operate as either glide-controlled creep (m>0.3) or climb controlled creep (m ~0.2-
0.25) [171].

The glide-controlled creep is a process of glide on slip planes in the case where
solute atoms (such as Zn and Al in AZ31B) impedes dislocation movement. The climb-
controlled dislocation movement is the climb through non-conventional dislocation
motion over second phases. The conclusion of climb controlled creep process seems

reasonable considering the lower volume fraction of precipitates (<2%) in AZ31B
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alloys. Above 300°C, grain size increases dramatically and abnormally. As a result,
dislocations are greatly reduced since non-basal dislocations are generated at the grain
boundaries due to incompatibility strains. Hence, decrease of m-value due to coarser

grains seem reasonable [171].
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Figure 3.15 Strain Rate Sensitivity (SRS) of AZ31B alloy rolled at different
temperatures along ND.

3.4.4 Fracture surface analysis under quasi-static compression

Fig. 3.16 shows fracture surface morphology of AZ31B tested under quasi-static
conditions along ND at both macro and microscopic magnification levels. Since the
dynamic tested samples were broken into bits and pieces, they could not be
recovered for failure analysis. Initial observations of macroscopic details of fracture
surface showed sample failing with fracture lines along 45° orientation with respect

to the loading direction.
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Figure 3.16: Fracture surface SEM macro (a, ¢, €, g, i) and micrographs (b, d, f, h,
j) of AZ31B samples confined rolled at 150°C,175°C,200°C,250°C,300°C
respectively after quasi-static compression along ND
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Some evidence for shear localization was seen on both the sides of the shear band
(marked by red arrows) suggesting a strain gradient across the fracture line with
maximum strain towards the center. Samples rolled at 150°C and 250°C didn’t
show branching of the main crack however, they also failed through shear only.
The fracture surface micro-morphology of samples rolled at 150°C and
175°C was not studied since the sample didn’t break during the operation. The
sample failed through intermittent cracking and the crack was not connected as seen
in fig. 3.16 (b) and (d). Samples rolled at 200°C showed micro-cracks parallel to
the main crack. Samples rolled at temperature range of 200°C-300°C exhibited
ductile fracture as shown in the form of elongated dimples in the fracture surface

(fig. 3.16(c-d)).

3.5 Chapter summary

By far, based on the microstructural and mechanical property correlation, AZ31B
samples confined rolled at lower temperatures (<200°C) responded positively with
respect to the refinement of microstructure and improved mechanical properties in
terms of higher compressive strength and slightly larger strain to failure especially
in the case of samples rolled at 175°C. But a complete randomization of texture was
not observed in any of these alloys. With dynamic recrystallization almost near
completion, the samples will be expected to be isotropic. The recrystallized grains
did not possess a random texture however, there was a slight shift in texture towards
the RD probably because of confinement and thickness accommodation along the
RD rather than TD. AZ31B rolled at a temperature range of 150°C -200°C showed

better properties in terms of both compressive strength and strain to failure. The
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work hardening rate was also slightly higher in this range due to completion of
recrystallization and refinement of microstructure. However, they were not strain
rate sensitive. Fracture surface morphology showed that the sample failed due to

shear and exhibited features for ductile failure.
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CHAPTER 4: Mg-6%Al
In this chapter, the research work on Mg-6%Al will be discussed with respect to
the effect of addition of Al as an alloying element on the microstructure and
mechanical behavior of confined rolled alloys. In the previous chapter, effect of
addition of 3% Al to Mg was discussed. However, this alloy will show some
complexity in terms of precipitation but not as much as expected from Mg-9%Al
(which will be discussed in the next chapter). The extent to which deformation and
dynamic recrystallization mechanisms will be affected due to dispersion of
precipitates will be extensively studied in this chapter. Also, the effect of volume
fraction, size, type and morphology of the precipitates in altering the
recrystallization, deformation and ultimately the mechanical behavior of material
will be analyzed elaborately. The expectation with this alloy is that it would be a
perfect candidate for structural applications with the right amount of precipitation
since they would aid in improving strength and simultaneously through
precipitation hardening and acting as nucleation sites for fine dynamically
recrystallized grains. The microstructure (optical/electron microscopy along with
texture, deformation and dynamic recrystallization characterization through EBSD
technique) and mechanical behavior (quasi-static and dynamic strain rate behavior
under compression) of Mg-6% Al (A6) alloys will be studied in a similar manner
as AZ31B. Additionally, the effect of precipitation (type and morphology) will be
characterized with the help of TEM and correlated with their effect in affecting

plastic deformation behavior of the material.
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4.1 Optical Microstructure
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Figure 4.1 Optical micrographs of A6 al
rolling at (b) 200°C, (c) 250°C and (d) 300°C along normal direction (ND)
Fig. 4.1 shows the optical microstructure of A6 alloys confined rolled at 200°C (a),
250°C (b) and 300°C (c) respectively. The average grain size of the baseline alloy
(before rolling) is found to be ~150um. As rolling temperature increases, the extent
of dynamic recrystallization increases with the microstructure being almost fully
recrystallized at 300°C. The microstructure at 200°C and 250°C consists of
recrystallized grains in either twins or shear bands. They had a necklace structure
like that of AZ31B confined rolled at 150°C described in the previous chapter. Due

to the resolution limit of optical microscope, the extremely fine features at these

temperatures were not visualized properly. Hence, an advanced technique, EBSD
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is required to study the finer details of the microstructure including grain size,
extent of recrystallization, texture, effect of precipitation etc.

4.2 SEM-EBSD studies
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Figure 4.2 Inverse Pole Figure (IPF) map and the corresponding grain size
measurements along ND plane of A6 alloys confined rolled at
(a)&(d) 200°C, (b)&(e) 250°C and (c)&(f) 300°C respectively.
From the ND-IPF maps given in fig. 4.2, like AZ31B, it can be observed that the c-
axes of most of the grains lie parallel to the normal direction thus confirming basal

texture. Although compression and tensile twins are expected at lower
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temperatures, the microstructure shows no to minimal twinning when observed
through EBSD. At 200°C, there is no fragmentation observed in the bigger grains
hence attributing to the highest average grain size among the three samples. This
could be possible due to the precipitation kinetics being higher at lower temperature
leading to a higher solute (Zener) drag hence retarding movement of the grain
boundaries and in turn, recrystallization. Extensive fragmentation of grains and
recrystallization is found in the samples rolled at 250°C giving rise to a smaller
average grain size among the three samples (the average grain size is expected to
be even smaller since some grains remain unindexed due to the limitations in the
resolution limit of EBSD technique). This variation in grain size is due to the higher
area fraction of coarse un-DRXed grains at lower temperatures and the subsequent
increase in the area fraction of the recrystallized grains with further increase in
rolling temperature. At 300°C, higher grain size was expected and observed due to
the availability of thermal energy for grain coarsening.

4.2.1 Texture

Fig. 4.3 (a), (b), (c) and (d) represent the {0001} and {1010} pole figures of the
as-rolled plates taken along the ND plane. The basal texture has been slightly
shifted but still not randomized, and the c-axis is almost parallel to the normal
direction at all the three rolling temperatures. It can be observed the strong texture
had slight inclination towards transverse direction (TD) for samples rolled at 200°C
and along ND for samples rolled at 250°C and 300°C. Confined rolling could be a
reason for this slight shift in texture in the sample. The strong basal texture

appearing at 200°C seemed to be consistent with the presence of a high fraction of
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unrecrystallized deformed parent grains. With increase in temperature, volume of
dynamically recrystallized (DRXed) grains increased consuming a major fraction
of the deformed grains. The strong basal texture at 200°C evolves into a relatively
weak texture at 250°C due to the dispersed orientation of the newly formed DRXed
grains which was the main source for the weakening of the deformation texture like

other severe plastic deformation methods such as ECAP[172] and DSR [156].
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Figure 4.3 (a) —(c) Texture intensity along the ND of {0001} and {1010} planes
of A6 alloys confined rolled at (a) 200°C, (b) 250°C and (c) 300°C

A similar drop in {0001} textural intensity (indicated qualitatively by the multiple

intensity of random orientation number (MRD) above the color bar next to the pole
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figures) was also observed in the case of confined rolled AZ31B samples (previous
chapter) between rolling temperatures of 150°C and 200°C. As temperature
increases, the texture intensity begins to increase at 300°C. This is due to the easy
dislocation movement facilitated by the activation of non-basal slip systems thereby
promoting rotation of the grains parallel to the direction of deformation [156].
4.2.2 Grain boundary character distribution (GBCD):

Fig. 4.4 (a) shows that low angle grain boundary (LAGB fraction- grain boundary
angle <15°) for samples rolled at 200°C and 250°C was similar and the highest in
comparison to samples rolled at 300°C. The boundary fraction of grain boundaries
with angle between 2-5° progressively increased with increase in rolling
temperature indicating the occurrence (ultrafine necklace structure) and near
completion of DRX at 200°C and 250°C respectively. This may be due to
precipitates faciliting dynamic recrystallization by acting as nucleation sites and not
facilitating grain growth by securing grain boundaries through Zener pinnning
effect. Also, the increase of HAGBs could correspond to grain coarsening at higher
temperatures due to availability of thermal energy to overcome the particle pinning

effect.
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Figure 4.4 (a) Grain boundary distribution and (b) Kernel average misorientation
distribution of A6 samples rolled at 200°C,250°C and 300°C along ND

Kernel average misorientation (KAM) being an important indicator of
geometrically necessary dislocation density, associated stored energy and strain
distribution on individual measurement points was also studied for these alloys. It
can be clearly seen that for samples rolled at 250°C, the KAM distribution was
broader with higher average values in comparison to samples rolled at other
temperatures indicating heterogeneity in dislocation arrangement, higher strain and
dislocation density. At 300°C, the curve showed less broadening and inclined
towards smaller average values due to lesser change in misorientation because of
dynamic recovery (DRV). KAM values for samples rolled at 200°C and 250°C
indicated that the samples were more strained in comparison to the samples rolled
at 300°C. As the temperature of deformation reduced, strain accumulated in the

material increased.
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4.2.3 Average misorientation
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Figure 4.5 Misorientation angle distribution showing progressive increase of
30+£5° boundaries with increase in rolling temperature

The misorientation angle distributions of confined rolled samples were compared
in fig. 4.5. The diffused population ranging from 0.5° to 180° with minor peaks at
~30+5° was observed in all the cases. Surprisingly, no significant peaks were
observed at ~90 + 5° misorientation angle partially indicating that twinning is
negligible in the rolled alloys which is entirely contrasting to the results obtained
from AZ31B rolled at lower temperatures. Twinning becomes extremely difficult
with fine-grain alloys containing precipitates [173]. Hence, an additional dislocation
mechanism should be in place of twinning for such fine-grained alloys. The 30°
[0001] grain boundaries which are common in Mg alloys after thermo-mechanical
processing are mostly attributed to the formation of coincident site lattice (CSL)
boundaries close to X13a boundaries[159, 161]. They are an indication of DRX
occurring in materials. As discussed by Liu et.al [159], these grain boundaries
correspond to an energy minimum and were highly mobile due to easy glide of

Shockley partials along the {0001} plane [163, 164]. This may also be due to the
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reason that most of the grains inside twins might have recrystallized at 200°C and
could be resolved better than optical microscopy through the SEM- EBSD
technique.

4.3 Deformation mechanism
In this section, an elaborate discussion on the dynamic recrystallization
mechanisms, suppression of twinning, different strengthening mechanisms etc. will
be done on A6 alloys. Since precipitation in this system is more in comparison to
AZ31B alloys, it is imperative to understand their effect on recrystallization
Kinetics, invoking non-basal slip systems etc.
4.3.1 Grain orientation spread (GOS):
In the case of a distorted grain, due to the accumulation of dislocations and
subsequent development of misorientation within the grains, this average
misorientation i.e., GOS would be a higher value. On the other hand, a completely
annealed material or a recrystallized microstructure might have a lower GOS value
due to dislocation free grains due to annihilation and rearrangement of dislocations
and due to the formation of defect-free and strain-free grains respectively. In the
case of A6, an approximation of GOS value <2° was chosen to differentiate
between recrystallized grains to the deformed parent grains in contrast to the GOS
value <5° chosen for AZ31B alloys. This was done after careful measurement of
GOS values of small equi-axed grains formed around the vicinity of larger
deformed grains. Primary reason for this conservative criterion is due to
recrystallized grain size changing drastically to coarse grain sizes if GOS criterion

was increased for A6 alloys.
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The images of the partitioned recrystallized grains based on the above said
criterion for various rolling temperatures are given by fig. 4.6. From the
microstructures, it can be clearly observed that the volume fraction of recrystallized
grains increased as the rolling temperature increased up to 250°C and then
decreased as temperature increased further. Also, the average size of recrystallized
grains was the smallest at the rolling temperature of 250°C and increased as the

temperature increased.
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Figure 4.6 (a) — (c) GOS map and (d) — (f) corresponding recrystallized area along
ND partitioned using GOS <2° criterion of samples rolled at 200°C,250°C and
300°C respectively



87

A viable reason could be that at low temperatures, critical strain for DRX would
have been reached at many sites whereas at higher temperatures, due to the
enhanced relaxation process, the critical strain would not have been available at a
lot of sites in comparison to lower rolling temperatures leading to a smaller number
of recrystallized grains [174]. The lower GOS and higher recrystallized grain size
value of samples rolled at 300°C indicated completion of recrystallization and grain
growth respectively.

4.3.2 Schmid factor

Fig. 4.7 shows the variation of Schmid factor of predominant slip systems with
rolling temperatures. Activity of basal slip appears to be lower at all the
temperatures in comparison to the activity of non-basal slip system, i.e., pyramidal
Il system being the highest for all the different rolling temperatures. All other non-

basal slip systems remained the same through the variation of rolling temperatures.
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Figure 4.7 Variation of Schmid factor with rolling temperature along ND

From fig. 4.8 which shows the activity of various slip systems in a single grain in
the microstructure, it was evident that non-basal slips (mainly <c+a> pyramidal Il

slip system) were active at all the rolling temperatures which was proved by higher
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Schmid factor of 0.46-0.47. This is possibly due to the deformation assisted DRX
and the effect of compatibility stresses. In large-grained Mg alloys, to satisfy the
von-Mises criterion, twinning acts as an auxiliary deformation mechanism to basal
slip. In juxtaposition, fine grained A6 alloy do not show extensive twinning at any
stage of deformation as twinning becomes increasingly difficult with decreasing
grain size and higher volume fraction of precipitates [173].

Strain incompatibility is caused in the grain boundaries when only two
independent slip systems are available instead of the necessary five. Additional
stresses arise to maintain strain compatibility in the grain boundaries since the
boundaries are strong enough for Mg alloys. In this process, non-basal dislocations
as well as twins get activated. This phenomenon is well documented in bi-crystal
experiments [175-177]. In equi-channel angular extruded (ECAE) AZ31B,
Kobayashi et al. and Koike et al., reported that non-basal dislocations were
generated several microns from grain boundaries. In fine grained alloys, the

compatibility stress sweeps the entire grain volume.
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Figure 4.8 Basal slip Schmid factor maps along ND for samples rolled at
200°C, 250°C and 300°C respectively

On one hand, this compatibility stress at grain boundaries restricts the basal slip

and on the other hand, enables activity of non-basal slip [174-180]. The distance of

influence of compatibility stress from grain boundary has been analyzed to be

~10pm [179]. In the case of A6 alloy, the grain size for samples rolled at 250°C and
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300°C ranging from 9um -19um was sufficient to activate both basal and non-basal
dislocation slip systems. This compatibility stress induced by higher volume
fraction of precipitates was attributed as the main reason for the activation of
pyramidal 11 slip systems in these confined rolled alloys.

4.3.3 DRX mechanism

Mechanisms of plastic deformation and DRX varied with different temperature
regions as shown in fig. 4.9. In the low rolling temperature regime (200-250°C),
continuous DRX (CDRX) was found to operate whereas at high temperatures (such
as 300°C), it was unclear which mechanism was operating, while choosing the grain
for studying its interior misorientation, it could either be DDRX or it could simply
be a recrystallized grain since the misorientation inside is the lowest in this case as
well. The model proposed by Galiyev et al. for ZK60 alloy was found to be accurate
with the A6 alloy system [99]. According to them, the following are the
mechanisms:

. At low temperatures, basal dislocations with a Burgers vector accumulate near twin
boundaries. Therefore, the internal stresses created due to the remaining large
elastic distortion exceeds the local CRSS required for non-basal slip. This
rearrangement of dislocations results in the formation of high angle grain
boundaries. Along with that, <c+a> dislocations are also required for the complete
formation of 3D recrystallization nuclei [99].

. At intermediate temperatures, cross-slip of a dislocations on non-basal planes
which is activated predominantly near grain boundaries due to higher stress

concentration controls plastic deformation. This leads to a transition of screw
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dislocation to edge dislocation (which can readily climb since it lies in a non-basal
plane) by Friedel-Escaig mechanism. A network of low angle boundaries gets
generated at the vicinity of the grain boundaries by dislocation rearrangements
through the above-mentioned mechanisms of cross-slip and climb. Cross-slip of a
dislocations by Friedel-Escaig mechanism controls both plastic flow and DRX
nucleation. Recrystallized grain size is at the lowest in this temperature range since
the process is not diffusion controlled.

. At high temperatures, dislocation climb becomes the controlling process since the
activation energy of plastic flow approaches the activation energy of volume self-
diffusion. Bulging of grain boundaries caused by strain localization at slip lines
leads to DRX nucleation. Fast dislocation climb leads to the formation of low angle
grain boundaries which in-turn trap moving dislocations and converts them into
high angle grain boundaries. In this case, dislocation climb controls both plastic
deformation and nucleation of DRX [99].

This behavior of A6 alloys was slightly varied with reference to AZ31B
alloys which exhibited only discontinuous dynamic recrystallization (DDRX) at all
rolling temperatures. This change in A6 alloys may perhaps have been due to the
invocation of non-basal slip systems combined with the refinement of grain size or
the effect of precipitate in pinning the grain boundaries hence reducing the driving

force for DDRX which will be studied in detail in the upcoming chapter.
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Figure 4.9 Grain boundary map along ND (a-c) and corresponding line profiles of

misorientation indicated by black arrow A-B (d-f) for samples rolled at 200°C,
250°C and 300°C respectively.

4.4 Effect of Precipitation

4.4.1 Continuous and discontinuous precipitation

In the case of Mg-Al systems, discontinuous precipitation (DP) is a duplex growth

with alternative layers of secondary phase and near-equilibrium matrix phase

at

high angle grain boundaries. Precipitates which form in all the remaining regions

of the super-saturated Mg-Al matrix are called continuous precipitates (CPs). Both
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signify a solid-solid phase transformation where a super-saturated solid solution,
ao, decomposes into a new solute-rich precipitate, y, and a comparatively less
saturated, near equilibrium phase, a, with a crystal structure similar to the parent
phase ao. The mechanism behind CP is nucleation and growth of the y phase inside
the oo grains, whereas, for DP, the alternating layers of a and y phases form behind
a moving grain boundary. The volume fraction of DP depends on various factors
such as the reaction front velocity, temperature, average composition of the solute
depleted a-lamellae, grain boundary condition, etc. [181-183]. In contrast, the phase
transformation during CP is a sequential process of nucleation, growth, and
impingement [114, 184, 185]. In both the cases, the limiting factor would be a
reduction in the driving force for propagation and impingement. The amount of CP
depends on crystal defects within the matrix acting as heterogenous sites for
nucleation.  Apart from grain boundaries, other nucleation sites include
dislocations, vacancies, stacking faults, etc. Especially, important are vacancies
that promote volume diffusion. Vacancy diffusion can be prominent in this alloy
due to the comparable size of Al and Mg atoms. Discontinuous and continuous
precipitation are favored when grain boundary and volume diffusion is favored,
respectively. In the case of this alloy system, confined rolling and subsequent
quenching would have increased the concentration of (non-equilibrium) vacancies.
The wvolume fraction of continuous precipitates increased with increasing
temperature. At higher temperature, diffusion becomes faster, resulting in larger

volume and more massive precipitates.
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Precipitation in A6 alloys differs with location namely, continuous precipitation
which occurs within grain interiors and discontinuous precipitates which occur
along grain boundaries. Both types of precipitates could be observed to coexist in
the matrix, i.e., continuous precipitates inside the grains and discontinuous
precipitates along the grain boundaries. At lower and higher rolling temperatures
of 200°C, continuous precipitation appeared to be predominant although the
mechanism of precipitation is different. At 200°C, continuous precipitates were in
nucleation and growth regime and eliminated most of the super-saturation hence

preventing discontinuous precipitates from nucleating (fig.4.10).

precipitates in samples rolled at (a)200°C (b)250°C (¢)300°C. Green color
represents Mgi7Al12 precipitates.

At the intermediate temperature of 250°C, both continuous and discontinuous
precipitation co-existed. However, discontinuous precipitation dominated as seen
in figure 4.10 (b). These continuous precipitates might act as nucleating agents for
recrystallization when discontinuous precipitates pin the grain boundaries in turn

arresting grain growth causing a refined microstructure.
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Figure4.1i??i§7\'ﬁ'icrographs showing continuous and discontinuous precipitates
in samples rolled at (a), (d) 200°C (b), () 250°C (c¢), (f) 300°C (continuous and
discontinuous precipitates shown in black and red arrows respectively).

The macroscopic kinetics of discontinuous precipitation depends on nucleation rate
per grain and its average nucleation time is approximately one order of magnitude
larger than the propagation time making initiation much more difficult if continuous
precipitation occurs. At 300°C, volume diffusion in front of a moving grain
boundary during the growth of a discontinuous precipitate colony equalized solute
content in both sides of the boundary hence reducing the chemical driving energy
for propagation of discontinuous precipitation [186]. However, TEM micrographs
show micrographs of both coarse discontinuous and fine nano-sized continuous

precipitates. Hence, it would be interesting to know the balancing act of Zener
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pinning and particle stimulated nucleation in forming the final microstructure of the
material thereby affecting its mechanical properties.

4.4.2 Particle stimulated nucleation and Zener pinning

Numerous studies have indicated that particle stimulated nucleation (PSN) has a
profound effect on DRX by formation of deformation zones around the particle
which would hinder dislocation movement hence forming LAGBs. Second phase
particles have a significant PSN effect on DRX behavior by accelerating DRX

nucleation.
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Figure 4.12 Particle stimulated nucleation observed in A6 samples rolled in bright
field (a), dark field (b) and selected area diffraction (SAD) pattern (c) at 250°C
and 300°C respectively
Humpreys concluded that a) recrystallization originates at the pre-existing sub-
grain within the deformation zone but not necessarily at the particle surface; (b)
nucleation occurs by sub-boundary migration; (c) a grain may stop growing when
the deformation zone is consumed. A common feature of PSN is that the

recrystallized grains do not grow large and eventually get surrounded by other

recrystallized grains [181, 187, 188]. Based on TEM observation, only samples rolled

at 250°C and 300°C exhibited evidence of PSN (fig. 4.12) and looking at the fine
recrystallized grain size of ~6.97um at 250°C for instance, it can be safely
concluded that PSN played a major part in recrystallization along with deformation.

When coarse particles act as nucleation sites for recrystallization, nano-

sized fine particles present in the microstructure exhibit a pinning effect on grain
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boundary migration thus, mitigating their growth. This effect is described as

pinning the rearrangement of dislocations and grain boundary migration [181, 187,

188]. For grain boundary migration, the pinning effect by precipitates is given by:
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In the above equations, PE¢* is the driving force My is grain boundary mobility, Q

is apparent activation energy, Pz is Zener pinning pressure and Pc is boundary

curvature pressure, p is dislocation density, G is shear modulus, b is Burger’s

vector, vy is grain boundary energy, r is average radius of precipitates and % is the

mean radius of grain boundary curvature. Based on TEM observations of

precipitation, it can be assumed that the outstanding grain refinement of samples

rolled at 250°C was indeed due to the finer grain sized precipitates [181, 182, 188-

192].
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Figure 4.13 Variation of DRXed grain size with Zener-Hollomon parameter [188]
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Also, researchers have reported that DRXed grain sizes of Mg alloys are governed
by the Zener-Hollomon parameter, Z= ¢ exp(Q/RT), where & is the strain rate and
T is the temperature as shown in fig. 4.13 [188]. When the compression temperature
is fixed, the DRXed grain size decreases with increasing strain rate whereas at a
given strain rate, the DRXed grain size decreases as temperature decreases. The
slope of grain size exponent, m is less for fixed strain rate than for the fixed
temperature proving that influence of compression temperature on DRXed grain
size is stronger than that of the strain rate since it influences the size, volume
fraction and morphology of the precipitates. This is precisely the same reason why
the grain size of A6 initially at ~150um reduces to ~9-30um after confined rolling
[185, 188, 190]. Also, some amount of shear stress could have developed along the
ND plane due to restriction of movement along TD during confined rolling and

could also have been another reason for this drastic grain refinement.

4.4.3 Precipitate morphology

Traditional heat treatment and severe plastic deformation techniques produce
precipitates with high aspect ratios leading to poor strengthening. These long aspect
ratio precipitates can act as a source of spall failure since they act as sources of void
nucleation which accelerates failure during real-time applications. Attempts have
been made to refine the size and alter the shape of the precipitates through
deformation assisted precipitation and some researchers were successful in refining

the microstructure [114, 117, 184].



100

Figure 4.14 (a)Particle structure in metals, (b) Particles having an ellipsoidal
shape with rotational symmetry around RD axis and (c) drag force as a function of
particle aspect ratio based on geometry given in (a) [181, 182]

and (c) 300°C

Nes et al.[182] studied the effect of spatial distribution of particles and shape effects
on the mobile boundary of the recrystallized grains during annealing of cold rolled
Al-Mn alloys. They demonstrated that the shape of the particles does matter.
However, the pinning effect is slightly larger than spherical precipitates only when
a particle with small aspect ratio meets the boundary with the short axis
perpendicular to it or a particle with higher aspect ratio meets the boundary with

long axis perpendicular to it. Shape of the precipitate is strongly dependent on
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particle distribution parameter, § = g and particle shape parameter, € =§

represented by the eccentricity of the ellipsoidal particle as shown in fig. 4.14. In
the case of A6, the drag force exerted by plate shaped particles was more in
comparison to spherical precipitates as can be seen from fig. 4.15 and 4.16 [181,
182]. At pressure ratio around 0.1 and with particle distribution parameter of 5,
even for spherical particles (¢ = 1), strongly flattened recrystallized grains were
observed. The effect of grain shape due to particle shape can be disregarded at lower

pressure ratio (g < 0.2) since it is considerable only at higher pressure ratios (q >

Deformation )
8 substructure Particles
&7
~
R

Grain aspect ratio

003 01 oz 03 0a 0% 10
Pressure ratio g « £, /P, j- Drp

Figure 4.16 (a) Recrystallized grain aspect ratio as a function of pressure ratio, g,
with & and e as variables and (b) short transverse-longitudinal section of a
recrystallized grains [181, 182]

X

The volume fraction of ellipsoid samples was the highest for the samples rolled at
250°C (fig. 4.15). This was attributed as the reason for better mechanical properties
due to the exceptional drag force exerted by the particles of the cross-section which
will be described in the upcoming section. This drag force perhaps, kept grain

growth under control and refined the microstructure effectively.
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4.5 Mechanical properties under compression

4.5.1 Stress-strain behavior at different strain rates under compression
Quasi-static (strain rate ~1073s) and high strain rate (1*10°s™) experiments were
performed in uniaxial compression using INSTRON model 5582 Universal Testing
Machine and conventional Kolsky (Split Hopkinson Pressure Bar SHPB)
respectively. As seen in fig. 4.17, at quasi-static conditions, strain hardening rate
remained steep and almost constant at all temperatures. The compressive strength
of the alloys rolled at different temperatures was almost doubled and ductility
almost halved in comparison with baseline alloys. While there was no change in
ductility, there was a decrease in compressive strength as rolling temperature
increased. The sigmoidal shape of the curves indicated profuse twinning in this
material. In contrast, at dynamic conditions, the same alloys exhibited higher
strength and ductility as rolling temperature increased.

The material rolled at 250°C and 300°C exhibited strain rate hardening i.e.,
the compressive strength increases with increase in strain rate. Particle stimulated
nucleation (PSN) observed in the alloys rolled at these temperatures might be a
major factor for such exceptional behavior of this alloy. The observed flow stresses
at dynamic strain rates were higher in comparison to quasi-static rates hence
signifying that the alloys at those temperatures could be strain rate sensitive. Again,

the balance between PSN and Zener pinning enabling refinement of the
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microstructure could be a reason for the increased strain rate sensitivity (SRS) of

this material in comparison to AZ31B alloys which showed zero to negative SRS.
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Figure 4.17: (a) Quasi-static and (b) dynamic compressive behavior of A6 alloy rolled
at different temperatures along ND

The strain to fracture looks similar for both the current alloy and AZ31B at quasi-static
strain rates however, at dynamic strain rates, A6 tends to be more malleable since the
effect of precipitation in altering the deformation and recrystallization mechanisms

plays a critical role although AZ31B had fine grains like A6 alloys.

4.5.2 Strain hardening rate and coefficient

Strain hardening capability of a material can be assessed by two factors: First is the
strain hardening rate shown in figure 4.18 (a) at quasi-static strain rates. All the
samples showed similar trend i.e., a linear decrease in the strain hardening rate
(Stage Il hardening) as true strain increased followed by Stage 1V hardening
commonly seen in slip assisted deformation [193]. A6 samples rolled at 200°C had
the highest initial strain hardening rate but the lowest ductility when compressed at
high strain rates. This could be attributed to higher volume fraction of precipitates
and rod-shaped morphology of the precipitates which effectively impede

dislocations than spherical precipitates [194]. Second factor is the strain hardening
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exponent [194, 195], larger its magnitude, greater the strain hardening for a given
amount of plastic strain. Figure 4.18 (b) represents the variation of strain hardening
exponent with varying temperature for different strain rates showing a decreasing

trend as strain rate increased.
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Figure 4.18: (a) strain hardening rate at quasi-static strain rate and (b) strain
hardening coefficient of A6 alloys along ND

4.5.3 Strain rate sensitivity (SRS)

Higher values of SRS indicate better post uniform deformation and a gradual loss
of load bearing capacity [193, 194]. Figure 4 shows SRS value increasing until
250°C and then decreases for samples rolled at 300°C. This may be due to the
possible nucleation of twin boundaries at lower strains followed by their
disappearance [196, 197] which can be slightly observed in figure 1(b). Although
strain hardening rate of samples rolled at 200°C was the highest, higher volume
fraction of the precipitates could have prevented the migration of twin boundaries
hence making them less strain rate sensitive compared to 250°C which seems to be
a temperature where both twin and slip assisted deformation occurs amicably hence
having better strength and ductility simultaneously compared to samples rolled at

other temperatures.
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Although the values of SRS at 300°C might seem to be extremely low, it can be
deceiving since the sample had a good strain hardening behavior as strain increased.
The reason for the comparatively lower yielding in the material rolled at 300°C can
be attributed to perhaps the bimodal distribution of precipitates (coarse
discontinuous and fine continuous precipitates) and the extensive drag exhibited by

the nano continuous precipitates associated with change of texture etc. [198].
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Figure 4.19: Strain rate sensitivity (SRS) of A6 alloys along ND
4.5.4 Fracture surface analysis under gquasi-static compression:

Figure 4.20 (a, c, e) shows macroscopic fracture surfaces of A6 samples rolled at
200°C, 250°C and 300°C respectively after quasi-static compression along ND. All
the dynamically tested samples were broken into tiny bits and hence, could not be
recovered for failure analysis. The quasi-static compression testing failed samples
were characterized by the presence of fracture lines oriented at 45° with respect to
the loading direction. All the samples showed shear failure with evidence of

localized shear flow on both sides of the shear band (marked by red arrows).



106

According to Wright et al. [199] this shear banding exhibits a canonical structure
where the flow lines curve into one side of the band and curve away from the other
side of the band as pointed by arrows in fig. 4.20 a, c, e. This suggests that a strain

gradient occurs across the fracture line with the maximum located at the mid-point.

D Ao S N
2okl Xirodo, 10um
e A0 st

11 30 SEI

Figure 4.20: Fracture surface SEM macro (a, c, €) and micrographs (b, d, f) of A6
samples confined rolled at 200°C, 250°C and 300°C respectively after quasi-static
compression along ND
The fracture surface microstructure of the rolled samples shown in fig. 4.20 b, d, f
suggests that the fracture surface was almost flat at lower temperatures (200°C and

250°C) with shallow dimples and slightly deeper dimples observed at 300°C. The

relatively clean edges of the tearing regions at lower temperatures showed low
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ductility of the alloy (200°C). Also, some sheet like micro-facets were observed in
the samples rolled at 200°C.
4.6 Chapter summary

The effect of addition of 6 wt.% Al on the microstructure, deformation
mechanisms and ultimately the mechanical behavior of Mg alloys was emphasized
in this chapter. The average grain size of these alloys like AZ31B was fine enough
to provide both strength and ductility along with reduction of the basal texture
intensity contributing to shift in texture. Surprisingly, these alloys didn’t exhibit
twinning when studied using average misorientation although few twins can be
observed in optical micrographs. This may be due to the reason that most of the
grains inside twins might have recrystallized at 200°C and could be resolved only
through the EBSD technique. With increase in wt.% Al, the recrystallization
completion temperature also shifts to higher temperatures. The average grain size
and recrystallized grain size were lower in the case of samples rolled at 250°C in
contrast to 200°C for AZ31B alloys signifying the completion of recrystallization
in that temperature range. There was a suspected change in DRX mechanism from
CDRX in samples rolled at 200°C and 250°C to DDRX in samples rolled at 300°C
indicating the switch of DRX mechanisms as DRX gets completed in these alloys

but the change was unclear since recrystallized grains are also free of misorientation

In terms of precipitation, these alloys exhibited continuous precipitation at
lower temperatures whereas at the higher temperatures, there was a co-existence of

both continuous and discontinuous precipitation hence probing the need to
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investigate the balance between particle stimulated nucleation and Zener
pinning/solute drag effect. These alloys exhibited the right balance between pinning
and particle stimulated nucleation (PSN) to act as nucleation sites for dynamic
recrystallization and effectively curb grain boundary migration as well to form a
well refined microstructure. The material exhibited good mechanical behavior
(both strength and ductility) when rolled at higher temperatures. They also
exhibited significant strain rate hardening and excellent strain hardening rates due
to the ideal volume fraction of particles for precipitation hardening. The plate
shaped particles present in large proportion in samples rolled at 250°C also acted
as strengtheners by increasing the drag force exerted in grain boundaries in
comparison to the spherical counterparts.

Schmid factor maps suggested the invocation of non-basal slip systems in
all the samples which is a reason for the increase in ductility of these alloys when
tested under dynamic strain rates. This alloy in general proved to be good for
structural applications as assumed earlier. However, extensive studies need to be
carried out to study the texture of these alloys exclusively to ensure isotropic

behavior and prevent premature catastrophic failure in these materials.
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CHAPTER 5: Mg-9%Al
In this chapter, the focus would be on the effect of supersaturation of Al in Mg-Al
binary alloys. The maximum solid solubility of Al in Mg is 11.8 at. % at 710K.
This alloy was created with an intention to study the effect of overcrowding the Mg
system with supersaturation of Al. The alloy is particularly complex with
precipitation, different size ranges (both micro and nano-sized precipitation),
morphologies and mechanisms. The type, nature, morphology of precipitation will
be studied with the help of transmission electron microscopy (TEM). SEM-EBSD
will be used to study the other aspects such as deformation mechanisms, dynamic
recrystallization etc. similar to the work that has been done with Mg-6 wt.% Al
(A6) and AZ31B alloys. Again, the results of microstructure will be correlated with
their mechanical behavior under compression at different strain rates.
5.1 Optical microstructure

Fig. 5.1 shows the optical micrographs of the Mg-9 wt.% Al (A9) alloys (a) before
and after confined rolling at (b) 200°C, (c) 250°C, and (d) 300°C, respectively.
From the micrographs, it could be clearly seen that there was only partial dynamic
recrystallization in these alloys. The average grain size remained coarse (in the
order of 200pm and greater) for both the baseline and confined rolled alloys. Severe
deformation and extensive twinning could also be observed in the coarse grains.
The necklace structure which has been a common factor for both AZ31B and A6
rolled at lower temperature was missing in this case. Instead, the structure remains
intact at all the temperatures. The microstructure is composed of excessive number

of twins, stacking faults and shear bands. Again, this kind of a peculiar behavior
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could not be observed through the restricted resolving power of optical microscopy
and hence techniques like EBSD and TEM were necessary to understand the

deformation mechanisms, extent of recrystallization if any etc.

200 pm B _
i R = k , W W

Figur5.1 Opticl crograhs of A9 aIIs (@) be-for rIIin and after confined
rolling at (b) 200°C, (c) 250°C and (d) 300°C along normal direction (ND)
5.2 SEM - EBSD studies
Looking from the ND-IPF maps in fig. 5.2, the majority of the grains have their c-
axes parallel to the normal direction (ND) of the sheet (red color signifies grains,
with their basal poles oriented along ND) indicating strong basal texture. Twinning
has been found in samples rolled at 200°C and evidence of recrystallization inside
twins could be observed. The average grain size of the rolled alloys looks deceiving
when compared with the optical micrographs. This might be because EBSD

resolved even finer grains (possibly in nm scale) so the grain size values averaged

a lot lesser. The trend of the average grain size of the samples initially decreased
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with temperature and expectantly increased with temperature due to availability of

thermal energy for grain coarsening as observed in other alloys studied.
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5.2.1 Texture
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RD RD
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Figure 5.3 (a) —(c) Texture intensity along the ND of {0001} and {1010} planes
of A9 alloys confined rolled at (a) 200°C, (b) 250°C and (c) 300°C

Fig. 5.3 shows the {0001} and {1010} pole figures of the as-rolled plates. The
basal texture was not strong and had slight randomization probably due to the
combined effect of higher volume fraction of precipitates and confined rolling. c-
axis was no longer parallel to the normal direction at all the three rolling

temperatures. While there was no randomization in case of AZ31B and a slight shift
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in texture in case of A6 alloys, addition of 9 wt.% Al to Mg caused splitting of basal
poles in case of A9 alloys. It can be observed that in addition to the strong texture,
there is a weak texture where the c-axis is inclined towards the RD for the samples
rolled at 200°C and 250°C, but along the TD for the sample rolled at 300°C.
Textural intensity described in terms of MRD indicated qualitatively by the MRD
number above the color bar next to the pole figures is increasing in the order of
200°C > 300°C > 250°C. It was puzzling that despite very little dynamic
recrystallization being observed in these alloys, the texture appeared to be slightly

randomized and needed to be evaluated further.

5.2.2 Grain boundary character distribution (GBCD)
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Figure 5.4 (a) Grain boundary distribution and (b) Kernel average
misorientation distribution of A9 samples rolled at 200°C,250°C and 300°C along
ND
The GBCD map in fig. 5.4 (a) shows that the LAGB fraction (i.e., grain boundary
angle <15°) for samples rolled at 250°C and 300°C were higher compared to
samples rolled at 200°C and progressively increased as the rolling temperature was
increased. In the case of AZ31B and A6 alloys, the LAGB fraction was the highest

during their peak recrystallization temperatures of 150°C and 250°C respectively.

Hence, the increase in LAGB fraction in the case of A9 alloys indicated higher
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propensity of dynamic recrystallization when rolled at higher temperatures. KAM
values in figure 5.4(b) show local lattice distortion or localized deformation through
the presence of geometrically necessary dislocations (GNDs). The KAM maps
reveal that the regions with higher values of KAM accumulated lots of dislocations
and subsequently, sub-grain boundaries which can offer a sufficient strain gradient
for triggering CDRX [163]. The KAM maps show that samples rolled at 200°C and
250°C were more strained in comparison to the other samples. This result agreed
with the findings from A6 alloys where strain was higher at lower temperatures but
not with AZ31B alloys where dynamic recrystallization was complete at a rolling
temperature of 200°C and KAM values were low for all the samples with rolling
temperatures below it.

5.2.3 Average misorientation

The misorientation angle distribution of the rolled samples, obtained from the
EBSD data, is shown in fig. 5.5. It showed a higher fraction of grains with
misorientation angle <50° and a lesser fraction at higher angles >50° for all
samples. A steady evolution and reduction of misorientation was found at ~30°
and ~90°, respectively. To find the possibility of twinning, the grain boundary

character distribution was plotted.
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Figure 5.5 Misorientation angle distribution showing a progressive increase and
decrease of 30£5° misorientation and 86+5° twin boundaries, respectively, as the
rolling temperature increases

The fraction of twin boundaries decreased as rolling temperature increased. It is
expected that the contribution of twinning towards overall deformation would
decrease with increase in rolling temperature. Also, the volume fraction of twins
observed were much less or literally nonexistent at higher temperatures, giving
proof that slip was the dominating mechanism at 250°C and 300°C.

From fig. 5.7, it could be deciphered that the fraction of LAGBs became
gradually higher and another local peak aroused at 30+5° as rolling temperature was
increased. This peak became gradually evident as the temperature increased which

supports the observed dominance of 30° [0001] grain boundaries (GB) during

rolling, responsible for the nucleation of new [2110] basal fiber orientation in the
unDRXed grains through CDRX, speaking in terms of orientation. These 30°
[0001] GBs which have been observed in various recrystallized microstructures of

Mg alloys were mainly attributed to the formation of £13a coincident site lattice
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boundaries (CSL). Some molecular dynamic (MD) simulations suggest that such
GBs have both low interfacial energy and high mobility in comparison to other
boundaries due to the easy glide of Shockley partial dislocations making them an
easy route for accommodating sub-grain rotation [163]. This kind of grain boundary
is developed favorably to reduce grain boundary energy during grain growth.

At lower rolling temperatures such as 200°C, basal slip and deformation
twinning generally operate to comply with the strain incompatibility at the grain
boundaries, basal dislocations with <a> burgers vector accumulate near twin
boundaries and create huge internal stresses due to the remaining elastic distortion
exceeding the locally necessary CRSS for non-basal slip (which is usually much
larger than basal slip at lower temperatures). The rearrangement of these
dislocations give rise to HAGBs containing high density of dislocations along those
grain boundaries.

The microstructure of the sample rolled at 200°C was composed of many twins,
mainly consisting of compression twins (CTWs) of the type {1011} <1012>
(misorientation angle of 56°), followed by tensile twins (TTWs) of the type {1012}
<1011> (misorientation angle of 86°), and few double twins (DTWs) of the type
{1011}-{1012} [200]. Compression twins and tensile twins were marked by green
color in fig. 5.6 (a). These are the two most common twin modes of single twins
that form to accommodate compression strain and extension strain along the c-axis,
respectively. Tensile twins can grow thick and even overtake the grain and
generally reach profuse levels without causing material failure. However, they may

improve the material’s ductility while compromising the material’s strength. But
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the number and size of compression twins remains small and might nucleate a
second tensile twin inside their domain, which will eventually grow and fill the
compression twin lamella. This would result in a double twin. When a

compression twin transforms to a double twin (marked by the blue color in fig. 5.6

(a), it produces a misorientation angle of 37.5° about the <1120> axis. Presence of
higher number of double twins (marked by the red color) in these samples (as
shown in fig. 5.6 (a) indicate the transitioning of compression twins into double
twins. This fact is also reiterated by the misorientation angle distribution given by

fig. 5.6 (b).
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Figure 5.6 (a) EBSD map showing DTWs(red), TTWs(blue), and CTWs(green);
(b) evidence of recrystallization in twins and (c) grain boundary character
distribution showing the twin distribution

5.2.4 Twin induced recrystallization
Tension twins act as effective sinks for lattice dislocations along their boundaries,
hence they can grow easily[200]. The absorption of basal dislocations could also

relieve local stress and reduce dislocation pileups along the tension twin
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boundaries. Therefore, basal dislocations are not found to accumulate, irrespective
of the crystallographic orientation of the tension twins with respect to the applied
stress. Therefore, activation of recrystallization inside tension twins is not possible
due to inadequate levels of elastic strain energy [201]. In the case of the compression
and double twins, due to easy basal slip and accumulation of dislocations around
twin boundaries, recrystallization is often observed as seen in fig. 5.3b and

supported by [29, 201-203].

Figure 5.7 KAM map showing the distribution of stored strain energy in (a), and
in (b) a close-up illustration of the stored strain energy in the twinned location
marked by the yellow box in (a)

For parallel double twin arrays, recrystallized grains can only extend up to the
interior boundary of the twin since twin boundaries act as strong barriers for grain
growth. This results in the formation of bands of recrystallized grains. As seen in
the KAM map in fig. 5.7, due to the lower residual stored energy of the adjacent
grains, the recrystallized grains inside twins could not consume them and expand
into the neighboring deformed parent grains [202]. This is the reason why twin
induced recrystallization could not alter the texture of the material to a greater

extent in this case. But the recrystallized grains originating from DTW-DTW and
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DTW-grain boundary (GB) intersections will grow towards the deformed parent
grains and subsequently in the neighboring deformed grains, extending quickly into
regions of higher stored energy as seen in KAM map shown in fig. 5.7 during
further deformation eventually weakening its texture and improving its formability
[202].

5.3 Deformation mechanism
In this section, the effect of supersaturation of Al in Mg was studied with respect
to dynamic recrystallization modes and deformation mechanisms. The balance
between particle stimulated nucleation and Zener pinning/ solute drag needed to be
studied as the volume fraction of precipitates would be higher. It is suspected that
higher precipitation might also have an effect in evoking non-basal slip systems.
5.3.1 Grain orientation spread (GOS)
Grain orientation spread (GOS) is a measure of the material’s deformation
(particularly quantified through the distortion of grains). The GOS(i), or the

deformation of the i*" grain, can be determined by the following equation:

1

GOS(i) = o

Xjwij (5.1)
where J(i) is the number of pixels in grain i, wij is the mis-orientation angle between
the orientation of pixel j and the mean orientation of grain i [204]. Most of the
previous studies using this approach characterized the GOS threshold for dynamic
recrystallization to be 1°-2° for different materials since recrystallized grains tend
to have a uniform intragranular orientation [205-208]. But a recent study by A.
Hadadzadeh et al. delineated the recently recrystallized grains with GOS < 2° from

DRX-deformed grains with 2° < GOS < 5° (i.e., those that recrystallized at earlier



120

stages of the deformation) [209]. They concluded that DRX grains contributed to the
texture weakening and randomization whereas, the deformation of un-
recrystallized parent grains where the c-axis is oriented towards the deformation
axis is responsible for the basal texture of the material. As shown in figures 5.8(a-
c), in the case of the sample rolled at 200°C, the lower GOS value and lower
recrystallized area fraction could be attributed to recrystallization of the grains
inside twins. Although the average orientation spread value should decrease with
increase in rolling temperature due mechanisms such as dynamic recovery etc., in
the case of sample rolled at 250°C, it was higher than expected due to a larger
fraction of un-recrystallized deformed parent grains (with an accumulation of
dislocations and development of misorientation within them) and a lesser twin
fraction (thus a lessened scope for twin DRX). As the temperature reached closer
to the nominal recrystallization temperature i.e., 300°C (> 0.5Tm), more
considerable amount of DRX and relaxation mechanisms due to thermal energy
occurred along with grain growth; hence, the contribution to the GOS from the
deformed grains was reduced. Also, an increase in recrystallized grain size was
clearly observed. The analysis of the GOS corroborated well with the KAM and

GBCD maps.
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Figure 5.8 (a) — (c) GOS maps and (d) — (f) the corresponding recrystallized areas

partitioned using the GOS <2° criterion of samples rolled at 200°C, 250°C, and
300°C, respectively along ND
Compared to the 200°C and 300°C samples, along with the high GOS, KAM and
higher fraction of LAGBS, the recrystallized area fraction is also higher for the case
of the sample rolled at 250°C. These results are in line with the results from AZ31B
and A6 alloys where the lowest GOS was observed in temperatures where
maximum recrystallization occurred. If addition of Al to Mg shifts the

recrystallization to higher temperatures (150°C-200°C in case of AZ31B and 250°C

- 300°C in case of A6 alloys) then A9 alloys are expected to recrystallize at an even
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higher temperature than 300°C. However, recrystallized grain size would be very
large and would defeat the purpose.

5.3.2 Schmid factor

Fig. 5.9 indicates the predominance of basal slip at lower rolling temperature of
200°C. As the temperature increases, the Schmid factor values for basal slip
gradually start decreasing along with a concurrent increase of the Schmid factor
values of non-basal slip, particularly the pyramidal (c + a) slip system. The Schmid
factor maps also suggest the same trend with the activity of non-basal slip

increasing with rolling temperature.
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Figure 5.9 Variation of Schmid factor along ND with rolling temperature
From the Schmid factor maps in fig. 5.10, it can be inferred that as the rolling
temperature increases, the Schmid factor values for basal, prismatic, and pyramidal
| plane decreased and the pyramidal Il plane increased. This is because the CRSS
of the non-basal slip modes drastically decrease due to thermally activated

dislocation glide [22, 26, 210].
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Figure 5.10 Schmid factor maps for basal and non-basal slip systems for samples
rolled at 200°C, 250°C and 300°C respectively
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In this case, at 200°C, although twin based recrystallization occurred, it was not
effective to evoke non-basal slip systems. Only temperature was effective in
reducing the CRSS of the non-basal slip systems thereby activating them.

5.3.3 DRX mechanism

Continuous dynamic recrystallization (CDRX) consists of the continuous
rearrangement and absorption of dislocations at sub-grain boundaries. This
mechanism consists of the formation of low-angle grain boundaries (LAGB) at low
strains and a progressive increase of the misorientation of these sub-boundaries as
the LAGBs evolve into HAGBs. Fig. 5.11 illustrates line profiles of misorientation
along the line AB for samples rolled at different temperatures. It is evident that
there was an increase in misorientation of 15°-25° from point-to-origin, suggesting
that there was a gradual rotation of the orientation in the un-DRXed grain in all the
samples. The observation in all three samples provided sound evidence for the
occurrence of CDRX with high activity of LAGBs. In atypical CDRX mechanism,
it is inferred that the more mobile dislocations would activate and accumulate near

LAGBs which, with an increase in strain, will tend to transform into HAGBs.

This phenomenon was proved by the increase in low angle grain boundaries
(LAGBs) in this alloy as rolling temperature increased hence suggesting
deformation of coarse parent grains to form sub-structures. However, there was an
equally opposing force which didn’t allow CDRX to proceed was required to be
identified and it was probably related to precipitation. Hence, the need for
understanding the effect of supersaturation of matrix with precipitate particles was

reinforced.
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Figure 5.11 (a)-(c) HAGB map of samples rolled at 200°C, 250°C, and 300°C and
(d) —(f) the corresponding line profile of misorientations along the line AB in (a)-
(c) respectively
5.4 Effect of Precipitation

5.4.1 Continuous and discontinuous precipitation

In the case of Mg-9%Al, all the three samples showed both continuous and
discontinuous precipitation. However, at the rolling temperature of 200°C, the
proportion of discontinuous precipitates (DP) was much higher compared to

continuous precipitates (CP) and vice versa for the samples rolled at 300°C as

shown in fig. 5.12. In the case of sample rolled at 250°C, both the precipitates
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occurred simultaneously in equal proportions. In short, at 200°C, there were more
CPs but fewer DPs, at 250°C, they possessed fewer but larger CPs and mainly DPs
whereas at 300°C, the microstructure contained both coarser DPs and finer nano-

sized DPs.

At lower temperatures, grain boundary diffusion controls secondary precipitation
hence facilitating the formation of discontinuous precipitates at the grain
boundaries. As the temperature increases, bulk diffusion takes over which
encourages continuous precipitates to form. Also, these continuous precipitates
stop further discontinuous precipitation by reducing the amount of chemical driving
energy available for its initiation and propagation [108]. However, volume diffusion
should allow growth to occur at both the locations as well as facilitate transfer of
Al solute from the grain interior to the boundary, hence causing precipitate

coarsening.

Figure 5.12 (a-c) EBSD images of continuous and discontinuous precipitation in
samples rolled at (a) 200°C, (b) 250°C, and (c) 300°C respectively.
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5.4.2 Particle Stimulated Nucleation (PSN) and Zener pinning:

As observed from figure 5.13, particles acted as a nucleation site for LAGBs and
eventually became sub-grain boundaries. In addition to PSN, the presence of larger
volume fraction of particles was suspected to pin grain boundaries through the
mechanism of Zener drag. Particle pinning due to solute segregation resulted in
reduction of grain boundary mobility which may alter the activity of other
recrystallization mechanisms. For example, discontinous dynamic recrystallization
(DDRX) where nucleation occurs at pre-existing grain boundaries through grain
boundary serration and rotation of the resulting sub-grains is inhibited due to

reduced grain boundary mobility [119].

Figure 5.13 (a)-(c) LAGBs forming in contact with precpitates in samples rolled
at 200°C,250°C and 300°C respectively.

Improvement in strength of Mg-9%All alloys could be attributed partly to refined
DRXx grains but majorly to Mg17Al12 precipitates. The influence of these precipitates
in pinning dislocations through Orowan strengthening mechanism has been studied
and reported widely. The presence of Mgi7Al12 particles contribute to
accommodate local strain to reduce stored deformation energy leading to lack of
sufficient stored energy for stimulating recrystallization. Fine precipitates dispersed
in grain interior or at grain boundaries could produce the pinning effect on grain

boundary migration to restrict recrystallization [69].
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Interface between the matrix and second phase particles is also an important
factor for pinning dislocations in Mg alloys. Plate shaped Mg17Al12 phase generated
in the grain interiors was almost parallel to {0001} as basal precipitation. Neither
large nor thin basal precipitates are effective for pinning dislocation but the
spherical precipitates refined from rod shaped particles along grain boundaries have
a dominant influence in inhibiting recrystallization [69]. In the case of spherical
particles, size and volume fraction are two important factors. There is an important
criteria for the occurrence of recrystallization i.e. the driving force for
recrystallization (Fq) must be greater than the Zener pinning pressure (F;). In case
of AZ91, as calculated by Zhong-Zheng Jin et al. F, value increases from 1.4*10°
to 8.8*10° Nm2 with increase in deformation but F4 ranges from 0.8-1.0*10° Nm-
2, Since F, value is higher than Fq during both initial and subsequent (due to
variation in precipitate morphology) deformation stages, it implies that there is a
strong pinning effect of precipitates on grain boundaries and consequent inhibition

of complete dynamic recrystallization of the microstructure [69].


https://www.sciencedirect.com/science/article/pii/S1005030219301355#!
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Figure 5.14 Particles pinning grain boundaries shown in bright field (BF) and the
corresponding selected area diffraction (SAD) pattern in samples rolled at (a)-(b)
250°C and (¢)-(d) 300°C, respectively.

The drag pressure, Pz, exerted per unit area of grain boundary assuming random

distribution of spherical particles with radius, r and volume fraction, Fy, is given by

equation 5.2:

3F,
p, = (52)

It can be clearly seen that fine particles and higher volume fraction of precipitates
maximize the pinning pressure. In the case of A9, the high density of nano- and
micrometer-sized precipitates (as shown in fig. 5.14 and 5.15) act as strong barriers
for grain boundary migration hence, retarding recrystallization in all the three cases.

But in case of A6, dispersion and average size of precipitates was much uniform
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hence this pinning effect turned into an advantage by restricting grain growth rather

than excessively mitigating grain boundary migration.

Figure 5.15 Nano-scale precipitates dispersed inside coarse deformed
unrecrystallized grains at (a,b) 200°C, (c,d) 250°C, and (e,f) 300°C at higher (with
SAD patterns as inset) and lower magnifications, respectively. A higher
magnification was chosen for A9 samples at 300°C (c) to for visualizing
precipitate morphology due to the larger precipitate sizes at that temperature.

Pinning effectiveness of a particle distribution in mitigating grain boundary
migration is determined by volume fraction to radius ratio (%) according to

Humphreys and Hartherly [93]. They argued that the Zener pinning [192] pressure

plays a massive role in retarding primary recrystallization thereby affecting
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nucleation, growth, and recrystallization texture, although Baker and Martin, and
Chan and Humphreys reported otherwise [211, 212]. They further suggested the

. (R ) — o
critical 7”) is the key parameter controlling recrystallization kinetics where% <n<

1. Recrystallization of alloys containing bimodal particle size distributions
containing both coarse (> 1um) particles which act as sites for PSN and small
particles which pin the migrating boundaries was done by Nes [213]. In this case,
the driving pressure for recrystallization (Pp) is counterbalanced by Zener pinning
(Pz) in equation 5.3 to predict the critical particle size for nucleus growth, dg, as

given by equation where Fy and r refer to properties of the small particles.

_ 4 _ 4Yp
dg ~ Pp-P; pG2b2_3F2vryb (53)
4r
Dy = —= 5.4
lim 3F, ( )

Thus, the critical particle diameter for PSN, Diim increases as the Zener pinning
force increases, meaning fewer particles will be available as nuclei and the average

size of recrystallized grains increases. Also, the particle dispersion level
parameter,% , affects Zener drag pressure (Pz, see Equation 5.2), critical particle

siz, dg, number of viable recrystallization nuclei (see Equation 5.3), and the grain
size at which normal grain growth will stagnate (Diim, See Equation 5.4). The effect
of the particle dispersion parameter on grain size after recrystallization is given in
fig. 5.16 based on models predicted by Nes et al. and Wert et al. [213, 214]

There are three regimes in this graph.
1. % < A (Grain growth limited size): The primary recrystallization grain size in

this region is governed by the number of nucleation sites and a higher availability
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of them ensures increases the propensity of grain refinement. However, if the
material is treated at sufficiently higher annealing temperature, grain growth will
occur up to Diim. A minimum grain size can be achieved when Diim reaches the point

A.
2.A< %< B (Nucleation limited size): In this regime, recrystallization follows

the path of Dn as determined by the availability of nuclei. Since it is above the value

of Diim, abnormal grain growth occurs.
3. % > B (No recrystallization zone): Zener pinning is now enough to suppress

recrystallization and the precipitates stabilize the deformed microstructures.
Diim represents the grain size at which normal grain growth ceases. Dn represents

the recrystallized grain size after PSN. The number of available nuclei from large
. . F, - . . F
particles or other sites decreases as 7" increases. At some dispersion level, 7" > B

, the number of nuclei decreases to effectively zero, above which recrystallization

cannot possibly occur.

Confined rolled A9 samples lie in the regime of A < %< B, almost tipping

towards %> B due to the super-saturation of Al in Mg. This leads to the
availability of fewer nucleation sites for or the suppression of recrystallization.
AZ31B and A6 alloys lay in %< A regime where particle dispersion level is

controlled, and grain size refinement was achieved with grain growth limited by

Diim.
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Figure 5.16 Effect of particle parameters on recrystallized grain size [213, 214]

5.4.3 Precipitate Morphology

All the samples consisted of both [0001] precipitate (c-axis) rods and spherical
precipitates. However, the proportion of c-axis rods was higher for samples rolled
at 200°C; the proportion of spherical precipitates was higher for samples rolled at
300°C; while they were equal in proportion for samples rolled at 250°C (fig. 5.17).
J. D. Robson and co-authors [130, 213-215] researched the effect of particle shape
and habit plane on the deformation mechanisms of Mg alloys wherein they
compared the role of basal plates and c-axis rods. For randomly oriented spheres,
the effective interparticle spacing is indistinguishable on the prismatic and basal
planes since the probability of cutting a spherical particle and the in-plane diameter
would be the same with respect to both the planes. Therefore, the necessity for
replicating the same analysis for spherical particles was not found. They predicted
that c-axis rods are more effective strengtheners for basal and prismatic slip in
comparison to plates and spherical particles since the probability of a plate/sphere

being intersected by a basal plane is very low and the Orowan stress, At (see
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equation 5.5) required to bypass rod shaped precipitates is higher. Also, the aspect

ratio plays a major part in this strengthening effect.

Figure 5.17 Precipitate morphology in samples rolled at (a) 200°C, (b)250°C, and
(c, d) 300°C, respectively.

As the aspect ratio of the rods increase, they become more “rod-like” which
increases the strengthening effect further. But as the basal plates become thinner

and broader (“plate-like”), their predicted strengthening effect reduces.
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Figure 5.18 (a) Effective inter-particle spacing and (b) Orowan stress of various
precipitate morphologies [130, 214-219]

Effective inter-particle spacing (1) and mean planar diameter (dp) also play a major

role in enhancing dispersion strengthening in these alloys. Although the precipitate
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number density per unit area of slip plane of matrix phase can be increased much
more effectively by [0001]. rods, prismatic plates are much more efficient in
reducing the inter-particle spacing (see fig. 5.18a) [130, 214-219].

However, in the case of twinning, due to lattice rotation, basal plates can
become effective barriers for preventing basal slip in a twinned material. In
contrast, the c-axis rods fail in preventing basal slip in a twinned material as they
lie in the basal plane and are poorly oriented to intersect the basal slip planes. Also,
the c-axis rods are predicted to increase asymmetry. In the case of the A9 alloys
rolled at 200°C, deformation twinning was observed as a major deformation mode.
So, plastic relaxation of the stress concentration (cracks/voids formed or flow
localization in the vicinity of the twin boundaries or tips) is limited. Although
[0001], rods being an effective strengthening mechanism (figure 5.18b) against
basal slip were present, lack of plastic relaxation mechanisms caused early failure
in the materials[220].

In the case of A9 samples rolled at 250°C and 300°C, absence of twinning,
the activation of pyramidal <c+a> slip, increase in the mean diameter of particles,
and reduction in the effective inter-particle distance played a crucial part in
relatively improving the strength of the materials which will be discussion in the
upcoming section. This is similar to the mechanisms observed in case of A6 alloys
where inter-particle distance was still effective enough to provide better mechanical
behavior in terms of both strength and ductility with confined rolling helping

randomize texture to a certain extent.
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5.5 Mechanical properties under compression

5.5.1 Stress- strain behavior at different strain rates under compression
Quasi-static (1x102s?) and high strain rate (1x10%s?) experiments were performed
in compression using an INSTRON model 5582 Universal testing machine and a
conventional Kolsky Bar, or Split Hopkinson Pressure Bar (SHPB), respectively.
As seen in fig. 5.19, at quasi-static rates, the strain hardening rate varied with
temperature with samples rolled at 250°C exhibiting the highest value among
others. The sigmoidal shape of the quasi-static compression curves (fig. 5.19 (a))
indicates profuse twinning in this material. Although it was observed that the
samples rolled at 200°C had extensive twinning, the stress-strains curves at quasi-
static rates didn’t possess sigmoidal shape probably due to recrystallization of
grains inside twins during the testing process. This reasoning can be extended to
the behavior of this material at higher strain rates as well. The presence of double
twins has been correlated to void and crack formation along with flow localization
in the vicinity of the boundaries due to the unavailability of plastic deformation
mechanisms to relieve stress concentrations [19, 221, 222].

The presence of double twins in samples rolled at 200°C might be a reason
for their relatively lower strength and ductility. Samples rolled at 300°C showed
the highest compressive strength although samples rolled at 250°C came to a close
second in comparison to the other samples. Although, ductility was roughly halved,
relative increase in compressive strength (as compared to the solutionized baseline
material) was lesser (~35-40%). The reason for change in yield strength of materials

rolled at 200°C and 300°C could be perhaps attributed to the change in texture and
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splitting of basal poles due to confined rolling. The hypothesis is, at the rolling
temperature of 300°C, the volume fraction of fine precipitates would be
comparatively less due to the depleted solute content. Hence, until a certain strain
level was reached, there was no contribution from these precipitates toward
hardening. On the other hand, fine precipitates present in the samples rolled at lower
temperatures might have influenced the onset of yield.

In contrast, at dynamic loading conditions, the same alloys exhibit higher
strength and malleability as the rolling temperature increased. All the samples
exhibited extensive work hardening, especially the samples rolled at 250°C and
strain rate hardening i.e., the strength increased with strain rate. Zener pinning
effect imposed by the nanometer-sized continuous precipitates could be a reason
for such a behavior. Sigmoidal curve still persists at 250°C indicating twin based
recrystallization mechanisms do not work much in this temperature range. Perhaps,

the orientation of twins might have not been favorable for recrystallization.
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Figure 5.19: (a) Quasi-static and (b) dynamic compressive behavior of A9 alloys
rolled at different temperatures along ND

The observed flow stresses at dynamic strain rates were higher in comparison to
quasi-static rates hence signifying that the alloys at those temperatures could be

strain rate sensitive. In comparison to conventional severe plastic deformation
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methods, the compressive properties of these confined rolled alloys in both the
strain rates were far superior to AZ31B with similar range of grain sizes produced
through conventional rolling and ECAP [223, 224]hence proving confined rolling
serves as an advantage to them both in terms of mechanical properties and texture.
AZ31B and A6 alloys failed at higher strain levels in comparison to A9 alloys at
quasi-static strain rates. The driving force for Zener pinning and recrystallization
was balanced in case of alloys with lower Al content and precipitation in general.
But in the case of A9, Zener pinning and solute drag was very extensive thereby
reducing the driving force for recrystallization and hence, failing at lower strains
due to reduced scope for plastic deformation.

5.5.2 Strain hardening rate and coefficient

It can be observed from fig. 5.20(a), that the initial hardening stage (Stage IlI
hardening) for all the three samples with respect to the strain hardening rate was
the same. However, the difference lies in the Stage IV hardening which was
attributed to slip assisted deformation. Samples rolled at 200°C and 250°C did not
harden as true strain increased but samples rolled at 300 did. There was rapid drop
in hardening and then increase in hardening with samples rolled at 300°C due to the
larger size of precipitates observed from the microstructures at the later stage of
deformation. Although the presence of high-volume fraction of precipitates and rod
morphology of precipitates can be effective against dislocation movement,
reduction in Orowan stress to cut/bow finer precipitates at higher stress might be a

reason for not blocking dislocation motion effectively and lowered hardening.
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Higher the magnitude of strain hardening exponent, greater is the strain hardening
for a given amount of plastic strain. From fig. 5.20 (b), it was observed that the
strain hardening coefficient reduced as strain rate increased and the samples rolled
at 200°C exhibited increase slope of the strain hardening coefficient curve. With
increase in addition of Al content to Mg, shift in recrystallization temperatures have
been observed. Perhaps, for this alloy the starting point for intense grain
deformation leading to recrystallization occurs at 300°C (recall for AZ31B and A6

alloys, it is 150°C and 250°C respectively) and hence the value of strain hardening
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Figure 5.20: (a) Strain hardening rate and (b) Strain hardening coefficient of A9
alloy along ND.

5.5.3 Strain rate sensitivity (SRS)

The SRS can be described as the change in flow stress corresponding to increasing

. . dl . - .
strain rates defined by ﬁ where o is the flow stress and £ is the strain rate.

Generally, the strength of the materials should increase with strain rate since the
high strain rate limits the time required for plastic deformation and the deformation
resistance force generated in the material cannot be reduced [167]. The value of

SRS showed a decreasing trend until 250°C after which it started to increase. The
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increase or decrease in these values could be attributed to various factors like
change in deformation mechanism, grain size (DRX), volume fraction of
precipitates etc. [225]. On one hand, at quasi-static strain rates, deformation is
controlled by thermal activation and the strength of the material increases slowly
with increase in strain rate. On the other hand, at dynamic strain rates, dislocation
drag mechanism takes the front stage and relationship between strength and strain
rate becomes linear.

At 200°C, the given strain rate sensitivity value ranges between 0.025-0.035
which confirms the contribution of basal slip being a dominant deformation
mechanism. In fact, the strain rate sensitivity is zero up to ~2% strain which could
be attributed to the occurrence of twinning during the early stages of plastic
deformation (fig. 5.21) The presence of mechanical twins can be observed from

the graphical representation of the average misorientation shown in fig. 5.5.
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Figure 5.21: Strain rate sensitivity (SRS) of A9 alloy along ND.
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The higher values of strain rate sensitivity at lower strains for samples rolled at
300°C is due to the activation of non-basal slip systems, primarily pyramidal Il
cross-slip (since basal slip and deformation twinning exhibit low and almost rate-
insensitive behavior) [171, 193]. But the lower value of SRS at higher (9%) strain

is due to the reduction in propensity of grain boundary sliding (GBS) due to grain
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size effect and significant dynamic grain growth caused by reduction of interfacial
energy at 300°C.
Figure 5.22: Fracture surface SEM macro (a,b,d) and micrographs (c,e) of A9

alloys confined rolled at 200°C, 250°C and 300°C respectively after quasi-static
compression along ND
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The reason for the almost strain rate insensitivity at 250°C still needs to be
understood perhaps, the competing factors such as smaller grain size and the
transition between twin-dominated flow at lower temperatures to non-basal slip
based flow at higher temperatures might be considered as a reason [170, 171, 193]
5.5.4 Fracture surface analysis under quasi-static compression:

Figure 5.22 depicts both the macroscopic and microstructural perspective of the
fracture surfaces in A9 alloys. The samples tested under dynamic compression were
crushed into tiny pieces and hence, could not be recovered for fracture surface
analysis. These samples, similar to A6 and AZ31B underwent shear failure with
fracture lines running across the sample oriented at 45° with reference to the
orientation during loading. A similar observation of localized shear flow on both
sides of the shear band due to the presence of a strain gradient across the fracture
line was observed in this case too (marked by red arrows). Actual fracture surface
included sheet like micro-facets especially at 200°C and 250°C almost like a brittle
fracture.

This might be due to excessive precipitation (Orowan stress might be lower for fine
precipitation) and unavailability of non-basal slip systems at lower temperatures.
The observation of tearing regions was in line with that of A6 and AZ31B alloys.
As temperature increased, the microstructure hosted shallow dimples showing
evidence for ductile fracture at higher temperatures. An interesting observation that
set apart A9 alloys from others was the presence of voids/fissures in fracture surface

of samples rolled at lower temperatures apparently looking like precipitates were
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chipped off from the structure reiterating the fact that precipitates were not effective

in resisting dislocation motion.

5.6 Chapter summary
Adding 9 wt.%Al to Mg definitely had an influence on the microstructure,
deformation mechanisms and ultimately affected the mechanical properties. The
microstructure was not recrystallized and remained coarse grained at all the rolling
temperatures studied. There were traces of dynamic recrystallization observed
especially inside the twins. However, recrystallization was incomplete in this alloy,
unlike AZ31B and A6 which recrystallized to near completion at 200°C and 300°C
respectively. Increase in wt% Al pushed the recrystallization to higher
temperatures. Confined rolling was successful in this case to randomize texture in
comparison to other alloys. The competition between Zener pinning/solute drag and
recrystallization mechanisms turned into a conflict in this case and precipitates were
aggressive in pinning the grain boundaries thereby not allowing its movement and
hence affecting recrystallization. In terms of precipitation, both continuous and
discontinuous precipitates were observed with coarse precipitation along grain
boundaries and nano-sized precipitates inside the grains. The decreased
interparticle spacing increased the Orowan stress value thereby increasing its
strength at the cost of ductility which could be seen through quasi-static
compression stress-strain curves. The material exhibited strain rate hardening and
the work hardening rate was higher for samples rolled at lower temperatures.

Fracture surface analysis showed shear localization and evidence of particles being



144

peeled/chipped off of the material during testing. Samples rolled at higher

temperature showed evidence of ductile fracture by means of shallow dimples.

CHAPTER 6: SUMMARY AND CONCLUDING REMARKS

The last three chapters elaborately discussed three Mg alloys, namely AZ31B (a
commercial alloy with composition: Al~3%, Zn~1%, Mn/Si/Cu/Ca/Fe/Ni -traces,
Mg- remaining) and two binary alloys Mg-6%Al (A6) and Mg-9%Al (A9). These
alloys were holistically studied for the effect of thermo-mechanical
processing/severe plastic deformation i.e., confined rolling and change in
composition i.e., in terms of %Al. It is easier to compare the commercial alloy,
AZ31B with A6 and A9 since no new phases will be formed if Al: Zn ratio exceeds
by 3:1. These alloys were fabricated and confined rolled after which they were
characterized for microstructure (dynamic recrystallization, effect of
microstructural features such as size, volume fraction, distribution, morphology,
location of twins, precipitates)/ texture using optical microscopy, SEM (EBSD) and
TEM and tested for mechanical behavior under compression at quasi-static and
dynamic loading rates.

Aluminum is the most widely used alloying element of magnesium alloys
for its use in structural applications. Zheng et.al [225] correlated the effect of
addition of Al from 1% to 9% to grain size reduction from 3097um to 111um and
increase in hardness from 36.3HV to 50.1HV while attributing it to the solution
strengthening by Al solubilized in the a-Mg matrix. In the present work, the average

grain size of AZ31B, A6 and A9 are summarized in table 6.1 below:
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Table 6.1 Comparison of average grain size of AZ31B, A6 and A9 alloys

Rolling temperature (°C) AZ31B Ab A9
200 53+4.7 um 31£52um |15.65+8.2 um
250 9.6+7.4um 9.4+3.8um 7.9+ 3.5um
300 20.7£7.1pym 19+65um | 16.5+£85pum

AZ31B showed signs of recrystallization at a lower temperature approximately
between 150°C and 200°C whereas A6 and A9 started showing recrystallization
only at 200°C. A6 showed complete recrystallization between 250°C and 300°C
whereas A9 didn’t show signs of complete recrystallization at any rolling
temperature. The numbers provided in the table for A9 alloys were slightly
deceptive since optical microscopy didn’t show such a refined microstructure.
Hence, multiple EBSD images must be mapped together, and then statistical

correlation needs to be done especially for A9 alloys
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Figure 6.1 Volume fraction of - Mgi7Al1. precipitates with varying Al contents
in Mg-Al alloys using NMR spectroscopy [226]

. The reason for A9 not getting completely recrystallized was attributed to the
competition between particle stimulated nucleation and solute drag by Zener
pinning mechanism. Also, high volume fraction (precipitates occupy ~10 vol% of
the microstructure as per fig. 6.1 [226]) and dispersion of precipitates placed the
alloy in such a regime where Zener pinning was enough to suppress
recrystallization and particles stabilized the deformation microstructures.
Comparison of average recrystallized grain sizes based on the GOS criteria indicate
the early recrystallization process of AZ31B in comparison to the binary alloys as
shown in table 6.2.

Table 6.2 Comparison of average recrystallized grain size of AZ31B, A6 and A9

alloys
Rolling temperature (°C) | AZ31B A6 A9
200 3.69 um | 11.92 ym | 8.31 um
250 7.62um | 6.97 um | 8.33 um
300 15.11 um | 13.06 um | 12.41 um

Grain boundary character distribution (GBCD) of these alloys suggested that the
higher amount of LAGBs (misorientation angle <15°) was found in samples rolled
at 150°C, 200°C/250°C and 250°C/300°C for AZ31B, A6 and A9 respectively.
Kernel average misorientation (KAM) values also indicated an increase in strain
for samples rolled below 250°C indicating the amount of stored energy available
for recrystallization. The above observations confirm the interpretation of
approximate recrystallization completion temperature (except A9 alloys) and
evolution of recrystallized microstructure.

Table 6.3 Comparison of texture intensity of AZ31B, A6 and A9 alloys
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Rolling temperature (°C) | AZ31B | A6 A9
200 15.70 | 42.65 |23.13
250 17.44 |15.21 |31.28
300 33.95 |18.01 | 29.74

Comparative textural intensity of the alloys represented in table 6.3 suggested
strong basal texture i.e., c-axis is parallel to ND in all the alloys especially AZ31B.
However, the textural intensity was reduced in samples where higher recrystallized
fraction was observed. As per this observation, texture intensity was the lowest at
200°C and 250°C for AZ31B and A6 alloys with textural intensity for A9 alloys
almost same for all temperatures indicating the incompletion of recrystallization
process in these alloys.

Average misorientation of AZ31B and A9 indicated the presence of
extension 86+5° tensile twins (TTWSs) {1012} < 1011 > in the microstructure at
lower rolling temperatures of 150°C and 200°C respectively. As rolling temperature
increased, 30° [0001] grain boundaries indicative of dynamic recrystallization was
progressively seen to increase along with decrease in extension twins. However, in
case of A6, it was hypothesized that all or most of the twins might have
recrystallized at lower temperatures due to the presence of optimal volume fraction
of precipitation for PSN inside twins.

Schmid factor analysis for AZ31B suggested that the persistence of basal
slip as a predominant slip system but in the case of A6 and A9, invocation of non-
basal slip systems especially pyramidal <c+a> slip systems was observed. In A6,
compatibility stress at grain boundaries which sweeps the entire volume due to finer
grain size and in A9, thermally activated dislocation glide was attributed as reasons

for increased activity of non-basal slip systems respectively. With respect to
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dynamic recrystallization mechanism, AZ31B showed consistent discontinuous
dynamic recrystallization (DDRX) at all rolling temperatures whereas for A6,
transition from continuous dynamic recrystallization (CDRX) to DDRX was
observed at higher temperatures (300°C). Interestingly, in A9, CDRX was the
prominent mechanism at all rolling temperatures.

Due to less volume fraction of - Mg17Al12 precipitates available in AZ31B,
a lot of information on precipitation was not available in EBSD studies. For A6,
continuous precipitation appeared to be predominant for samples rolled at 200°C
and 300°C and for samples rolled at 250°C, continuous and discontinuous
precipitation seemed to co-exist. For A9, proportion of continuous precipitates was
higher at 200°C and equal proportion of both kinds of precipitation at 250°C and
300°C. Evidence for particle stimulated nucleation (PSN) and Zener pinning (solute
drag) were observed in both A6 and A9 alloys. In case of A6 alloys, outstanding
grain refinement was observed due to the right balance between pinning pressure
from coarse particles which mitigated grain growth by slowing grain boundary
migration and nano-sized precipitates acting as nucleation sites for
recrystallization. However, in case of A9 alloys, although PSN was observed,
particle dispersion and higher volume fraction of precipitates maximized pinning
pressure thereby minimizing grain boundary movement and reduced the
availability of nucleation sites suppressing recrystallization. Hence, the deformed
structure was not completely recrystallized.

Precipitate morphology for A9 varied from predominance of c-axis rods and

spherical particles for samples rolled at 200°C and 300°C respectively with equal
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availability of both precipitate shapes for samples rolled at 250°C. In A6, all the
samples had a mixture of both spherical and ellipsoidal particles at all rolling
temperatures. The presence of higher volume fraction ellipsoidal particles at 250°C
was attributed as a reason for exceptional drag force exerted in turn refining the
grain size of these alloys.

Quasi-static and dynamic compression experiments (different strain rates)
were performed on these alloys. All the alloys showed increase in compressive
strength in comparison to baseline alloys after confined rolling at quasi-static rates.
While A6 and A9 showed exceptional strain rate hardening i.e., increase in
compressive strength with increase in strain rate, AZ31B showed no or reverse
effect due to change in strain rate. The compressive properties of both A6 and A9
are superior in comparison to AZ31B with A6 showing best mechanical properties
during high strain rate compression probably due to the ideal volume fraction of
precipitates and small grain size achieved due to dynamic recrystallization.
Ductility of A9 alloys were inferior compared to other alloys and same observations

were obtained in the literature [227] as shown in the figure below.
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Figure 6.2 Typical stress-strain behavior of Mg-Al alloys as a function of
%AI[226].
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A comparison of compressive behavior of AZ alloys with different %Al as
available in literature versus current work given by figure 6.3 show similar trend of

decreasing ductility and increasing compressive strength with increase in %Al.
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Figure 6.3 Typical compressive stress-strain curves of Magnesium alloys varying
%Al observed in (a) literature [198] versus (b) current work at quasi-static strain
rates.

Strain hardening rate of AZ31B, A6 and A9 alloys rolled at 150°C, 200°C and
250°C respectively was also examined. In AZ31B, presence of extension twins
contributed to strain hardening through texture hardening while in A6 and A9,
presence of higher volume fraction of precipitates and rod-shaped precipitation as
effective barriers for dislocation motion was pointed out as a reason for their better
strain hardening response. In all the three alloys, strain hardening coefficient
reduced with increase in strain rate. Strain rate sensitivity (SRS) of alloys was the
lowest in the temperatures where completion of dynamic recrystallization occurred
except A9 where dynamic recrystallization never occurred for the complete

microstructure.

In summary, all the three alloys showed good response to thermo-

mechanical processing/severe plastic deformation and improved in compressive
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strength both in quasi-static and dynamic strain rate regime. Texture randomization
was slightly achieved in the alloys due to the effect of confined rolling in case of
A6 and A9 alloys. While AZ31B and A6 showed exceptional grain refinement due
to the presence of optimal amount of precipitation, presence of necessary stored
energy and right balance between the Zener pinning pressure (solute drag) and
particle stimulated nucleation (PSN), A9 didn’t undergo complete recrystallization
due to the solute drag pressure of deformed grains remarkably exceeding the
driving force for nucleation. AZ31B at 175°C and A6 at 250°C proved to be the
best composition-processing combination for obtaining the optimal strength and
ductility and slight randomization in texture aided by almost complete deformation

assisted dynamic recrystallization.
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CHAPTER 7 FUTURE WORK
In this thesis, the structure-property relationship of Mg-Al based alloys was
analyzed in detail using advanced microscopic techniques such as SEM-
EBSD/TEM and mechanical testing under quasi-static and dynamic compression.
A fundamental understanding about complex deformation and dynamic
recrystallization mechanisms due to the combined effect of addition of Al to Mg
matrix and confined rolling was developed. However, some questions still need
answering and the following aspects need to be analyzed for a thorough

understanding of these alloys.

1. An elaborate transmission electron microscopy (TEM) study on the rolled
specimens in terms of twin-precipitate interaction, twin DRX, precipitation-
dislocation interaction, precipitation-matrix coherency and orientation relationship,
precipitate morphology etc. needs to be done.

2. Finite element analysis (FEA) based modelling study should be done to analyze
the stress states developed during confined rolling in comparison to conventional
rolling.

3. Hot compression studies of solutionized alloys for studying starting temperatures
for dynamic recrystallization at rolling strain rates to fix the temperature of rolling

operation needs to be done.
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